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PREFACE

The history of dislocation theory is divided into three overlapping
stages. In the first stage ingenious simple ideas emerged and gave
natural qualitative explanations for many of the mechanical properties
of erystals—for example, the low mechanical strength. In the second
stage, the explanations became more detailed and speculative and were
extended to a wider range of observations; it became the fashion to
invent a dislocation theory of almost every experimental result in plastic
deformation. Finally, it became apparent that dislocations could
explain not only any actual result but virtually any conceivable result;
usually in several different ways. This led to the third stage which is a
critical step-by-step development of basic theory from first principles
and a search for clear-cut experimental checks of the theory; here the
emphasis is on theories that apply directly in a limited area rather than
comprehensive speculative theories that embrace, somewhat loosely, a
wide range of phenomena. This book is an introduction to dislocations
from the viewpoint of the third stage.

Some apology should perhaps be given for a textbook on a subject that
is changing and growing as rapidly as the dislocation theory of crystals.
My hope is that a clear introductory account of what has already been
definitely established will help the subject grow more rapidly into a
branch of solid-state physics capable of aiding practical metallurgy.
There is a general impression that dislocation theory is an open field for
the speculations of theoretical physicists who dabble in metallurgy; the
different bits of theory appear as a hodgepodge of ingenious but arbitrary
creations. I have tried to present the other side of the picture and
develop the basic ideas as a coherent body of knowledge following
directly from accepted physical principles and the definitions peculiar to
dislocation theory.

The subject matter of the book can be divided roughly as follows:

Geometry and Crystallography. Only the simplest ideas of ecrystal-
lography are required. A number of pictures illustrate what dislocations
are and how they move. The pictures show both atoms and macro-
scopic crystals and illustrate the connection between what the atoms
do and what one can observe. The figures are especially designed to
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X PREFACE

clarify the three-dimensional concepts that are essential but cannot
adequately be introduced in words.

Quantitative Theory. No mathematics beyond calculus is presupposed.
A few basic ideas with concrete examples show how quantitative calcu-
lations can be made for particular crystals.

Applications. The dislocation theories of crystal growth and grain
boundaries are discussed; these fields are outstanding because unique
predictions can be made and compared with experimental measurements.
In both fields speculation has been largely absent and basic theory has
been applied successfully. A chapter is devoted to Frank’s theory of
crystal growth and its dramatic experimental verification. Four chap-
ters deal with grain boundaries. For teaching dislocation theory, the
theory of grain boundaries is an ideal application because (1) almost all
dislocation theory can be used and no other specialized branches of
physics are required; (2) the array of dislocations on a grain boundary
is known, in contrast to most applications, where an array has to be
postulated; and (3) good experiments are being done which test the
theory.

It is a disappointment that I can offer only fragments of a theory of
mechanical properties, strength, plastic deformation, and work hardening
—these are the most important applications of dislocation theory from a
practical viewpoint. However, it appears to me more profitable to
recognize that at present there is no systematic general theory that is
convincing or widely accepted. Instead of reviewing current specula-
tions (or adding others), I have tried to give the student and prospective
researcher a sound foundation that will help him to attack these problems
successfully and eventually bring them from the area of speculation into
the area of applied science.

Throughout the book, I have had in mind, especially, the reader who
is using it as a text in a self-taught course. I have tried to play, as far
as possible, the role of tutor as well as author. In particular I have
encouraged the reader to anticipate steps in the argument and to work
out proofs and answers to questions before reading on to the proofs and
answers that follow. Exercises are included both in the text and at the
ends of the chapters. Some of the text exercises are straightforward
steps in the argument—steps conventionally covered by, ‘“From the
preceding results, it follows that. . . . ”” Some of the text exercises
involve extending the arguments to new cases. Both the text and the
exercises encourage a simple physical way of thinking based on pictures.
Some of the exercises involve making drawings similar to those in the
text. The problems at the ends of the chapters are similar to the text
exercises but include also some mathematical thinking,
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In a textbook of this type, it seemed undesirable to develop the sub-
ject from a historical viewpoint. Other authors and their works are
mentioned where they are natural references for supplementing the text.
I have made no particular effort to trace historical origins; the fact that
many distinguished names are not often mentioned does not imply any
lack of respect for their contributions.

I was encouraged to write this book by W. Shockley, J. H. Hollomon,
and Morris Cohen. I wish to thank the many physicists and metal-
lurgists who read the earlier mimeographed version and offered helpful
comments. The comments of W. Shockley, F. C. Frank, J. D. Eshelby,
and H. Brooks—to mention only a few—were especially valuable. In
particular, I am indebted to two colleagues at the Bell Laboratories:
Charles S. Smith analyzed the text in detail from the pedagogical view-
point and suggested many improvements in presentation. J. F. Nye’s
thorough and stimulating discussion of the first two versions was responsi-
ble for much of the improvement in the final version.

I found A. H. Cottrell’s forthcoming book on dislocations helpful and
wish to thank him for sending me a manuscript.

The figures owe much to the painstaking work of Miss D. T. Angell,
who did many of the original drawings. H. P. Gridley and Company
did the final drawings and many of the original layouts.

I am especially grateful for the kind cooperation of the several typists,
and in particular Mrs. I.. E. Weinberger, who produced clear typescripts
from my much revised handwritten notes.

W. T. Read, Jr.
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CHAPTER 1

WHY DISLOCATIONS?

Dislocations are responsible for the plastic deformation of metals and
other crystalline solids. This book explains what dislocations are, what
they do, and how they produce effects that one can observe and measure.
The presentation is based on physical arguments and centers around the
numerous drawings. What is definitely known about dislocations is dis-
tinguished from what is speculated ; the latter is given little attention here
(it is more than adequately covered in the literature).

This chapter outlines the plan of the book—after briefly discussing
what dislocation theory is trying to do.

1.1 Imperfections in Crystals. Taylor, Orowan, and others introduced
dislocations into physics in the 1930’s; they were interested in under-
standing what the atoms do when a crystal deforms. The understanding
of crystals in terms of atoms has two parts: (1) the theory of perfect
crystals, (2) the theory of imperfections; dislocations come under 2.

In calling a crystal perfect, we mean that the atoms form a regular
pattern (such as face-centered cubic or body-centered cubic). By an
imperfection we mean a small region where the regular pattern breaks
down and some atoms are not properly surrounded by neighbors. By
small we mean that the region extends only a few atomic diameters in at
least one dimension. A lattice vacancy is a simple example of an imper-
fection. We shall not use the term imperfection to include elastic strains,
thermal vibrations, or other small distortions that leave the crystal struc-
ture clearly recognizable.

Most of the progress in crystal physics has been in 1 above. One can
understand many properties of crystals by regarding them as perfect, that
is, the imperfections contribute in proportion to their uslativ’)lume;
therefore, in reasonably good crystals they can be neglected. Such
properties are called structure insensitive; some examples are elastic con-
stants, resistivity, density, and heat capacity. Other properties (such
as mechanical strength) are highly sensitive to crystal perfection; even
one imperfection of the proper type could reduce the strength by orders of
magnitude. Internal friction and creep rate are other structure-sensitive
properties.

This book deals with imperfections of structure; examples are vacancies,

1



2 WHY DISLOCATIONS?

interstitial and impurity atoms, stacking faults in close-packed crystals,
twin boundaries, and in particular, dislocations. Structural imperfec-
tions should be distinguished from electronic imperfections (such as holes
in the valence bonds of semiconductors).

This book develops dislocation theory as part of the study of imperfec-
tions. The concept of an imperfection is a shorthand for describing the
positions of a large number of atoms—it is much easier to describe crystals
by listing the imperfections than by giving the position: of every atom.
The theory of imperfections is useful for (1) describing structures, (2)
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Fi1a. 1.1 The slip that produces an edge-type dislocation. Unit slip has occurred
over the area ABCD. The boundary (within the crystal) of the slipped area is a
dislocation. By definition, the edge dislocation AD is normal to the slip vector.

finding energies, and (3) describing processes such as deformation, anneal-
ing, and grain growth. This book shows that dislocation theory is a
major part of the imperfections shorthand; throughout the book reasons
will emerge for believing that the concept of a dislocation describes—at
least to an approximation—what actually goes on when, for example, a
metal deforms.

The remainder of this section gives a simple example to illustrate what
a dislocation is. Section 1.2 discusses the nature of dislocation theory;
Sec. 1.3 outlines the plan of the book. Section 1.4 enumerates some of
the practical problems that dislocation theory is trying to solye. At
present, dislocation theory is the most promising theoretical approach to
these extremely difficult and important problems.

Now the simple example of a dislocation. Begin with the idea of slip:
In the ideal case, a crystal deforms by planes of atoms sliding over one
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another—like cards in a deck. There is one unit of slip on a slip plane if
every atom on one side of that plane has moved into a position originally
occupied by its nearest neighbor in the direction of slip. Thus unit slip
leaves the atoms in register across the slip plane and does not disturb the
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Fia. 1.2 A plane of atoms normal to the line AD of Fig. 1.1. The dislocation is a
region of severe atomic misfit, where atoms are not properly surrounded by their
neighbors. (a) The elastic strain around the dislocation; the arrangement of atoms
at the center of the dislocation is not known exactly. (b) An approximate arrange-
ment. The symbol L denotes the dislocation. Note that the dislocation is the edge
on an incomplete atomic plane; hence, the name edge dislocation.

crystal perfection. In most real crystals, however, slip is not uniform
over a slip plane. Figure 1.1 shows a crystal where unit slip has occurred
over only a part of a slip plane; the rest of the plane remains unslipped.
The line AD is the boundary within the crystal of the slipped area ABCD.
Figure 1.2 shows the atoms viewed along AD. The imperfect region
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along AD is one type of dislocation—called an edge dislocation. It is
denoted by the symbol 1. Observe that one atom in the figure is not
properly surrounded by neighbors. Observe also that, if the dislocation
were to move across the slip plane (from one side of the crystal to the
other), the crystal would deform (see Fig. 4.2)—hence the connection
between dislocations and plastic deformation.

1.2 The Nature of Dislocation Theory. At present there is no unique
dislocation theory of crystals. Rather, dislocation theory is a conceptual
scheme for describing possible atomic mechanisms. Which mechanisms
operate in actual crystals can be determined only by decisive experiments.
The second part of the book shows how dislocation theory has stimulated
several decisive experiments.

In this field (as in other fields of physics) the hand-in-hand advance of
theory and experiment requires that we do two things: The first (and by
far the easier) is to develop dislocation theory systematically from
explicitly stated definitions and assumptions. Following this procedure,
we find the possible dislocation types, derive the properties of individual
dislocations, study the interactions between pairs of dislocations (or dis-
locations and other imperfections), and find the properties of simple sym-
metrical arrays of dislocations. However, when we have to deal with
more than simple combinations of dislocations, the field of possibilities
becomes practically unlimited; further progress must then wait on the
second (and by far the more difficult) task of doing decisive experiments.
Such experiments are difficult because dislocation theory is an atomistic
theory and the experiments that can readily be performed are too macro-
scopic in scale to be directly related to the behavior of atoms. Little is
gained in trying to explain any and all experimental results by dislocation
theory; the number of possible explanations is limited only by the inge-
nuity, energy, and personal preference of the theorist. However, the
second part of the book will show that some very decisive experiments
have been performed during the past few years. Historically, these
appear to approximate the dislocation equivalent of the oil-drop experi-
ment in electron physics.

1.3 Plan of the Book. The purpose of Part I is to (1) develop and
clarify the fundamental ideas of dislocation theory, (2) derive the basic
geometrical and analytical properties of dislocations, and (3) discuss some
of the ways in which dislocations can play an important role in the plastic
deformation of crystals. Part II applies dislocation theory to the study
of crystal growth and grain boundaries.

The development of basic theory follows an implicitly logical course;
however, the emphasis is not on logical rigor, but on a pictorial representa~
tion designed to encourage a physical feeling for dislocations. Actually,
one could deduce the geometry of dislocations from a set of definitions in
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the manner of Euclid. Chapters 2 to 7, although largely descriptive, try
to convey some feeling for the underlying logical unity of the theory.
Chapters 8 and 9 are more mathematical; they deal with quantitative
properties that have been calculated exactly (in particular the elastic
stress fields around dislocations).

Most of the basic ideas of Part I have to be illustrated by concrete
examples which, although physically possible, are somewhat simpler than
actual crystals. Therefore, we do not apply every result immediately to
the explanation of some experimental observation; instead we concentrate
on establishing a basis for the applications in Part II.

Part II applies dislocation theory to two problems of physical metal-
lurgy: (1) the growth of a crystal from the vapor or dilute solution, and
(2) the structure, energy, and motion of a small-angle-of-misfit grain
boundary. Although these problems are not the most urgent from a
practical viewpoint, they are especially important from a research stand-
point; at present they represent the principal examples where dislocation
theory has given definite predictions that have subsequently been checked
by experiment. Such predictions should be distinguished from explana-
tions that can be altered to fit the data.

The basic ideas of dislocation theory immediately suggest qualitative
explanations for many properties of crystals; however, it is difficult to
obtain unique and detailed predictions for specific cases. This difficulty
is not due to any vagueness or indeterminacy in the theory itself; a dis-
location is a well-defined concept with definite properties. If we specify
the distribution of dislocations in an otherwise perfect crystal, we have
specified the position of every atom in the crystal; we could then predict
the behavior of the crystal under any set of conditions (for example, thqi
application of a tensile stress). However, we do not know the distribu-~
tion of dislocations in actual crystals; we, therefore, have to assume a dis-
tribution or ‘““‘dislocation model”’; by proper choice of a model, we can
explain almost any experimental result. We are like a mathematician
who knows his differential equation but not the boundary conditions; he
finds that, by proper choice of boundary conditions, he can obtain almost
any solution. In this analogy, dislocation theory is the differential equa-
tion; the distributions of dislocations in actual crystals are the unknown
boundary conditions.

Part II discusses two ways in which the problem of finding a model has
been handled successfully. One way is to deal with phenomena that
involve only a single dislocation (or very few dislocations). The proper-
ties of single dislocations are well understood; if only one or a few dis-
locations are involved, the theory applies directly and unique predictions
are made without the necessity (and consequent uncertainty) of postu-
lating a dislocation model. F. C. Frank used this approach successfully
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in his theory of crystal growth. Because of the atomistic nature of
the theory, its experimental verification required techniques of high
resolution.

The other approach deals with the usual situation where hundreds of
thousands of dislocations contribute to the experimental result; however,
an experiment is chosen where some symmetry, periodicity, or other
geometrical necessity specifies the dislocation model. Read and Shockley
used this approach in their theory of small-angle-of-misfit grain bounda-
rics; here the geometry of the boundary uniquely specifies—or at least
rigidly limits—the choice of a model. At worst the choice is limited to
only a few models. Read and Shockley show how to calculate the energy
of each model. The model having the lowest energy should represent a
well-annealed specimen. Chapter 13 shows how the calculated boundary
energies agree with experiment.

In problems of plastic deformation, it is more difficult to get a clear-cut
correlation between theory and experiment. Most explanations of
experimental results have been either qualitative or speculative. How-
ever, throughout Part I, the elements of a theory of plastic deformation
will turn up in the fundamental ideas of dislocation theory. Most of the
basic properties of dislocations will immediately suggest a qualitative
explanation for some observed mechanical property (the most outstanding
example is the mechanical weakness of good single crystals). We shall
not stop to pursue these explanations in detail; instead we proceed logi-
cally from the simplest ideas to the more complex without introducing
ad hoc assumptions to explain some particular result.

Part II discusses two cases where the crystal-growth and grain-bound-
ary studies have opened up promising approaches for the combined
experimental-theoretical attack on plastic deformation.

This book makes no effort to review, even briefly, speculative theories
that cannot as yet be experimentally tested.

1.4 Dislocations and Plastic Deformation. Before beginning the sys-
tematic development of dislocation theory, it may be helpful to review
briefly some of the problems in plastic deformation where dislocation
theory has been applied. This section makes no effort to explain or
clarify these applications; instead, it merely enumerates examples to
give some advance idea of why dislocations are important in plastic
deformation.

Weakness of Single Crystals in Shear. A dislocation (like a lattice
“wcancy) is a configuration that can move through the lattice. The
motion of a dislocation (like the motion of a vacancy) is a convenient
shorthand for describing the motions of a large number of atoms; each
atom moves only one interatomic distance or less as the configuration
moves through many atomic spacings. The motion of a dislocation
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through the crystal produces a macroscopic deformation in which the
crystal yields to applied stresses. The stress required to move a dis-
location is at least several orders of magnitude smaller than the stress
required to shear one entire plane of atoms simultaneously over another
in a perfect crystal; this explains the otherwise mysteriously low yield
stress in single crystals.

*Slip Bands. A certain simple form of dislocation can produce a large
amount of slip on one slip plane by a simple motion; it can also generate a
large number of additional dislocations by a process of expansion and
subdivision. This mechanism—known as the Frank-Read mechanism—
is the most plausible explanation for (1) the concentration of slip in slip
bands and (2) the origin of the dislocations that accumulate during
deformation.

Work Hardening. Dislocations are surrounded by elastic stress fields.
The stress fields of different dislocations interact strongly and lock the
dislocations into a metastable configuration. The externally applied
stress required to produce plastic deformation must be sufficient to make
dislocations move through the opposing stress fields of other dislocations.
Thus the dislocations accumulated during cold work harden the crystal.

Reducing the density of dislocations allows the few dislocations left to

move more easily and, therefore, weakens the crystal. However, if all
the dislocations were eliminated, the crystal would be very strong. If a
crystal were made small enough—-smaller than the mean distance between
dislocations—it should contain no dislocations; it would therefore have
the strength calculated for a perfect crystal. (In a perfect crystal the
critical stress for plastic deformation corresponds to an elastic strain of 1
to 3 per cent. The strength of actual good single crystals is about 10*
times lower than this.) Galt and Herring (1952) verified that tin crys-
tals about a micron in diameter have the calculated strength of perfect
crystals.
. . Effect of Impurities. Impurity atoms diffuse toward dislocations.
Oversized atoms are atiracted to the region of tension around a disloca-
tion; undersized substitutional atoms are attracted to the region of com-
pression. Note that the distortion around the dislocation in Fig. 1.2
would be partially relieved if an undersized atom replaced the atom just
above the symbol 1. Cottrell and Bilby (1949) calculated the rate of
diffusion of impurities in the stress field around a dislocation; from this
they correctly predicted the time law of strain aging.

Cottrell has explained the yield point observed in iron and other crys-
tals as a breaking away of dislocations from the surrounding impurity
atoms; once the dislocation has broken away, it can keep moving under a
lower stress—hence the drop in the stress-strain curve.

Effect on Elastic Constants and Internal Friction. A small applied stress
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(lower than the stress required to cause slip) causes a small reversible dis-
placement of the dislocations; this adds a small reversible strain to the
elastic strain. Therefore the strain (for a given stress) is increased ; hence
the apparent elastic moduli are decreased.

A small alternating stress causes the dislocations to move back and
forth; the moving dislocations dissipate energy and thereby contribute to
internal friction. Thus changes in the elastic constants and internal
friction (during cold work or annealing) can be explained by changes in
the density of dislocations.

Annealing. The arbitrary motion of a dislocation (as distinct from a

pure slipping motion) involves mass transport by diffusion. Suppose a
configuration of dislocations is stable if only pure slipping motion can
occur; in general it will be unstable if the dislocations are permitted to
move arbitrarily. Thus annealing at a high temperature (where appre-
ciable diffusion occurs) allows the dislocations to move into a configura-
tion of lower energy. If dislocations that have an interaction energy of
attraction are allowed to move freely, they will come together and annihi-
late one another or combine to form a single dislocation; in either case,
energy is released and the number of dislocations decreases. The effect
of annealing is thus explained by the elimination of dislocations.
-+ Polygonization. A bent crystal contains a preponderance of disloca~
tions of one type; these are more or less uniformly distributed on parallel
slip planes. In the process of polygonization, dislocations on different
slip planes line up one above the other and form a small-angle grain
boundary. (Chapter 11 shows that a row of like dislocations is a small-
angle-of-misfit grain boundary.) The energy per dislocation is reduced
when the dislocations are so arranged.

The above examples are not intended to be exhaustive but merely to
give an idea of why dislocations are important in the practical problems of
plastic deformation and strength of materials.

1.6 Bibliography. We shall not review, even briefly, the extensive
literature on dislocations. However, here are a few suggestions for sup-~
plementing this book:

The most important reference is Cottrell’s *‘Dislocations and Plastic
Flow in Crystals” (1953); this is a lucid introduction to dislocations and
their role in plastic deformation. Cottrell gives a thorough review of the
outstanding facts of plastic deformation; he also covers the quantitative
development of dislocation theory in a simple and thorough way and
applies it to a number of practical problems. The student who wants to
go still further into the quantitative development of dislocation theory
can profitably study Nabarro’s (1952) thorough treatise, The Mathe-
matical Theory of Stationary Dislocations in Advances in Physics.

Advances in Physics should be watched for other timely reviews of dis-
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locations and related subjects; several have already appeared: Frank’s
“ Dislocations and Crystal Growth’ forms the basis of Chap. 10 of this
book and covers the subject more fully, especially in regard to the kinetics
of crystal growth. Brown’s “Surface Effects in Plastic Deformation”
summarizes a number of pertinent experiments and their relation to cur-
rent theory.

Orowan (1953) has a valuable paper on the dislocation theory of plastic
deformation in the AIME monograph, ¢ Dislocations in Metals.”

The following reports of conferences have already become standard
references:

. “Report of a Conference on the Strength of Solids,” The University of
Bristol, England, 1947. Published by the Physical Society (London)
1948 (commonly called the Bristol Report).

“The Plastic Deformation of Crystalline Solids,” Carnegie Institute
of Technology, May, 1950, O.N.R. (commonly called the Pittsburgh
Report).

“Imperfections in Nearly Perfect Crystals’” (Shockley, Seitz, Hollo-
mon, Maurer, editors), Wiley, New York, 1952 (report of the October,
1950, N.R.C. Conference at Pocono, Pa.—called the imperfections book).

There is no better way to develop a feeling for dislocations than to see
Bragg and Nye’s (1947) moving pictures of dislocations in the bubble
model (distributed by Kodak Ltd., Wealdstone, Harrow, Middlesex,
England, as 16-mm “cinegraph” No. 2015, “Bubble Model of a Metal”’).

In concluding this introductory chapter, it may be well to review
quickly the background assumed on the part of the reader: The descrip-
tive Chaps. 2 to 7 assume an elementary knowledge of crystallography.
The text and figures refer explicitly to only four crystal structures: the
(hypothetical) simple cubic, the face-centered cubic (Al, Cu, . . .), the
body-centered cubic (aFe, Na, . . .), and the hexagonal structure (Zn,
Cd, . . .). Miller indices are used in, and only in, the cubic system.
Pages 1 to 9 of Barrett’s “Structure of Metals” (1952a) is adequate back-
ground for crystallography.

A knowledge of the definitions of stress and strain and the stress-strain
relations is necessary; a passing acquaintance with the conditions of static
equilibrium for stress would be useful in the quantitative Chaps. 8 and 9.
For this purpose, references to Timoshenko’s ‘‘ Theory of Elasticity’’ are
given wherever necessary. .

Some knowledge of the principal facts of plastic deformation will help
in appreciating the significance of dislocation theory—although it is not
necessary for understanding the book. The mathematics required goes
only through the elements of calculus (except in a few of the problems).
The physics includes only such fundamentals as are covered in a general
undergraduate course.
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CHAPTEFR 2

SOME SIMPLE EXAMPLES

This chapter shows pictures of the basic types of dislocations. Each
example is introduced by (1) a picture of how the dislocation could be
produced—starting with a perfect crystal—and (2) a picture of how the
atoms are arranged. The last section discusses interatomic forces and
their effect on the arrangement of atoms near a disloeation.

2.1 Dislocations and Nonuniform Slip. Section 1.1 gave a simple
example of a dislocation, namely the line separating slipped and
unslipped areas on a slip plane. This is a possible way of visualizing all
types of dislocations. There are other ways of visualizing dislocations
and other processes that could form dislocations; however, slip provides a
single pictorial representation in familiar terms.

Several observers have watched slip lines through a microscope during
plastic deformation. Recently, Chen and Pond (1952) took moving pic-
tures of growing slip lines during deformation at a controlled rate. When
they viewed the slip lines on a surface at right angles to the slip vector,
they saw that a typical line begins as a short fine line; it then broadens in
the center and increases in length with time. Even after the middle part
of the line has become well developed (indicating slip of many thousands
of atomic spacings), the line still does not extend all the way across the
specimen; instead it fades out gradually at the ends. The amount of
slip is therefore not uniform; it varies from none at the ends of the line to
many thousands of atomic spacings at the center. This chapter intro-
duces dislocations by examples of nonuniform slip.

First, consider the simple case where one unit of slip has occurred over
part of a slip plane; the rest of the plane remains unslipped. In the
slipped area, the atomic planes adjoining the slip plane have been dis-
placed relative to one another by one interatomic spacing in the direction
of slip. In other words, the slip vector is a translation vector of the crys-
tal (a vector that connects atoms, or lattice points, having identical
surroundings). We can distinguish the following three regions on the slip
plane: In one region, no slip has occurred; on another, slip has taken place
and the atoms are again in register across the slip plane; in the third
region (which separates the other two), there is a transition from the
slipped to the unslipped state. Here the atoms are not in register, and

13
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nearest neighbor relations are not satisfied; therefore, the region has a
larger average energy per atom. To minimize the total energy, the tran-
sition region will be only a few atoms wide. The exact width is not
known at present; Sec. 2.7 discusses its dependence on atomic structure.
On a macroscopic scale, the boundary between the slipped and unslipped
areas is a line; on an atomic scale, it is a region where the atoms are not
properly surrounded by neighbors (that is, an imperfection). Since the
imperfection is contained within a few atomic diameters of a line, it is
called a line imperfection. This chapter is based on the following
pictorial definition: a dislocation s a line imperfection forming the boundary
within the crystal of a slipped area. Chapter 3 gives a more general treat-
ment and defines dislocations independently of their origin. A conse-
quence of the general definition is that any dislocation can be eliminated
from a crystal by slip; conversely, it could have becn formed by slip.
One can therefore visualize dislocations in terms of slip without loss
in generality.

The discussion begins with the hypothetical simple cubic structure,
where atomic arrangements in three dimensions are relatively easy to
visualize. Once the basic ideas have become familiar, it will be easier to
visualize dislocations in real crystals—-especially in the face- and body-
centered cubic metals. The results obtained for the simple cubic are
extended to more general structures in Sec. 2.6.

Sections 2.2 and 2.3 discuss two simple examples: the edge dislocation
and the screw dislocation. These names are slightly misleading—they
represent not discrete types but special orientations. Strictly speaking
one should say ‘“dislocation in the edge orientation’ rather than “edge
dislocation’’; this will become clear as the discussion proceeds. Section
2.4 shows how a curved dislocation can change from edge to screw along
its length. Sections 2.2 and 2.3 deal with only straight dislocations
which are either all edge or all screw.

2.2 Edge Dislocation. Taylor and Orowan originally interpreted
plastic deformation by what is now called an edge dislocation (also, a
Taylor-Orowan dislocation). The example in Chap. 1 (Figs. 1.1 and 1.2)
is an edge dislocation; here the slip vector is at right angles to the dislocation.
Slip has occurred over the areca ABCD; the slip vector is a <100> trans-
lation vector of the lattice. The line AD is the boundary (within the
crystal) of the slipped area; along AD the atoms are not properly sur-
rounded by neighbors in the simple cubic pattern (note that one atom per
atomic plane does not even have the right number of nearest neighbors).
The line imperfection AD is called a dislocation line, or just a dislocation.

The exact arrangement of atoms along AD is not known; to find it
would require a difficult calculation using quantum mechanics. The
arrangement in Fig. 1.2 is a good endugh approximation to show some of
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the properties of an edge dislocation. Observe that » + 1 atomic planes
above the slip plane try to join onto n planes below; therefore, one vertical
plane of atoms has to terminate on the slip plane; the dislocation is the
edge of this extra plane—hence the name edge dislocation.

Besides the atomic disorder along AD, there is an elastic stress field,
which falls off inversely with distance from AD. The stress field of a
dislocation plays an important role in work hardening; for example, at a
distance of 1 micron, the stress has dropped to about 107 dynes/cm?*—
which is the yield stress for typical good single crystals. The mathe-

Fra. 2.1 The slip that produces a screw-type dislocation. Unit slip has occurred
over ABCD. By definition, the screw dislocation 4D is parallel to the slip vector.

matical theory of elasticity gives the stress distribution exactly except
near the dislocation.

An alternative way of forming an edge dislocation is to remove half a
plane of atoms below the slip plane (or insert an extra half plane above);
this, of course, requires mass transport; it might occur in real crystals by
diffusion of vacancies or interstitial atoms. Sometimes it is helpful to:
imagine an edge dislocation as the boundary (within the crystal) of an’
extra plane of atoms. However, it is only for an edge dislocation that a
densely packed plane is inserted between two portions of crystal (which
are simply wedged apart without tangential displacement); in the general
case the slip picture is better.

2.8 Screw Dislocation. Burgers (1939) generalized the idea of a dis-
location and introduced the screw (also called Burgers) dislocation. A
screw dislocation by definition s parallel to the slip vector. Figure 2.1
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shows how to create a screw dislocation by slip; the dislocation AD is the
boundary within the crystal of the slipped area ABCD. Figure 2.2 shows
a screw dislocation parallel to a cube edge in a simple cubic crystal; the
unit cells are shown as distorted cubes. Figure 2.3 shows the atomic
planes above and below the slip plane; the open circles represent atoms
just above the slip plane, and the solid circles, atoms just below. Again
the exact arrangement of atoms near the dislocation is not known.

Figure 2.2 shows why this dislocation is called screw: the crystal is not
made up of parallel atomic planes one above the other; rather it is a single
atomic plane in the form of a helicoid, or spiral ramp.

F16. 2.2 Another view of a screw dislocation. The dislocation AD (of which only the
end A4 is visible) is parallel to the line BC, which is parallel to the slip vector. The
atoms are represented by distorted cubes (see Fig. 10.4, which represents the same
situation by undistorted cubes). Note that the crystal is a single atomic plane in the
form of a helicoid, or spiral ramp.

The distortion around a screw dislocation is mostly pure shear; there-
fore the unit cells can also be represented by undistorted cubes displaced
relative to one another in the direction of the slip vector. The arrange-
ment of atoms around the point A is represented in this way in Fig. 10.4
(see Chap. 10). Figure 10.4 is especially useful when thinking about
crystal growth. ‘

The same screw dislocation can be produced by slip on any plane con-
taining AD—or on any slip surface ending on AD. The reason is as
follows: A screw dislocation has no unique slip plane; the slip plane must
contain both the dislocation and the slip vector; when these are parallel,
the slip plane is not uniquely defined. -+ Chapter 3 will discuss this point
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in more detail. The method of representing the distortion in Fig. 2.2 (by
distorted cubes) makes the dislocation appear to have a unique slip plane;
near the center of the dislocation, the distortion is so severe that some
arbitrariness is involved in drawing the cubes. As an exercise, use
Fig. 10.4 to show graphically that the same arrangement of atoms results
from slip on any surface ending on a line parallel to the slip vector.
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Fia. 2.3 Arrangement of atoms around the screw dislocation shown in Figs. 2.1 and
2.2. The plane of the figure is parallel to the slip plane. ABCD is the slipped area
and AD, the dislocation. The open circles represent atoms in the atomic plane just
above the slip plane and the solid circles, atoms in the plane just below the slip plane.

2.4 Curved Dislocation Line on Plane Slip Surface. The two exam-
ples above were straight dislocation lines. Now let the slipped area lie in
a single plane but otherwise have an arbitrary shape; its boundary (the
dislocation) is then an arbitrary plane curve. Figure 2.4 is an example of
the more general case; here the slipped area ABC is bounded (within the
crystal) by the curved dislocation AC. The atomic disorder varies along
the curve. Figure 2.5 shows the arrangement of atoms; as before, the
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F16. 2.4 Unit slip in the area ABC produces a curved dislocation AC lying in a single

plane (the slip plane).
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circles represent the atomic plane just above the slip plane; closed circles represent the

F1a. 2.5 Arrangement of atoms for the curved dislocation shown in Fig. 2.4. Opcn
atoms just below.
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plane of the drawing is the slip plane; the open circles represent atoms
directly above the slip plane, and the closed circles, atoms directly below.
At A the dislocation is parallel to the slip vector and is therefore in the
screw orientation; the atomic arrangement is the same as in Fig. 2.3.
Near C the dislocation is in the edge orientation and the arrangement of
atoms is the same as in Fig. 1.2; however it is now viewed along the nor-
mal to the slip plane (instead of along the dislocation). Notice that
near C in Fig. 2.5 three rows of open circles must join onto two rows of
solid circles; the middle row of open circles is therefore the edge of the
extra atomic plane. Follow this extra plane into the crystal and observe
that, when the dislocation curves (and ceases to be pure edge), the extra
plane ceases to be ‘“‘extra’ ; instead it joins onto an atomic plane below the
slip plane.

Figure 2.5 shows that edge and screw refer not to properties of the whole
dislocation, but to the local orientations.

2.6 Arbitrary Slip Surface. The curved dislocation in Fig. 2.4 liesin a
single plane; that plane contains the slip vector and is therefore the slip
plane. However, the most general slipped area (for a given slip vector)
is not a plane but a surface, which must be parallel at all points to the slip
vector. For example, in a iron, the traces of the slip surfaces on the
external surface are very wavy when viewed along the slip vector. In
other crystals, slip prefers to occur on definite crystallographic planes,
usually of low indices and high atomic density (for example, the basal
plane in hexagonal crystals). In face-centered cubic metals, the most
general slip surfaces appear to be made up of segments of {111} planes,
which intersect along lines parallel to their common slip vector. On an
atomic scale, we can always resolve any dislocation into straight segments;
however, in thé most general case, these secgments may be only a few
atoms long.

An example of a segmented slip surface is shown in Fig. 2.6; here the
slipped area has two parts, ABCD and DEF A ; these are parallel to cube
faces and intersect along the line AD (which of course must be parallel to
the slip vector). The dislocation line is shaped like an L; both sections
DC and DE are perpendicular to the slip vector and are therefore pure
edge. Looking down ED from above or into DC from the right, we see
the same arrangement of atoms shown in Fig. 1.2. Figure 2.7 shows the
atoms just above (open circles) and just below (solid circles) the slip plane
ABCD. The section of dislocation DC (in the plane of the figure) and
the section DE (normal to the figure) are both edges of the same extra
plane.

Now imagine that DC is rotated counterclockwise through 45° as
shown in Fig. 2.8; now DC is between the edge and screw orientations
(visualize the corresponding slipped area with the aid of Fig. 2.6). Figure
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F1a. 2.6 An example of slip that produces a bent dislocation which does not lic in a
single plane parallel to the slip veetor. Unit slip has occurred over the bent slip
surface ABCDEF. The boundary CDE (within the erystal) of the slipped area is

an edge-type dislocation,
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Fia. 2.7 Arrangement of atoms in a plane parallel to ABCD of Fig. 2.6. The open
and solid circles represent atomic plancs, respectively, above and below the slip plane
ABCD. The section of dislocation CD lies in the plane of the drawing; the section

DE is normal to the drawing.
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2.9 shows the atoms after DC has rotated through 90°; now DC is parallel
to AD; it is therefore in the pure screw orientation. The section ED
stays the same in all these figures.

The dislocation CDE in Fig. 2.9 is similar to AC in Fig. 2.5 except that
the bend is abrupt instead of smooth; in both figures, the dislocation lies
in a single plane parallel to the slip vector.

This completes the crystallographic picture of four elements which
make up any dislocation: (1) an edge segment, (2) a screw segment, (3) a

SLIP
VECTOR

Fic. 2.8 Same as Fig. 2.7 except that DC is rotated 45° counterclockwise about the
fixed point . In the area swept out by DC, unit slip has occurred and open circles
have moved up one interatomic spacing relative to solid circles.

bend lying in a plane parallel to the slip vector, and (4) a bend lying in a
plane normal to the slip vector.

2.6 More General Structures. At this point it is convenient to intro-
duce what we shall call t vectors. A t vector is defined by the following
two conditions:

1. It must connect atoms that have identical surroundings (identical here
means identical except for elastic strains).

2. It cannot be made up of a combination of shorter vectors that satisfy
condition 1.
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In other words a t vector is a lattice translation vector of minimum length.
It could always be an edge of a primitive unit cell. The accompanying
table gives the directions and magnitudes of the t vectors in the common
cubic structures. The cube edge is taken as unit length. The table also
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Fre. 2.9 Same as Figs. 2.7 and 2.8 except that CD has rotated 90° and is in the pure
serew orientation.

gives the number of different t vectors in each case (not counting as differ-
ent vectors that differ only in sign).

Structure Direction | Magnitude | Number
Simple cubic <100 > 1 3
Body-centered cubic <111 > 143 4
1
sentered cubic —=
Face-centered cubic <110> V3 6

In each of these structures, all the t vectors have the same length. This
is not so in general. For example, take the hexagonal structure (by
hexagonal structure we mean almost close-packed structures such as zinc,
cadmium, etc.); here there are three t vectors of equal length in the basal
plane; the fourth t vector is normal to the basal plane and equal in length
to twice the spacing between basal Planes.
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By changing the angles between the t vectors in simple cubic, we can
produce either the body- or face-centered cubic structure. Changing
both the lengths and directions of t vectors gives still more general
structures. The simple cubic can thus be transformed to any structure
having only one atom per lattice point. The transformation does not
give the hexagonal structure, which has two atoms per lattice point.
Chapter 7 deals separately with the hexagonal case.

Most of the figures so far represent atomic planes that contain two
orthogonal t vectors. These figures apply not just to the simple cubic
but to any atomic plane where the atoms form a square array with each
atom surrounded by four nearest neighbors in the plane of the figure.
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Fi1a. 2.10 Edge dislocation in body-centered cubic. The dislocation is normal to the
plane of the figure, (110). Solid and open circles represent parallel neighboring
plancs in different elevation.

For example Fig. 1.2 applies to the (100) atomic planes in face-
centered cubic; however, a parallel plane of atoms in different eleva-
tion should be added to complete the picture in face-centered cubic, see
Prob. 2.1

When the slip plane contains two t vectors, it is again helpful to draw
the atomic planes above and below the slip plane. Figures 2.3, 2.5,
and 2.7 to 2.9 can be transformed to represent other structures by
changing the squares to parallelograms and displacing the two planes
so that they have the proper relation in the unslipped state. Changing
the angle between close-packed rows from 90° to 70°32’ gives a
picture of the (110) slip planes in body-centered cubic; 60° gives the
close-packed planes in either face-centered cubic or hexagonal crystals.

1 Unless otherwise indicated, the problems mentioned in the text refer to those at tho
end of the chapter in which the reference ocenrs.
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A similar transformation applies to Fig. 1.2, but in general, one or more
parallel planes of atoms in different elevation must be added for complete-
ness. For example, Fig. 2.10 shows an edge dislocation parallel to a

<110> direction in body-centered cubic.

2.7 Effect of Atomic Structure on the Form of a Dislocation. Around
a dislocation, the distortion is so severe that elastic continuum theory does
not apply; it is necessary to take account of the periodic nature of the
crystal. An exact (quantum mechanical) treatment has not yet been
carried out. At present such an analysis appears to be impractical.
This section discusses several approximate approaches, which are based
on the idea of interatomic forces-—an idea which, in itself, is an approxi-
mation from a quantum mechanical viewpoint. We shall show how the
forces between atoms determine the form of a dislocation—and in particu-
lar the width. By width we mean the width of the area on the slip plane
where the atoms are out of register by more than a certain amount, which is
conventionally taken as one-half the maximum shear strain.

The Peterls-Nabarro Theory. Begin with the edge dislocation in Fig.
1.2. Above the slip plane, the atoms are squeezed together (in the direc-
tion of slip); below the slip plane, the atoms are pulled apart. Shear
stresses acting across the slip plane hold the upper and lower halves of the
crystal in equilibrium. Peierls (1940) and Nabarro (1947) treat the
parts of the crystal above and below the slip plane as elastic continua;
they take account of the periodic structure of the crystal by recognizing
that the shear stress = acting across the slip plane is a periodic function of
the relative displacement & of the adjoining atomic planes. For example,
when & = b = (magnitude of the slip vector), the atoms are again in
register across the slip plane; hence the period is b. Peierls and Nabarro
take a simple periodic function—the sine function—and set

T = & sin 2rs
2r b
where @ is the shear modulus. The constant G/2r was chosen so that
the relation would reduce to the linear stress-strain law r = G(5/b) at
small strains.

Peierls and Nabarro used their approximation to calculate the form of
an edge dislocation. They found that the width is about 1.5b. Eshelby
(1949a) used the same method and got essentially the same result for a
screw dislocation. Except within about one interatomic spacing of a
dislocation, the Peierls-Nabarro solution is almost the same as the elas-
ticity solution (Chap. 8), in which the center of the dislocation is a
singularity.

The advantage of the Peierls-Nabarro approximation is that it takes
account of the periodic nature of the crystal and yet is simple enough to
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apply to imperfect crystals. The chief criticisms of it concern the simple
sine law, which appears to be a poor approximation for real crystals (as
will be discussed later in this section). The use of the sine law causes the
width of a dislocation to be underesttmated.

The Central-force Approxzimation. Here the interatomic force is
assumed to act along the line of centers and to depend only on distance
between atoms. The force is represented by the sum of the following two
terms:

1. A short-range repulsion that is very sensitive to the distance between
atoms. It increases almost abruptly as the atoms move closer
together than the normal interatomic spacing, and it drops to nothing
as the atoms move farther apart than the normal separation.

2. A long-range attraction that is relatively insensitive to distance but
drops off at large distances.

The normal interatomic distance is determined by a balance between
1 and 2. Now consider how the net force varies with distance: If the
atoms move only very small distances from the equilibrium position, then
the net force varies linearly with displacement (elastic range). As the
atoms move closer together than the elastic range, the net repulsive
force increases more and more rapidly with decreasing separation. The
opposite is true if the atoms move farther apart; beyond the elastic range,
the net attractive force increases less and less rapidly with increasing sepa-
ration; finally it reaches a maximum and begins to decrease (now we say
that the bond is broken, or the crystal has cracked on an atomic scale).
In other words, the curve of interatomic force vs. separation of atoms is
concave downward (taking a net attraction as positive). We now define
the hardness of the atoms as the curvature of the force-separation curve.
Hardness, in this sense, describes a nonlinear property of the structure
and has no relation to the elastic properties; the latter are determined by
the slope of the force-separation curve.

As an exercise show that the maximum net attractive force occurs at a
larger separation for softer atoms (for the same elastic constants).

We next discuss the behavior of the structure in large shear. First,
however, it is necessary to consider the structure of a crystal whose atoms
are held together by central forces. We can think of such a crystal as a
collection of spheres under pressure—the pressure comes from the long-
range attractive forces. As an exercise, prove that only a close-packed
structure (such as face-centered cubic or hexagonal close-packed) is stable
under central forces; in any other structure (such as simple or body-
centered cubic) there must be directional bonds (we consider the effect of
directional bonds later in this section). In a close-packed structure with
central forces, the resistance to large shear comes from the fact that shear
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disturbs the close packing: one atomic plane cannot be sheared directly
over another; it must move up and over. Thus, in large shear, the crystal
expands at right angles to the shear (or slip) plane and work is done
against the long-range attractive forces, which try to hold the crystal in
close packing. This expansion normal to the shear plane is a nonelastic
effect (it is still an e:cpansion——and not a compression—if the direction of
shear is reversed). The maximum expansion in large shear depends on
the plane and direction of shear. In all cases, the shear stress is a periodic
function of shear strain (as in the Peierls-Nabarro approximation).
However the relationship departs from a sine function—especially for
hard atoms. As an exercise, show that the shear stress reaches its maxi-
mum at a lower shear strain for harder atoms—this point is discussed
further in the problems, and the complete shear stress vs. strain curve is
calculated for several slip systems. Approximate formulas are used to
represent the forces between atoms. The same formulas could be used to
calculate the form of a dislocation; the calculation, however, would be
fairly laborious and has not yet been done. We next consider an experi-
mental method of studying interatomic forces and their effect on the form
of a dislocation.

The Bubble Model. Bragg, Nye, and Lomer constructed a soap-bubble
model of a metal to study the form of a dislocation and the role of dis-
locations in deformation. The bubble model is a monolayer raft of bub-
bles of uniform size floating on liquid. The bubbles form a close-packed
layer. The attractive force between bubbles comes from the surface ten-
sion; the repulsive force acts only between bubbles in contact and comes
from the excess pressure inside the bubbles (excess pressure is inversely
proportional to bubble radius). The size of the bubbles determines their
hardness: large bubbles are soft, small bubbles, hard. Bubbles about 1.1
mm in diameter represent fairly well the forces between (hard) copper ions
as calculated by K. Fuchs. Figure 2.11 shows a dislocation in a raft of
bubbles 1.9 mm in diameter (relatively soft). Figure 2.12 shows the same
type of dislocation for (relatively hard) bubbles 0.76 mm in diameter.
Observe, in each figure, how the structure is expanded normal to the slip
plane where the shear across the slip plane is large. As an exercise,
explain why dislocations are wider for harder bubbles—for the answer see
Lomer (1949).

Bragg and Nye (1947) used the bubble model to study many phenom-
ena observed in real crystals—for example, elastic deformation, slip,
recrystallization, and annealing after severe deformation. They found
that slip occurs by the motion of dislocations, which originate at irregu-
larities in the external surface. Their moving pictures (see Sec. 1.5 for
reference) show graphically how moving dislocations account for plastic
deformation, recovery, etc., in metals.
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Some caution should be used in applying the two-dimensional bubble
model to real crystals. Even if the forces between bubbles were exactly
the same as the forces between atoms, the model would not represent

Fia. 2.11 A dislocation in the bubble model. The relatively soft b.ubbles—-i\.Q mm in
diameter—give a narrow dislocation (after Bragg and Nye, 1947).

exactly a close-packed atomic plane intersecting a dislocation in a three-
dimensional crystal. The reason is this: in any real crystal, atoms in one
close-packed plane experience a net force (in that plane) due to atoms in
the adjoining planes. Therefore the dlstortlon of one close-packed plane

Fia. 2.12 A dislocation in the bubble model. The relatively hard bubbles—0.76 mm
in diameter—give a wide dislocation (after Bragg and Nye, 1947).

would change if it were removed from the crystal. The distortion of a
plane normal to an edge dislocation would not change on removal from the
crystal if the crystal were made up by stacking such planes one directly
above the other—as simple cubic is made up by stacking (100) planes one
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above the other; thus Fig. 1.2 would apply both to a monolayer or to one
atomic plane in a three-dimensional crystal. There is, however, no crys-
tal made up by stacking close-packed (hexagonal-type) planes one
directly above the other (see Sec. 7.2 for a discussion of close-packed
stacking).

Directional Bonds. Directional bonds are important in any non-close-
packed structure—the latter would be unstable under purely central
forces. For example, take the simple cubic and consider the edge dis-
location (Fig. 1.2): Directional bonds provide the main resistance to shear
on the slip plane—central forces actually favor such shear. Strong direc-
tional bonds across the slip plane always make for narrow dislocations—
it is energetically unfavorable to have many atoms out of register across
the slip plane.

Form of a Screw Dislocation. So far the discussion has concerned the
edge dislocation. The screw presents a somewhat different problem. To
illustrate the problem, take again the simple cubic. Figures 2.2 and 10.4
represent the distortion as symmetrical about the screw dislocation. The
strain is pure shear on planes containing the dislocation. The atoms all
lie on a helical surface. (As an exercise, prove from symmetry that this
arrangement of atoms is an equilibrium one.) A symmetrical screw dis-
location is necessarily narrow. However, it is not known whether a sym-
metrical screw dislocation is stable—it might be able to lower its energy
by spreading out in one slip plane; on that plane a large shear-type misfit
would extend over a relatively wide area, with only elastic distortion
elsewhere. As an exercise draw such an unsymmetrical screw dislocation;
use cubes to represent atoms as in Fig. 2.2 or 10.4.

PROBLEMS

1. The edge dislocation in Fig. 1.2 is symmetrical about a plane of atoms on the
compression side of the slip plane. Draw a dislocation having the same direction and
slip vector but symmetrical about a plane of atoms on the tension side.

2. Add a second plane of atoms (in different elevation) to make Fig. 1.2 represent
the (100) plane in face-centered cubic (again with the dislocation normal to the figure).

8. The (hypothetical) simple cubic structure is held together by both central forces
and directional bonds. Show how the arrangement of atoms for the edge dislocation
(Fig. 1.2) varies with the hardness of the atoms (as defined in Sec. 2.7) and the stiffness
of the directional bonds (in large distortion). Draw the dislocation for the following
cases:

a. Soft atoms and strong (stiff) directional bonds.

b. Hard atoms and weak directional bonds.

4. Show that the crystal in Fig. 2.2 will be one continuous atomic plane provided
only that the dislocation is not pure edge. Illustrate by drawing the case where the
dislocation is at 45° to the slip vector.

Show that a stack of close-packed planes always form one continuous plane if they
intersect a dislocation whose slip vector has a:component normal to those planes.
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5. Sketch the shear stress-strain curve for a perfect crystal made up of perfectly
rigid spheres held together by long-range attractive forces. Calculate the curve
exactly, using a hydrostatic pressure P to represent the long-range attraction. How
is the curve modified if the atoms are slightly soft?

6. A close-packed structure is expanded radially around a symmetrical pure screw
dislocation. Why? (Hint: This is a nonelastic effect; use the ideas of Sec. 2.7.)

7. Consider an (edge) dislocation in the two-dimensional bubble model with hard
bubbles. The dislocation in Fig. 2.12 is wide. Show that, if a high enough compres-
sive stress were applied normal to the slip plane, the dislocation would become nar-
rower. Draw the narrow dislocation. Show that the same result holds for any edge
dislocation in a close-packed structure of relatively hard atoms.

8. Consider a face-centered cubic structure made up of hard spheres. Find the
maximum expansion normal to the shear plane for large shear on the following shear
systems: [110] (110), [110] (001), [112] (111).! Compare with the corresponding
expansion in the two-dimensional bubble model; show that the latter expansion is
the same as for shear on a plane normal to the basal plane in a hexagonal close-packed
structure.

9. Calculate the stress-strain curve for shear of a perfect face-centered cubic struc-
ture on the [112] (111) system. Let z be the normal separation of neighboring (111)
planes, and let z be the relative tangential displacement. Take the unstrained
gpacing of (111) planes as the unit of length (thus, in the unstrained state,z = 1,z = 0).
Consider two atoms 7 and j in neighboring (111) planes; let r;; be the distance between
tand j. Nabarro (1947) has suggested the expression

Wi; = Bz? 4+ AePris

for the potential energy of 2 and . Find the total potential energy (per atom) of the
crystal as a function of z and z. Only nearest neighbor interactions need be included
in summing W;; over pairs of atoms. Show that (with no stress normal to the slip
plane) the shear stress = is related to = by

T_ 642 [EQ—Z)__E_”:Q_‘LQ]
G 2 -3 1 4 2e¢r=

where G is the clastic modulus for {112] (111) shear and p = 6 /8 8. Plot the curve

for p = 10 (estimated from Fuchs’s calculations for copper). Plot the maximum of

the r vs. z curve as a function of the parameter 8.

1 In the [112] (111) system, large shear produces a stacking fault. Continued shear
would take place by a zigzag sequence of alternate [112] and [121] movements. Chap-
ter 7 will discuss this more fully.



CHAPTER 3

IMPERFECTIONS IN CRYSTALS

Given an imperfection of unknown origin, how should it be described?
Chapter 2 derived the properties of dislocations from their (assumed)
origin in slip. This chapter starts with the imperfection and describes it
independently of its origin. Various classes of imperfections are dis-
tinguished, and their properties ‘are derived from a simple method of
description. The discussion brings out the radical difference between
dislocations and other imperfections, such as vacancies and impurities.

3.1 Introduction. Chapter 2 defined a dislocation by a vector (the slip
vector) and a line (the dislocation line, or boundary of the slipped area).
The line and vector together determine the slip surface—or, when the line
is straight, the slip plane. This chapter gives a general definition that
associates a vector with a given line imperfection without presupposing a
slip process. The definition is used to (1) classify dislocations and dis-
tinguish them from other imperfections, (2) describe networks of inter-
secting dislocations, (3) prove a conservation theorem that describes the
fundamental topological property of dislocations.

Section 3.1 gives two examples to illustrate the conservation theorem.
Then the discussion turns to imperfections in general; Sec. 3.2 deals with
the properties of point and line imperfections. Sections 3.3 to 3.5 define
dislocations by a neat construction due to J. M. Burgers (1939) and
known as the Burgers circuit. Section 3.6 proves the general conserva-
tion theorem. Section 3.7 discusses the various ways of forming a given
dislocation. The chapter concludes with a brief discussion of low-energy
plane imperfections, such as stacking faults, and their relation to partial
dislocations; the latter are defined and distinguished from the dislocations
in Chap. 2.

Before going into the more general analysis, we give some simple exam-
ples—still using the slip picture—to introduce and illustrate the idea that
something is conserved along a dislocation. The following theorem is a
good example to begin with: a dislocation cannot end inside the crystal—or,
for a polycrystal, ¢nside a crystal grain. The proof follows directly from
the picture of incomplete slip. The boundary of a slipped area must be a
closed curve; part of this curve may be the external surface; therefore the
dislocation must either close on itself or end on the boundary of the
crystal or crystal grain.

an
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Next take a slightly more general case: suppose several dislocations lie
in a single plane which is their common slip plane; the dislocations are
then boundaries of areas that have slipped by different amounts or in
different directions, or both. If the three dislocations meet at a point,
there must be a relation between their slip vectors, where now the slip
vector of a dislocation is defined as follows: look along each dislocation
toward the intersection point; subtract the slip in the area on the right
from the slip in the area on the left. Defined in this way, the slip vectors
of the three dislocations add up to zero (this is almost obvious physically;
prove it rigorously as an exercise). Frank extended the result to dis-
locations that do not have a common slip plane (Sec. 3.6).

The above examples illustrate what may be called the conservation of
the slip vector. As a basis for the general theory of dislocations, Sec. 3.2
introduces a broader view of imperfections. Chapter 2 introduced each
dislocation as the result of incomplete slip. This chapter reverses the
procedure: given an imperfection, what are its properties and how could
it have originated?

3.2 Point and Line Imperfections. Read and Shockley (1952a)—
following a suggestion of J. C. Slater—call imperfect material bad. Bad
material is understood to be structurally imperfect (imperfect in the sense
defined in Chap. 1); in a bad region, the atoms are not properly sur-
rounded by neighbors. Good material is material that is perfect except
for elastic strains, thermal vibrations, or other perturbations that leave
the crystal structure clearly recognizable. Hereafter we shall use the
terms ““good’” and “bad” freely, bad being synonymous with imperfect
(as defined in Chap. 1).

In a single crystal only a small fraction of the material is bad; for exam-
ple, even in heavily cold-worked crystals, only about one atom in 104 is in
abad region. Any given bad region has to be small in at least one dimen-
sion; otherwise it would be, not an imperfection, but a second phase.
This chapter distinguishes the following three classes of imperfections:
(1) point imperfections are small (a few atoms in extent) in all three
dimensions, (2) line imperfections are small in two dimensions, (3) plane—
or more generally surface—imperfections are small in only one dimension.
Plane imperfections are discussed in Sec. 3.9. We now consider, in order,
point and line imperfections.

Point Imperfections. These are conveniently described in the following
way: Surround the imperfection by a closed surface; then remove the
material from within the surface and replace it with good material; let the
good material deform elastically to join continuously onto the surround-
ing good material. This (imaginary) process eliminates the imperfection
and leaves in its place only (elastically strained) good material. The best
way to describe the imperfection is to compare it with the good material
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that replaced it. For example, suppose the bad material contains one
less atom than its good replacement; then the imperfection is a vacancy;
if it contained a different kind of atom (or atoms), the imperfection would
be an impurity (or small precipitate).

Line I'mperfections. If the imperfection is small in two dimensions,
then the surface that separates good from bad material is a long tube of
atomic cross section. The most important line imperfections are dis-
locations. Dislocations differ from point imperfections*in more than
shape; they also differ radically from other line imperfections. The dis-
tinguishing feature of a dislocation is that it cannot be eliminated simply
by substituting good material for bad. A common misunderstanding is
to think of a dislocation as similar to an extra row of atoms or a row of
vacancies or impurity atoms.

3.3 Burgers Circuit and Vector. We shall define and describe dis-
locations by a simple construction due to J. M. Burgers (1939). Burgers
showed that a dislocation is uniquely characterized by what is now called
a Burgers vector. This section defines the Burgers vector; the following
section gives some concrete examples of the definition.

A Burgers vector is the closure failure of a particular type of loop called
a Burgers circuit. A Burgers circuit is made up of atom-to-atom steps
along t vectors in good material; the t vectors are considered to vary
elastically with the local elastic deformation; when we say that two
t vectors are the same, we mean that they would be the same if the elastic
strain were relaxed. A Burgers circuit is defined by the following two
requirements:

1. The circuit must lie entirely in good material—although it may encircle
bad material.

2. The same sequency of atom-to-atom steps in a perfect crystal must
form a closed path. For example, consider the following path in a
face-centered cubic crystal: n atom-to-atom steps in the [110] direction,
n aléong [101], and n along [011]; such a path would form a closed circuit
if the crystal were perfect.

In a real crystal, the Burgers circuit does not necessarily close. The
closure failure of the Burgers circuit is called the Burgers veetor and
denoted by b. The fact that the Burgers circuit may not close even
though it lies in good material is due to the elastic strain; the cumulative
effect of the elastic strain around the circuit can result in a closure failure.
As an exercise prove that the closure failure must be a lattice translation
vector, that is, a t vector or the sum of several t vectors (a simple proof is
given by Read and Shockley, 1952a).

Next we consider some concrete examples that illustrate Burgers cir-
cuits and vectors.
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3.4 Examples of Burgers Circuits and Vectors. First consider a fine
needlelike precipitate. A Burgers circuit around the needle will close.
Observe that matrix atoms could replace precipitate atoms and thereby
eliminate the imperfection.

Next take a dislocation—for example the one in Fig. 1.2. Construct a
Burgers circuit beginning at the atom in the upper left-hand corner; go
seven atomic spacings down, seven to the right, seven up, and seven to the
left. Such a circuit would close in a perfect crystal. In Fig. 1.2 it fails
to close by the slip vector b. In this example, replacing the disordered
atoms by good material cannot eliminate the imperfection.

As a third example, make a Burgers circuit on the top surface of the
crystal in Fig. 2.2. If the circuit encircles the point A, then it fails to
close by the step height—which, again, is the slip vector. Section 3.7
will show that (1) the slip and Burgers vectors are always equal, (2) slip
is only one of many ways of forming any given dislocation.

3.6 General Definition of a Dislocation. If a Burgers circuit around a
line 1mperfection fails to close, the imperfection 18 a dislocation; the closure
failure is the Burgers vector of the dislocation. The sign of the Burgers
vector depends on the direction of traversing the Burgers circuit—which,
in turn, depends on which way the dislocation is considered to run. (The
dislocation AD in Fig. 2.1 can be considered to run from A to D or from
D to A.) Once we have choosen (arbitrarily) the positive direction of
advance along the dislocation, the following two conventions specify the
Burgers vector:

(1) Go around the Burgers circuit in the direction of rotation of a right-
handed screw advancing along the dislocation. (2) The Burgers vector goes
from the end of the Burgers circuit to the starf. For example, in Fig. 1.2 let
the z axis come out of the figure; take zz as the slip plane and let the dis-
location run in the 4z direction; then the Burgers circuit goes counter-
clockwise and the Burgers vector is in the negative x direction. (The
incomplete plane of atoms is on the +y side of the slip plane; hence it is
called a positive edge dislocation.)

3.6 Conservation of the Burgers Vector. This section proves the con-
servation theorem for (1) a single dislocation and (2) several intersecting
dislocations. Both proofs rest on a theorem about what we call equivalent
Burgers circuits. Two Burgers circuits are defined as equivalent if one
can be gradually moved or deformed to coincide with the other without
cutting through any imperfect material. Now the theorem: equivalent
Burgers circuits have the same Burgers vector. ~As an exercise, illustrate the
theorem by drawing several equivalent Burgers circuits in Figs. 1.2 and
2.2. Then prove the theorem rigorously.

Now consider a Burgers circuit around a single dislocation; slide the
circuit (through good material) along the dislocation; at all positions the
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circuit is equivalent to the original circuit; thus the Burgers vector is con-
served along a dislocation.

As an exercise show ngorously that the closure failure of a Burgers cir-
cuit around several dislocations is equal to the sum of their Burgers vec-
tors; then show that, if a dislocation branches, the sum of the Burgers
vectors of the branches is equal to the Burgers vector of the original dis-
location. From here it is an easy step (below) to the conservation
theorem for intersecting dislocations.

The point where several dislocations meet is called a node. In a net-
work of dislocations, any individual dislocation must close on itself, go
into a node, or terminate on the external surface of the crystal (or on a
grain boundary). Chapter 6 discusses the role of nodes in deformation.
Frank (1951) first applied the conservation theorem to nodes; he states it
as follows: The sum of the Burgers vectors of the dislocations meeting at a
node must vanish if each dislocation isconsideredto gointothe node. Frank’s
theorem is the dislocation equivalent of Kirchhoff’s law for electric cur-
rents (the currents are replaced by Burgers vectors). As an exercise the
reader may wish to construct a proof of Frank’s theorem before going on
to the proof in the following paragraph.

Think of one dislocation as going into a node and branching into the
other dislocations. We have already seen that the sum of the Burgers
vectors of the branches is equal to the Burgers vector of the original dis-
location. Thus the sum of the Burgers vectors of the dislocations going
into a node is equal to the sum of the Burgers vectors of the dislocations
coming out of the node. Hence, if all the dislocations are considered to go
into the node, the sum of their Burgers vectors vanishes (reversing the
direction of the dislocation reverses the direction of traversing the Burgers
circuit and therefore changes the sign of the Burgers vector).

3.7 Physical Meaning of the Burgers Vector. In this section, we relate
the Burgers vector to the possible ways of forming (or eliminating) the
dislocation.

Every closed circuit around a dislocation is a Burgers circuit plus the
Burgers vector b. Thus any method of eliminating the dislocation must
somehow introduce an atom-to-atom step equal to —b into every closed
circuit around the dislocation (so that every closed circuit becomes a
Burgers circuit). The elimination of a dislocation, therefore, involves
not only the material in the bad region but also the surrounding good
crystal—rearranging or substituting atoms in the bad region will have no
effect on the closure failure of a surrounding Burgers circuit that runs at a
large distance from the dislocation.

The simplest way to eliminate a dislocation is as follows: First make a
cut connecting the dislocation with the external surface of the crystal.
Such a cut intersects every closed circuit around the dislocation. Next
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displace the two sides of the cut by —b relative to one another (this may
require taking out or adding atoms to the sides of the cut). Now a step
equal to —b has been introduced into every closed circuit around the
dislocation; hence (as shown in the above paragraph) the dislocation has
been eliminated. If we begin with a perfect crystal, make the cut, and
give the two sides an offset +b, then we have created the dislocation; that
is, we have changed every (originally) closed circuit around the dislocation
into a Burgers circuit with closure failure b.

The choice of a cut connecting the dislocation with the external surface
is arbitrary. Thus the dislocation is uniquely defined by a line (the dis-
location line) and a vector (the Burgers vector).

Many different physical processes can produce the same dislocation.
A simple example is the screw dislocation, which has no unique slip plane
therefore all slip systems having the same slip vector could produce the
same screw dislocation. Another example is the edge dislocation; incom-
plete slip could produce it; so could removing half an atomic plane or
inserting an incomplete plane. Figure 3.1 shows several different ways
of making the same edge dislocation; the cut is different in each case—the
displacement b is the same.

For an arbitrary cut, b has components both normal and tangential to
the cut. A layer of material equal in thickness to the normal component
has to be removed from (or added to) the sides of the cut. To make a
dislocation by pure slip, we take the cut parallel to b; then no mass trans-
fer is needed. Since the cut can always be taken parallel to b, pure slip
can form any dislocation; therefore we can represent every dislocation by
slip without loss in generality. Hereafter, slip vector and Burgers vector
will be used interchangeably—without implying, however, that every
dislocation originates in slip.

When the slip (or Burgers) vector has been found for a given disloca-~
tion, it is a simple matter to construct the slip surface. By definition,
the slip surface is the surface generated by lines that (1) go through the
dislocation line and (2) are parallel to the slip vector. The slip plane is
the plane which is tangent to the slip surface; for a curved dislocation, the
slip plane varies along the length of the dislocation.

One might ask, “Why not picture every dislocation in terms of slip?
It is always a possible picture.” The answer is that slip provides an
adequate picture for a stationary dislocation ar a dislocation moving on
its slip plane; slip, however, cannot represent motion normal to the slip
plane. A dislocation in motion is, in fact, sweeping out a cut whose sides
have been displaced by b. If the area swept out is not parallel to b, then
the motion requires mass transport (by diffusion of vacancies or inter-
stitial atoms). However, we are now getting into the subject of
Chap. 4.
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3.8 Frank’s Rigorous Treatment of the Burgers Circuit and Vector.
Frank (1951) has given a more rigorous treatment of the Burgers circuit
and vector. Frank uses two crystals. One is the real (imperfect)
crystal; the other is an ideally perfect crystal of the same crystalstructure;
the latter is called the reference crystal. The real crystal would be
identical with the reference crystal if all the imperfections were eliminated

R <«=Db
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(a) (b)
b
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(©) (d)

Fia. 3.1 Four different ways of making the same dislocation. The cut is different
in each case; the Burgers vector (relative displacement of the two sides of the cut) is
the same. In a and d only pure slip is required; in b and ¢ atoms must be added to
fill the gap.

and the strain was relaxed. Thus there is a one-to-one correspondence
between atoms in the real and reference crystals. Frank defines a Bur-
gers circuit as a closed circuit C in the good material of the real crystal.
He then constructs the corresponding circuit C’ in the reference crystal.
Frank’s Burgers vector is the closure failure of C".

Frank’s procedure has the advantage of referring the Burgers vector to
the unstrained reference crystal, where all t vectors of a given class are
exactly the same; in our procedure the t vectors vary from atom to atom
with the local deformation and rotation of the good material. As an
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exercise the reader may find it profitable to go through some of the pre-
ceding proofs and arguments using Frank’s approach.

3.9 Internal Surface Imperfections and Partial Dislocations. One
class of imperfections remains, namely, those of atomic extent in only one
dimension; here the imperfect region is an extended surface within the
crystal. Internal surface imperfections fall into two classes as follows:

1. The energy of atomic misfit per atom is close to the maximum for the
solid state; bonds are broken or badly distorted and nearest neighbor
relations severely violated. An example is a noncoherent twin bound-
ary or a large-angle-of-misfit grain boundary; here the misfit energy
per atom is close to the latent heat of melting.

2. The misfit energy per atom is small compared with the maximum
value; nearest neighbor requirements are violated only slightly or not
at all. An example is a coherent twin boundary in a face-centered
cubic crystal; here nearest neighbor requirements are completely
satisfied; the energy of misfit comes from violations of next-nearest
neighbor requirements. Other examples are the stacking faults in
face-centered cubic and hexagonal crystals.

In this book we shall be concerned primarily with internal surface
imperfections of type 2 and in particular with stacking faults. Low-
energy tnternal surface imperfections in single crystals are called faults.
Barrett (1952) has discussed the evidence for stacking faults; he finds that
faults have a pronounced effect on plastic deformation. At present no
one knows whether there are any other important faults besides stacking
faults. Chapter 7 will discuss faults in some detail.

Another important type of imperfection is a high-energy line imperfec-
tion forming the boundary (within the crystal) of a fault. Suppose, for
example, that a stacking fault does not extend all the way through the
crystal, it must terminate on a line imperfection. Figures 7.2 and 7.4
show faults ending inside face-centered cubic crystals. Notice that the
edge of the fault is a high-energy imperfection, where nearest neighbor
relations are violated. (On the fault, only next-nearest neighbors are
unhappy.) The boundary (within the crystal) of a fault is called a
partial dislocation. There are various partial dislocations; two of the
most important are those shown in Figs. 7.2 and 7.4. Chapter 7 deals
with partial dislocations and faults in detail; this section merely shows
how they fit into the general picture of imperfections.

Chapter 7 extends Frank’s treatment of the Burgers circuit and vector
to partial dislocations. The Burgers vector of a partial dislocation is not
a t vector. Chapter 7 shows how slip can produce certain types of partial
dislocations; others seem to require some form of mass transport, such as
the condensation of vacancies on one plane. Partial dislocations will be
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easier to appreciate after further discussion of total dislocations, in
Chaps. 4 to 6.

Partial dislocations are also called imperfect, incomplete, or half dis-
locations. Total dislocations are sometimes referred to as complete or
perfect dislocations. Unless otherwise specified, we shall assume that
dislocation means total dislocation.

A partial dislocation can also be the dividing line between two plane
sections of fault. Another type of partial dislocation is.the so-called
twinning dislocation in a twinned crystal; an example is shown in Fig. 7.5.
The twin interface is not exactly coherent (parallel to the twinning plane)
but is made up of sections of coherent twin interface connected by steps.
One step is shown in the figure; at the step, the twin boundary jumps
from one (111) plane to the next; the step is defined as a twinning dis-
location. Chapter 7 discusses twinning dislocations and their role in
twinning.

3.10 Large Dislocations. These have Burgers vectors which are sums
of t vectors. Probably not many large dislocations are stable enough to
exist—they could break up into smaller dislocations, which would then
move apart. A possible exception is a dislocation having a <100>
Burgers vector in body-centered cubic: Sec. 9.7 will discuss large dis-
locations in relation to the combination and splitting of dislocations.

PROBLEMS

1. What pair of dislocations is equivalent to a row of lattice vacancies? What, to a
row of interstitial atoms?

2. What is the minimum number of dislocations (having Burgers vectors equal to
t vectors) that can meet at a node in (a) simple cubie, (b) face-centered cubic, (c) body-
centered cubic, (d) hexagonal close-packed?

8. Consider a plastically deformed crystal containing dislocations. Suppose the
macroscopic stress (average stress over a volume of material that contains many
dislocations) vanishes at all points. Find the distribution of dislocations for the
following cases of plastic deformation:

a. Pure bending in simple cubic where the (010) planes are bent about the [001] axis.
Show that the dislocations are parallel to [001] and have [100] Burgers vectors. Show
that the density of dislocations is x/b per unit area (normal to the dislocations), where
« i8 the curvature.

b. Pure bending in simple cubic with (110) planes bent around the [001] axis.

¢. Pure bending in face-centered cubic with (110) planes bent about [001]. Same
for (010) planes.

d. Pure bending in face-centered cubic where the planes parallel to [001] and
inclined at an angle ¢ to (110) are bent about the [001] axis. Express the density of
each type of dislocation as a function of x and ¢.

e. Pure torsion about the [001] axis in simple or face-centered cubic. Let 0 be the
angle of (plastic) twist per unit length.

4. When the macroscopic stress (as defined in the last problem) vanishes at all
points, then the deformation of the crystal ig defined by the macroscopic rotation o
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(rotation of an element of material that contains many dislocations). Let N; be the
flux of dislocations having Burgers vector b;; that is, the magnitude and direction of
N; are equal to the density and direction, respectively, of the corresponding disloca-
tions; 2 =1, 2, 3, . . . , n where n is the number of different types of dislocations.
Use the Burgers circuits and vectors to show that the N; must satisfy the dyadic
relation

zb.-N.- = Vo —I(V-a)

where I = the (dyadic) idemfactor. HinT: Use Stokes’s theorem relating line and
surface integrals. An alternative proof is given by Nye (1953), who first discovered
the result.

6. The screw dislocation in Fig. 2.2 is a right-handed screw. Consider an L-shaped
dislocation: One arm runs along the -4z axis and is in the edge orientation; the extra
plane of atoms is on the +y side. The other arm of the L runs along the 4z axis
and is pure screw; is it a right- or left-handed screw? For a general rule see Bilby
(1950).



CHAPTER 4

DISLOCATIONS IN MOTION

4.1 Introduction. Moving dislocations are responsible for plastic
deformation. This chapter shows how dislocations move, why they move
easily, and what their motion does to the crystal.

A section of dislocation can move either in its slip plane or normal to it.
Motion on the slip plane (or, more generally, the slip surface) simply
enlarges the slipped area; since only slip is involved, the motion is called
slipping or gliding, or just glide. Motion normal to the slip plane is called
climb. We shall find that climb requires mass transport by diffusion of
vacancies or interstitial atoms. Since glide and climb have different
mechanisms, we discuss them separately. Sections 4.2 to 4.5 deal with
glide and discuss (1) the macroscopic strain, (2) the motions of the atoms,
and (3) the resistance to glide. The resistance to glide is several orders
of magnitude smaller than the resistance to shear of a perfect crystal.
Dislocations were originally introduced to explain the low critical stress
for slip. It now appears that, at least in soft metal crystals, the stress
required to move dislocations is lower than the observed stress at which
slip begins; the latter stress is probably that required to move dislocations
through internal obstacles such as other dislocations or other types of
imperfections, for example, impurities. (Chapters 6 and 9 will discuss
some of the factors that impede the motion of dislocations and thereby
contribute to strength and work hardening.)

Section 4.6 discusses the deformation, atomic motions, and driving
force for climb. Section 4.7 discusses motion in general and proves a use-
ful theorem. When a dislocation moves and the crystal deforms plas-
tically, the work done by the applied stress goes into several forms of
energy, which are distinguished and discussed in Sec. 4.8. Chapter 5 will
show how the work done by the applied stress defines a force on the
dislocation.

4.2 Macroscopic Strain in Glide. A dislocation is a configuration that
can move through the crystal; as the dislocation moves, the crystal
deforms plastically, This section discusses the glide of the pure edge dis-
location in Fig. 1.2 and considers (1) how the atoms move and (2) how the
crystal deforms. Finally, the results are extended to the glide of an
arbitrary dislocation.

40
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First consider the atomic displacements when the dislocation in Fig. 1.2
glides. Figure 4.1 shows the same dislocation (solid circles); the open
circles represent the atoms after the dislocation has moved oneinteratomic
spacing to the left. The configuration of atoms is the same in the two
positions and is symmetrical with respect to a vertical plane through the
dislocation. The figure shows that the motion of the dislocation through
one repeat distance involves only a minor rearrangement of the atoms in
the bad material. Section 4.3 will discuss the atomic displacements in
more detail and consider the variation of atomic misfit energy as the dis-
location moves.
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Fia. 4.1 An cdge dislocation moves one interatomic spacing to the left on its slip
plane. The solid circles represent the positions of the atoms before motion, the
open circles, the positions after.

Now let us see how the crystal deforms as the dislocation in Fig. 4.1
glides. First suppose the dislocation moves all the way across the crys-
tal, starting at the extreme right. Figure 4.2 shows four successive posi-
tions of the dislocation beginning with a perfect unslipped crystal and
ending with a perfect slipped crystal. In the final state (d), the upper
half of the crystal is offset by one interatomic spacing b relative to the
lower half. When the dislocation is in the crystal, the crystal is strained
and the offset of one half relative to the other is not uniform; we then
define offset as the average offset of the upper surface relative to the lower.
Figure 4.2 shows how the offset increases as the dislocation moves. The
solid circles in Fig. 4.1 show the dislocation halfway across the slip plane;
the offset is b/2. Figure 4.2 shows also the one-fifth and four-fifths posi-
tions. In all cases, the offset is approximately proportional to the dis-
tance that the dislocation has moved starting from the extreme right;
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this result appears physically reasonable—the slipped area wants an offset
b, the unslipped area, no offset; the result is a weighted average. It
will be easy to treat the macroscopic deformation more rigorously and
thoroughly after the discussion of work and force in Chap. 5.

Next consider the macroscopic shear strain, which is (offset)/(height of
the crystal). For example, in Fig. 4.1, the dislocation moves one inter-
atomic spacing, or one-eighth of the way across the slip plane. The offset

T oFFseT=4b
I lr N ;
- (a) (c)
OFFSET=£b OFFSET=b
e L
(b) (d@

F1a. 4.2 When a dislocation moves on its slip plane, the crystal deforms; an applied
stress can do work in the deformation. (a) The applied stress that does work when
the dislocation in Fig. 4.1 moves by slip. In b a dislocation, coming in from the right-
hand surface, has moved one-fifth of the way across the slip plane; the (average) offset
of the upper surface is /5. (c) The same except that the dislocation has moved
four-fifths of the way across and the offset is 46/5. When the dislocation has moved
all the way across, d, the offset is b. Note that the stress shown in a does work b per
unit area when the dislocation moves across the slip plane.

associated with the motion is therefore /8. (This is too small an incre-
ment to show up in the figure.) Since the crystal is seven atomic planes
high, the increment of strain is 4. As an exercise show that, when the
dislocation moves so as to sweep out an area A on its slip plane, the macro-
scopic shear strain is bA/V where V is the volume of the crystal. Figure
4.2a shows the stress that provides the driving force trying to make the
dislocation move. Observe that this stress—a shear stress on the slip
plane and in the slip direction—does.work in the macroscopic defor-
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mation. Chapter 5 will show how theapplied stress defines a force on the
dislocation. :

The same general discussion applies to glide of a screw dislocation. As
an exercise, show how the atoms move when the dislocation in Fig. 2.3
glides. Since a screw dislocation has no unique slip plane, it can glide in
any direction. Show how the macroscopic strain varies with the direction
of glide; draw the deformation for two mutually perpendicular directions
of glide. .

Finally consider the glide of a dislocation of arbitrary or variable
orientation. As an exercise, show how the atoms move and how the
crystal deforms when the dislocation in Figs. 2.4 and 2.5 glides. Show
that, when a dislocation with given slip vector glides completely over a
given slip plane, the associated macroscopic strain is the same whether
the dislocation is edge or screw. This result is a consequence of the fol-
lowing general theorem, which will be easy to prove after the discussion of
force in Chap. 5: The macroscopic strain assoctated with the glide of a dis-
location (or section of dislocation) is a shear strain corresponding to the slip
plane and slip direction of the dislocation. The magnitude of the strain is
proportional to the area of slip plane swept out by the moving dislocation.
Thus the macroscopic strain is independent of the orientation of the dis-
location in its slip plane. This point is often a source of confusion. It
may be helpful to remember that, when a dislocation sweeps out an area
on its slip plane, the slip in the slipped area is uniquely determined by the
slip vector.

4.3 Resistance to Glide—Edge Dislocation. In this section we con-
sider the resistance to glide of an edge dislocation—in particular the dis-
location in Fig. 4.1. Section 4.4 will extend the analysis to the general
case of glide of an arbitrary dislocation.

Figure 4.1 showed that the atoms move very short distances when the
dislocation moves one interatomic spacing. The magnitude of the
atomic displacements depends on the width of the dislocation. (Section
2.7 defined the width of a dislocation as the width of the area on the slip
plane where the atoms are out of register by more than half the maximum
amount.) As an exercise show that the atomic displacements (for a
given motion of the dislocation) are inversely proportional to the width of
the dislocation. The dislocation in Fig. 4.1 is narrow, probably narrower
than dislocations in real crystals of metals. ’

Consider the variation in the atomic misfit as the dislocation in Fig. 4.1
moves on its slip plane. The atomic misfit varies periodically with the
displacement of the dislocation, the period of the variation being b; in
other words the configuration of atoms shown in Fig. 4.1 repeats itself
every time the dislocation moves an integral number of atomic spacings.
Now consider the energy E of atomic misfit, which must also vary with
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period b. The configuration of atoms is symmetrical at the two positions
of the dislocation shown in Fig. 4.1; £ is a minimum at these positions.
There is another symmetrical position—and another minimum in £—at a
position halfway between the two shown in Fig. 4.1 (see Prob. 1, Chap. 2).
Between the minima in E, there are maxima, which provide the resistance
to motion. To get over the maxima the dislocation needs help from
applied stress, thermal energy, or both. The following paragraph shows
that the resistance to motion decreases with the width of the dislocation.
(As an exercise, the reader may wish to prove this himself before going
on.)

We have already seen that the atomic displacements (for a given dis-
placement of the dislocation) are less for a wider dislocation. Thus the
change in the configuration of atoms is also less, and so is the change in
misfit energy E. Consequently, the energy hump E.., — E.. is less for
a wider dislocation. The resistance to motion is, in fact, an extremely
sensitive function of dislocation width. Nabarro (1947) has shown that
the stress required to move a dislocation (at the absolute zero of tempera-
ture) varies by many orders of magnitude when the width changes by a
factor of 2. As we discussed in Sec. 2.7, the widths of dislocations in real
crystals are not known and probably vary considerably with atomic
structure.

The resistance to glide has not yet been calculated exactly for any real
crystal—largely because the resistance is a sensitive function of the
unknown details of the atomic arrangement near the center of the dis-
location. It is easy to show, however, that the resistance to motion is
orders of magnitude smaller than the resistance to shear of a perfect
crystal. In fact, calculating the resistance is difficult simply because the
resistance 48 so small; all the effects that we can easily calculate add up to
zero resistance. The following brief consideration of interatomic forces
shows why the dislocation in Fig. 4.1 moves easily:

Consider the three atoms nearest the center of the dislocation. Let A
denote the atom just above the symbol L (that is, the atom forming the
edge of the incomplete atomic plane). Let L be the atom below and to
the left of A; R is the atom below and to the right. The atom A is not in
a stable position; both L and R want A as a normal nearest neighbor. If
we now apply the stress shown in Fig. 4.2a, then A is pushed to the left.
Consequently L’s claim on A is favored and R’s weakened. Therefore A
moves still farther to the left. Thus the dislocation appears to move
under vanishingly small stress. A fairly elaborate calculation is necessary
to estimate even approximately the resistance to motion—see Nabarro
(1947) and Foreman, Jaswon, and Wood (1951).

Cottrell (1953) summarizes the mobility of a dislocation as follows:
Consider the shear on the slip plane. On the unslipped side of the dis-
location, the atoms want to return to the unslipped state; on the slipped
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side, the atoms want to go on to the completely slipped state. The atom
at the center—atom A above—is in a dead-center position. When the
dislocation is at a symmetrical position, there is no change of energy with
an infinitesimal displacement of the dislocation—by symmetry, the work
done against the interatomic forces on one side of the center of the dis-
location equals the work done by the interatomic forces on the other side.
Thus at a symmetrical position the dislocation moves under zero applied
stress. However, before the dislocation can move to the next symmetrical
position, it has to go through unsymmetrical positions, where the inter-
atomic forces do not balance out and the change in energy with dislocation
position does not vanish; hence an applied stress is needed to move the
dislocation. '

The same arguments about resistance to glide apply also to a pure screw
dislocation. Section2.7 mentioned that we do not know how symmetrical
screw dislocations are in real crystals; an unsymmetrical screw will move
the most easily on the slip plane in which it is the widest. As an exercise,
construct a drawing similar to Fig. 2.2 showing a highly unsymmetrical
screw dislocation; show why its resistance to motion would be highly
anisotropic.

Section 4.5 will discuss the effect of temperature on the motion of a
dislocation that lies on the average parallel to a close-packed direction.
First however we consider the resistance to glide in the general case of a
dislocation that has an arbitrary orientation.

4.4 Resistance to Glide—General Case. The dislocations discussed
in the preceding section are simple examples but also, in a way, misleading
examples. Both the edge dislocation in Fig. 4.1 and the pure screw dis-
location are parallel to densely packed directions. This section will show
that the resistance to motion is greatest when the dislocation lies in a
densely packed direction; for an arbitrary irrational direction (wherethe
direction cosines are not in the ratios of integers), the resistance to glide
vanishes. (The reader may wish to prove this as an exercise before going
on to the following proof.)

Define the orientation of the dislocation by the plane that is normal to
the slip plane and parallel to the dislocationgor section of dislocation); let
h, k, and I be the Miller indices of that plane. The dislocation then lies
along the intersection of the slip plane and the (A k I) plane. As the dis-
location glides, its successive positions are parallel to neighboring (h k I)
planes. Define § as the normal distance between neighboring atomic
planes that (1) are parallel to (k k) and (2) have the same density and
arrangement of atoms. In a cubic crystal

a2

TR

where a is the cell constant, or length of the cube edge.

62
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Consider how the atomic misfit varies as the dislocation glides. Again
the configuration of atoms (and the misfit energy E) varies periodically
with the distance moved by the dislocation. The period of the variation
18 8. Thus, for a dislocation parallel to a close-packed direction in simple
cubic, (hkl) = (100) and § = a = b. The following paragraph shows
that the resistance to motion decreases as § decreases and vanishes
as §— 0.

The distance that the dislocation has to move to go over the energy
hump is less than § and decreases as & decreases. The atomic displace-
ments and the associated change in energy are smaller for a smaller
displacement of the dislocation. Therefore the energy hump that the dis-
location has to go over decreases as § decreases. When & = 0, all posi-
tions of the dislocation have the same energy; so the resistance to motion
vanishes. Thus a dislocation lying in an arbitrary irrational direction
has zero resistance to motion; it moves at random because of thermal
vibrations and drifts under a vanishingly small stress.

Seitz (1950) has summarized the motion of an arbitrary dislocation as
follows: If a dislocation has an arbitrary orientation, the nature of the
atomic misfit and the misfit energy per atom vary from point to point
along the dislocation. Now suppose the dislocation moves normal to
itself; as the dislocation moves, the atomic configuration simply moves
along the dislocation. Thereis a redistribution of energy along the length
of the dislocation, but no net change in energy.

4.6 Kinks in Dislocations.! In this section, we consider a dislocation
that is almost but not quite parallel to a densely packed direction. Fig-
ure 4.3 represents the slip plane of the dislocation; the dashed lines are
parallel to a densely packed direction, such as the direction of the slip
vector in Fig. 2.3 or the normal in Fig. 4.1. Consider a dislocation almost
parallel to the densely packed direction. The dashed lines represent
positions of minimum energy of the dislocation; for example, each dashed
line could represent one of the positions shown in Fig. 4.1. The energy of
atomic misfit per unit length of dislocation varies periodically along the
normal to the dashed lines; the period is the spacing § between dashed
lines. The energy maxima lie between the dashed lines.

Let ¢, be the (small) angle between the dashed lines and the average
direction of the dislocation. The minimum energy form of the disloca-
tion will be a curved line; the form of the curve is determined by a balance
between the following two opposing factors:

1. The dislocation wants to lie as much as possible in the energy minima.
This factor alone would give the shape shown by curve A4 in Fig. 4.3.

1The author is indebted to W. Shockley (private communication) for the basic
ideas in this section.
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2. The dislocation tries to reduce energy by being as short as possible—
which favors the straight line shape B.

The actual form of the dislocation is something like curve C. (Prob-
lem 4 involves calculating C as a function of y..) The curved part of C
is called a kink in the dislocation (it has no connection with the so-called
kink bands observed in certain crystals).

As an exercise, describe how the length of a kink depends on the energy
hump or amplitude of energy variation normal to the close-packed direc-
tion. How does the added energy associated with the kink depend on the
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Fia. 4.3 Shapes of a dislocation running almost parallel to a densely packed direction.
The encrgy per unit length of the dislocation is & minimum along the dashed lines and
varies periodically at right angles to these lines. The shape of the dislocation (curve
C) is somewhere between the extremes A and B.

energy hump? The answer is as follows: If the energy hump is a large
fraction of the average energy, then factor 1 above dominates and the
kink is short and has a relatively high energy. As the energy hump
decreases, the kinks become longer and the dislocation approaches the
straight line shape B and kink energy decreases.

Consider how the form of the dislocation changes with yYs. As y,
approaches zero, the kinks become infinitely far apart. When ¢, is so
small that the spacing between kinks is large compared with the kink
length, then the kinks are independent of ¥s; as ¥, increases, the straight
sections between kinks become shorter. When the kinks are close
enough to begin to overlap, then the dislocation is almost straight. The
value of ¥, above which the dislocation is straight depends on the (at
present) unknown magnitude of the energy hump. In Prob. 5 we use the
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Peierls-Nabarro approximation (Sec. 2.7) to calculate the shape of the
dislocation as a function of ¥,. In this approximation, the energy hump
is about 10— electron volt per atom and the dislocation is found to be
straight for ¥, above about 1°.

Now consider the motion of a kinked dislocation: the kinks can move
along the length of the dislocation; such motion causes the dislocation to
move normal to itself; for example in Fig. 4.3 the dislocation moves up
when the kinks move to the left. The sections of dislocation between
kinks have a high resistance to motion; the kinks however have a very
low resistance to moving along the dislocation. Thus a kinked disloca-
tion can move much more easily than one parallel to a close-packed
direction.

Now consider a dislocation that runs at least on the average parallel
to a close-packed direction; ¥, = 0. Except at the absolute zero of tem-
perature, there will be some probability of finding kinks in the dislocation;
gince ¢, = 0, there will be equal numbers of opposite kinks. The
mobility of the dislocation will be limited mainly by the number of kinks;
hence the motion of the dislocation will be characterized by an activation
energy equal to the energy E; of a kink. The calculation of E; (using the
Peierls-Nabarro approximation) forms Prob. 6.

To conclude the discussion of dislocation mobility we may say that the
mobility of a dislocation appears to be a very sensitive function of hoth
atomic structure and orientation of the dislocation. In some cases, and
especially when the dislocation is parallel to a close-packed direction,
temperature probably has an important effect. The mobility has not yet
been calculated for any real crystals and remains a big question mark in
the theory. At present it is believed that, in soft metals (such as the
face-centered cubic and hexagonal close-packed), the measured critical
stress for slip is not the stress necessary to move a dislocation but rather
the stress required to overcome internal stresses such as the stress fields
of other dislocations; in other crystals, and especially in those having the
diamond structure, the motion of a dislocation may involve breaking
bonds and the resistance of a dislocation to motion may provide the
principal resistance to observable plastic deformation. In Chap. 14, we
shall see how the motion of a known array of identical dislocations can be
studied; such studies may provide the answer to the question of how
stress, temperature, and dislocation orientation affect the motion of dis-
locations in real crystals.

4.6 Motion Normal to the Slip Plane (Climb). Any dislocation can be
constructed from edge and screw segments and any motion resolved into
components in the slip plane (glide) and normal to the slip plane (climb).
We have already discussed the glide of edge and screw dislocations; the
motion of & screw is always glide. Thus there remains only the climb of
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an edge, which we discuss in this section. Climb requires mass transport,
as the following argument will show:

Suppose the edge dislocation in Figs. 1.2 and 4.1 moves up one atomic
spacing so that it lies on the next higher slip plane. The extra row of
atoms then ends on the higher slip plane; hence there is one less atom in
the row. The motion therefore requires some method of removing the
atom (which we have called atom A) just above the symbol L. One
such atom must be removed for every atomic plane in which the disloca~
tion climbs up one atomic spacing. If the dislocation moved down, then
atoms would have to be added to the edge of the extra plane. It is con-
ventional to define the positive direction of climb as the direction for
which atoms must be taken away from the extra plane, so that the:extra.
plane shrinks. In negative climb the extra plane grows.

Consider now the atomic mechanism of climb. The atom A on the
edge of the extra plane could be removed in two ways: (1) A lattice
vacancy could diffuse to the dislocation and combine with 4, 4 jumping
into the vacant site. (2) Atom A could break loose, become an interstitial
atom, and diffuse away. In negative climb, atoms are added to the extra
plane; this also could occur in two ways: (1) Interstitial atoms could
diffuse to the dislocation. (2) Atoms from the surrounding crystal could
join the extra plane (leaving vacancies to diffuse away). Thus an edge
dislocation is both a source and a sink for both vacancies and interstitial
atoms.

Now look at climb from a three-dimensional viewpoint. Figure 4.4
shows a crystal containing a circular loop of edge dislocation. This
crystal is equal to a perfect crystal plus an incomplete plane of atoms; the
edge dislocation is the boundary of the incomplete atomic plane. To
illustrate glide and climb, draw the slip surface; this is generated by lines
that (1) pass through the dislocation and (2) are parallel to the Burgers
vector. In Fig. 4.4, the slip surface is a cylinder (shown by dotted lines).
If the dislocation moves off the slip surface, the incomplete atomic plane
grows (or shrinks); therefore atoms must be transported to (or from) its
edge. Read and Shockley (1952a) have described the same picture as
follows:

The crystal in Fig. 4.4 is made up of unit cells; consider a vertical col-
umn of cells (that is, a column parallel to the Burgers vector) ; this column
has either N + 1 or N cells depending on whether or not the dislocation
encircles it. Climb changes the number of columns which have an extra
cell; therefore it requires mass transport.

Vacancies and interstitial atoms are most likely to be absorbed or
emitted at what are called jogs; Fig. 6.7 shows two jogs (Sec. 6.7 describes
their formation). The circles in Fig. 6.7 are atoms that form an in-
complete atomic plane parallel to the plane of the figure. The boundary
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of the incomplete atomic plane is a closed loop of edge dislocation
ABQQ'CDP'P; the Burgers vector is normal to the figure (ignore the vector
b; shown in the drawing—it refers to something else). The segments of
dislocation PP’ and QQ’ arejogs. On an atomic scale, an edge dislocation
of arbitrary shape contains jogs.

Notice that the atoms at P and @’ are the least tightly bound to the
extra plane; they could therefore break away more easily than the others.
Notice also that an atom that joined the extra plane at a jog would be
more likely to stick there than anywhere else on the dislocation. The
reason is as follows: Because of the reentrant corner at the jog, an atom
arriving there can form two bonds with nearest neighbors (in the plane
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F1a. 4.4 A closed loop of edge dislocation in an otherwise perfect crystal. The dis-

location surrounds an incomplete plane of atoms. The slip surface of the dislocation
is a cylinder with axis parallel to the Burgers vector.
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of the drawing) ; at any other point on the dislocation, an additional atom
forms only one such bond. Thus jogs are favorable spots for both the
emission and absorption of both vacancies and interstitial atoms. Asan
exercise, illustrate all four processes.

In thermal equilibrium, atoms join and leave a jog with equal fre-
quency. Consider what happens if, for example, we increase the concen-
tration of vacancies in the surrounding crystal above the equilibrium
value; the rate of arrival of vacancies at the jog increases; therefore the
extra plane shrinks. Thus an excess of vacancies is a driving force for
climb; for a fuller discussion, see Bardeen and Herring (1952); see also
Prob. 3.

Now observe what climb does to macroscopic strain. When atoms are
removed from the extra plane, the crystal collapses locally (compressive
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strain); when atoms are added, the growing atomic plane expands the
crystal locally (tensile strain). Tensile and compressive stresses therefore
do work in climb; an applied compressive stress tries to squeeze out the
extra plane; a tensile stress encourages it to grow (just as a shear stress
encourages a slipped area to expand).

4.7 A Theorem on Slipping vs. Diffusive Motion. Figure 4.4 illus-
trates a theorem about a closed loop of dislocation. The dislocation can
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F1a. 4.5 A possible slipping motion of the dislocation in Fig. 4.4. The dislocation
can glide into any position on the cylindrical slip surface; also, the screw (vertical)
segments can glide on any slip plane—for example, the plane ABCD, as shown by the
dashed line.

glide into any position on the slip surface; Fig. 4.5 shows one possible posi-
tion (two screw sections connect semicircular edge sections). A screw
has no unique slip plane; therefore, a dislocation can increase its freedom
of glide by moving into the screw orientation—which it can always do by
glide. For example, the screw sections in Fig. 4.5 can glide off the original
cylindrical slip surface and glide on the plane ABCD as shown by the
dashed line. Wavy slip lines (observed in « iron and other crystals) are
probably caused by screws shifting from one slip plane to another.

Now the theorem: If a closed loop of dislocation moves so as to change its
projected area on a plane normal to the Burgers vector, then mass transport 8
required. As an exercise, prove this rigorously.
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4.8 Moving Energy and Energy Dissipation. Let W be the work done
on the external surface in the deformation produced by a dislocation in
motion. W goes into the following three forms of energy:

1. E;, the energy dissipated and converted into heat

2. E., the energy of motion, which moves with the dislocation and
depends on dislocation velocity: E» = 0 for zero velocity

3. E,, the potential energy of distortion, which includes both elastic
energy and energy of atomic misfit .

The law of conservation of energy for moving dislocations is
oW = 8E; + 6E,. + OE,

Chapters 5 and 9 will discuss W and E,, which depend only on the position
of the dislocation and not on its velocity. We conclude this chapter with
a brief discussion of E, and E4, which depend on the velocity v of the dis-
location and vanish for a stationary dislocation.

Energy Dissipated, E5. A dislocation in motion can dissipate energy by
interacting with thermal vibrations of the crystal (scattering phonons or
generating heat or sound waves). In steady-state motion all the work
done by the driving forces is so dissipated. The dependence of rate of
energy dissipation on velocity is at present unknown and is probably not
a simple function except at low velocities, where energy dissipated per
unit distance moved is probably proportional to». The energy dissipated
at the moving dislocation spreads out over the crystal and either raises
the temperature or is withdrawn as heat. Cottrell (1953—Sec. 6.4) dis-
cusses the various mechanisms of energy dissipation for a fast moving
dislocation; he also brings out the difficulties of treating the problem
exactly.

Energy of Motion, E,.. E, arises from the motion and moves through
the crystal with the dislocation. We can distinguish the following two
contributions to En:

1. A dislocation is a configuration of atomic positions; therefore associ-
ated with a moving dislocation is a configuration of atomic velocities.
Each atom moves only a short distance as the dislocation moves through
the crystal. The atomic velocity is greatest at the center of the disloca-
tion and decreases with distance from the dislocation. As an exercise,
show that the ratio of maximum atomic velocity to dislocation velocity
increases as the width of the dislocation decreases. The distribution of
kinetic energy that moves with the dislocation is called the kinetic energy
of the dislocation; it is similar to the kinetic energy of a sound wave;
however, the ratio of atomic velocity to configuration velocity is much
greater for a dislocation than it is for an ordinary sound wave.
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2. As the dislocation velocity increases, the form of the dislocation
changes; in particular, the width decreases, so that the misfit is spread
over a narrower area on the slip plane. As the dislocation becomes
narrower, the distortional energy increases. We arbitrarily define this
increase as belonging to E,, rather than E,. By definition E, is the dis-
tortional energy for a stationary dislocation at the same position in the
crystal. The additional distortional energy due to the motion comes
under E,.

The decrease in width of the dislocation is similar to the relativistic
contraction of a particle; in both cases, the width (in the direction of
motion) approaches zero and the energy approaches infinity as the
velocity approaches a limit, which for a dislocation is sound velocity.
For a thorough mathematical discussion of the relativistic effect in dis-
location dynamics, see Frank (1949) and Eshelby (1949a); a simple
derivation, for the special case of a screw dislocation, forms Prob. 6 of
Chap. 8.

PROBLEMS

1. Consider two parallel edge dislocations on orthogonal slip planes in a crystal that
contains no other imperfections. Construet a sequence of atomic displacements by
which the two dislocations move closer together without any glide. What stress
would provide a driving force for such motion?

2. Show how, by pure glide, the dislocation in Fig. 4.5 could divide into two separate
closed loops of pure edge dislocation.

8. What is the direction of climb (positive or negative) for an edge dislocation when
the surrounding crystal has (a) an excess of vacancics (over the equilibrium value),
(b) a deficiency of vacancies, (c) an excess of interstitial atoms, (d) a deficiency of
interstitial atoms?

4. In Fig. 4.3 take the z axis along the close-packed direction. Let the angle ¢
between the dislocation and the z axis be small enough that (1) ¥2 can be neglected
compared with unity and (2) the energy E per unit length of the dislocation depends
only on the y coordinate (and not on y).

a. Show that the differential equation of the dislocation line (curve C in Fig. 4.3) is

dly _ dE
E dzt ~ dy
Show that y is given by
2
PR )

where E,, and ¥, are the maxima of E and y, respectively.
b. Taking E, and ¢, as the minima of E and y, respectively, use the relation

In (En/Eo)
$Wm + o)

to prove the results stated in Sec. 4.5 about how the form of the dislocation changes
with yq.

¢. From the Peierls-Nabarro theory, En — E, = 10~4E,. Use this to find (1) the
value that ¢, approaches as y, approaches zero, and (2) the value of ¢, at which

¥m — Yo =
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¥m = g 80 that the dislocation is approximately straight. Estimate the length of a
kink when y, is low enough that the kinks are separated by distances large compared
with their length.

5. In the preceding problem let E vary sinusoidally with y (Nabarro, 1947). Show
that z is given as a function of y by

F(k,y)
2

where F(k,y) is the eclliptic integral of the first kind (Pierce, ‘A Short Table of Inte-
grals,” p. 122) and k = ¢/ym where e2E,, is the amplitude of varm,tlon of E with y.
(Neglect ¢? compared with unity.) Show that

Ya

¥Ym 2K

x =

where K is the complete elliptic integral of the first kind.
6. Show that, if E(y) varics sinusoidally with y, the energy Ej of a kink is

By = V2B (B — B



CHAPTER 5

FORCES ON DISLOCATIONS

The last chapter showed how dislocations move; this one shows why
they move when stress is applied to the crystal. The effect of the applied
stress is represented by a force on the dislocation.!

b.1 Stress, Work, and Force. As Chap. 4 showed, a moving disloca-
tion can cause the crystal to yield to an applied stress. The total work
done by the applied stress varies with the position of the dislocation.
Whenever energy (or work) varies with the position of a configuration,
we can define a force on the configuration. However the force on a
configuration has to be defined carefully—it should not be confused with
the force on a mass.. The two may have similar properties; this however
has to be proved—not assumed. Section 5.2 introduces the concept of
force in the simple case of glide illustrated in Fig. 4.2. Sections 5.3 and
5.4 treat glide in the general case. Since glide and climb use different
mechanisms, it is convenient to separate the components of force in and
normal to the slip plane. Section 5.5 discusses the force normal to the
slip plane, and Sec. 5.6, the general formulas for force. The chapter
concludes by applying the idea of force to static equilibrium and steady-
state motion.

Before defining the force on a dislocation, we distinguish the following
two types of stress distributions:

Internal Stress. We define as internal stress any state of stress in
which the external surface is stress free. Examples are the stress field
around a dislocation, impurity atom, or other type of imperfection. A
component of internal stress may act at the surface but not on the surface;
for example, let £ = constant be a stress-free surface; then o, 7, and
Tz must vanish at the surface but not oy, 0., and 7,,.

External, or Applied, Stress. This is any distribution of stress that is
produced by forces or constraints applied to the external surface. The
applied stress, by definition, vanishes when the external surfaces are
stress free. Common examples are tension, bending, and torsion; the
latter two are nonuniform stress distributions. The applied stress field is

1 The author is indebted to J. D. Eshelby (private discussion) for suggesting the
gencral approach to force presented in this chapter.
55
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considered to include both the stress acting on the external surface and the
associated siress distribulion inside the crystal.

This chapter considers the case where the dislocation itself is the only
imperfection in the crystal and the stress field of the dislocation is the only
internal stress. We suppose that an arbitrary distribution of stress is
applied to the crystal. When the dislocation moves, the crystal deforms
and the applied stress does work W on the external surface. W repre-
sents energy transferred to the crystal from an external soyrce, such as a
weight or tensile machine. The force on the dislocation is defined by the
variation of W with position of the dislocation. We shall find that the
force at each point on the dislocation is determined by the value of the
applied stress at that point.

The discussion in this chapter is specialized in that the only distribution
of internal stress is the stress field of the dislocation itself and the total
force is the force due to the applied stress. Chapter 9 considers the
general case where there are other imperfections (which contribute to the
internal stress) and shows how dislocations (or dislocations and other
imperfections) exert forces on one another. The total force on a dis-
location is the sum of (1) the force due to the applied stress (discussed in
this chapter) and (2) the force due to the stress fields of other dislocations
or other types of imperfections (defined and discussed in Chap. 9).
Chapter 9 will show that the fotal force on a dislocation is defined by the
change in W — E, with position of the dislocation. The work done by
the total force is 6W — 8E,, which (by the conservation of energy) is
equal to 8B + SE.. In other words the total force on the dislocation
does work which goes into energy of motion or energy dissipated—as in
the motion of a mass. The work —é8E, is done by the forces exerted on
the dislocation by other imperfections.

Another way of looking at the energy relations is as follows: When the
crystal deforms, it acquires energy §W (in the form of mechanical work)
from the external source. All of 6W that does not go into stored energy
E, goes into the work done by the force on the dislocation.

In this chapter we shall be concerned entirely with applied loads that
remain constant as the dislocation moves—which is usually the case in
conventional methods of stressing, such as simple tension. Similar
arguments apply for other methods of stressing; in all cases the same
formulas give the force on a dislocation. (The case where the external
surface of the crystal is held fixed as the dislocation moves forms Prob. 6.)

6.2 Simple Example of Glide. This section introduces the concept of
force through the example of glide illustrated in Figs. 4.1 and 4.2. Figure
4.2a shows the applied stress = that does work when the dislocation moves
and the crystal deforms. When the dislocation moves all the way across
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the slip plane, the work done is 7b per unit area (the upper surface is offset
by b; the force on it is 7 per unit area). We define the force (per unit
length of dislocation) as the work done when unit length of dislocation
moves unit distance. Hereafter, force will mean force per unit length.
The force, by definition, is the work done per unit area swept out by the
dislocation. Thus, in the above simple example, the force (or at least
the average force) on the moving dislocation is 7b. The following section
will show rigorously that the applied stress exerts a constant force vb on
the moving dislocation; in other words, if A is the area swept out by the
moving dislocation and W the work done, then F = dW/dA = 7b.
However, before going on to the more general analysis, we use the simple
case (Fig. 4.2) to illustrate some energy relations that are important in
the general derivation.

First consider a hypothetical case where uniform slip is taking place at
a constant rate on the slip plane in Fig. 4.2. The half of the crystal above
the slip plane is moving as a whole relative to the fixed lower half.
Assume that the resistance to motion comes from friction on the slip
plane, where one atomic plane is sliding over the other (there is no dis-
location in this hypothetical case). Observe that there is no net force on
the upper half of the crystal (since it is moving at constant velocity); the
force on the upper surface is 7 (take the area as unity for convenience);
the force on the lower surface of the upper half crystal is —r. Thus the
applied stress field does no work ; it does, of course, do work on the external
surface of the crystal; but an equal amount of work is done against the
applied stress on the slip plane. The work done on the external surface is
mechanical energy transferred to the crystal from an external source; the
work done on the slip plane represents energy dissipated in friction.
(The situation is exactly analogous to a horse pulling a sleigh: no work is
done on the sleigh; the work done by the horse is equal to the energy dissi-
pated by friction.)

In all cases, when slip occurs and the crystal deforms, the applied stress
does work both on the external surface and on the slip plane, and the two
amounts of work are equal and of opposite sign. (Section 5.3 will prove
this rigorously for the general case.) For example, suppose the slip in
Fig. 4.2 occurs because the dislocation is moving, with uniform velocity,
across the slip plane. Consider an element of area dA swept out by the
moving dislocation. In the area dA4, the two sides of the slip plane are
offset by b; the stress acting across the slip plane and in the slip direction
is 7; therefore the work done against the applied stress is 7bdA (verify that
work is done against r on the slip plane if the dislocation moves so that =
does work on the external surface). By hypothesis, the dislocation is
moving with uniform velocity; therefore all the work done on the slip
plane is dissipated as heat or acoustical waves. Thus (work done by the
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applied stress on the external surface) = (work done by the force b on
the dislocation) = (energy dissipated on the slip plane). If the disloca-
tion were accelerating (instead of moving with constant velocity), some
of the work rbdA would go into energy of motion E, (Sec. 4.8) instead of
energy dissipated Ea.

6.3 General Case of Glide. The example in Sec. 5.2 is a simple case
in that (1) a straight dislocation moved uniformly and swept out the
whole area of the slip plane, (2) the crystal had a simple shape, (3) the
applied stress was a uniform distribution of pure shear. As an exercise,
carry through the same argument for a pure screw dislocation with the
same stress, slip plane, and slip vector; show that the force on it is the
same.

In this section we consider the general case: an arbitrarily curved dis-
location glides in a crystal of arbitrary shape with an arbitrary distribu-
tion of applied stress. Let 7 be the component of applied stress that acts
in the direction of the slip vector and on the slip plane of the dislocation.
In general 7 varies—not only because the applied stress is nonuniform but
also because the slip plane of a curved dislocation varies along the
dislocation.

Focus attention on a short segment of dislocation (short enough to be
considered straight, so that we can speak of its slip plane). Let the seg-
ment move a short distance, sweeping out a small element of area dA.
Associated with this incremental displacement of the dislocation is an
increment of macroscopic strain, in which the applied stress does work
dW on the external surface. Now comes the principal result of this sec-
tion (the proof comes later): The value of = in the area dA (inside the
crystal) determines the work dW done on the exfernal surface. In the
limit dA — 0, dW = brdA. By definition dW/dA is the force on the
segment of dislocation. Thus the dislocation experiences a force F = br.
In general F varies along the dislocation since = varies. It is important to
emphasize that the work done by an arbitrary distribution of stress on the
external surface is uniquely given by the stress at a point inside the
crystal; this follows from the fact that the externally applied surface stress
uniquely determines the stress distribution inside the crystal.

We have defined 7 as the component of applied stress on the slip plane
and in the slip direction. The slip direction is conserved along the dis-
location, but the slip plane may vary (being always the plane containing
the slip vector and the tangent to the dislocation line). For example in
Fig. 2.6 the segment of dislocation CD lies on the slip plane A BCD, which
is normal to the slip plane of DE. If r = r,, for one segment, r = 7,, for
the other (where z is the slip direction). Thus the force on a curved or
bent dislocation can vary along its length even when the applied stress
field is constant throughout the crystal.
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We now turn to the proof of F = br for the general case: The proof rests
on the theorem that the applied stress field does no work when the dis-
location moves—a result that we have already illustrated for a simple
case in Sec. 5.2. The proof in the general case requires that we consider
the energy of a crystal containing a dislocation and subject to applied
stress. The total stress is the sum of (1) the stress field of the dislocation
and (2) the applied stress; that is, the two stress distributions add.
(Actually they do not quite add in the bad region at the center of the
dislocation, where the distortion due to the dislocation is nonlinear; how-
ever, we can ignore this effect without error provided the applied stress
does not vary appreciably over the width of the bad region, which is only
a few atoms.) The energy of distortion in the crystal is the sum of the
following three terms:

1. E, is the energy of the dislocation alone.

2. E, is the energy of the applied stress field alone.

3. E,, = E,, is the interaction energy, or energy required to superpose
one stress field on the other. E |, is the work that the stress field of
the dislocation does in the deformation associated with the applied
stress; B, is the work that the applied stress does in the deformation
associated with the dislocation. (Prove E,, = E,; from the con-
servation energy.)

Consider how these three terms vary with position of the dislocation.
If the applied stress remains constant as the dislocation moves, E,
remains constant. Unless the dislocation is near the external surface,
E | does not change. (Chapter 9 will show that the effect of the surface
can be represented by an image dislocation, which exerts a force on the
real dislocation.) In this chapter we are primarily interested in the
interaction energy. We have seen that the deformation of the crystal
(due to the presence of the dislocation) varies with the position of the
dislocation. Thus, when the dislocation moves and the crystal deforms,
the work done by the applied stress is (by definition) the change in E,; .
The following paragraph will prove, by a simple physical argument, that
E, , is identically zero; hence no work is done by the applied stress field
as the dislocation moves. Therefore, when the dislocation moves, the
work dW done on the external surface must be equal and opposite to the
work done on the slip plane. In the area dA the two sides of the slip
plane are offset by b; hence work br d4 is done against the applied stress;
80 dW = br dA and F = br (as in the simple example in Sec. 5.2).

To complete the argument, it remains only to prove that E,, = 0.
The proof is as follows: Let the crystal already contain the dislocation.
Superpose the applied stress. Since the dislocation does not move, no
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work is done on the slip plane; therefore any work done must be done on
the external surface. However, the stress field of a dislocation—or, in
fact, any internal stress field—can do no work on the external surface
since an internal stress field gives no stress acting on the external surface
(see definition of internal stress in Sec. 5.1). It is easy to generalize this
result and show that there is no interaction between any internal stress
field and any applied stress field. In general, however, two external stress
fields—or two internal stress fields—will have an energy of interaction.

Let us now summarize the argument of this section: No work is done by
the stress field of the dislocation in superposing the applied stress onthe
dislocation. Therefore, by conservation of energy, nowork is done by the
applied stress in superposing the dislocation on the applied stress field.
Thus, when the dislocation is superposed on an applied stress field, equal
and opposite amounts of work are done by the applied stress on (1) the
external surface and (2) the slip plane of the dislocation.

In elasticity theory the argument would go as follows: E,, is the work
done on the boundary of the elastic region when the dislocation is super-
posed on the applied stress. The boundary of the elastic region includes
not only the external surface but also the two sides of the slip plane (since
slip is not an elastic strain). Thus the vanishing of the interaction energy
gives

W—fAbrdA =0 (.1)

where A is the slipped area. Differentiating gives dW = br dA as before.

We are now in a position to prove rigorously the statements about
macroscopic strain in Chap. 4: Assume that a uniform but otherwise
arbitrary stress is applied. When the dislocation moves, the component
of stress r does work in the macroscopic deformation. The other (arbi-
trary) stress components do no work; therefore the corresponding macro-
scopic strain components must vanish. Thus when a dislocation moves,
the macroscopic deformation produced is a shear strain corresponding to
the slip plane and direction of the dislocation. As an exercise prove that
the macroscopic (or average) strain is bA/V w