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FOREWORD

THE study of the physical properties of metals has developed through
a number of stages. The first was that in which the mechanical
properties were correlated empirically with the heat treatment to which
the metal had been subjected and, sometimes, to the chemical composi-
tion. At this stage the successful treatment of metals was an art, in the
sense that experience rather than understanding led to the most
satisfactory results. The next stage, in which the internal structure of
the metal was examined, was based originally on the use of the micro-
scope and it was found that many experimental facts could be explained
in terms of effects that were of the right size to be seen under mag-
nifications of less than about two thousand. The development of the
x-ray diffraction techniques allowed phenomena of a smaller order of
magnitude to be examined, and much of the existing information was
found to be comprehensible in terms of the geometry of the crystal
structure of the various phases that were visible under the microscope.

More recent development can perhaps best be discussed by a division
of the field into what may be termed ‘statics’ and ‘dynamics’. Under
the former heading is the study of the conditions which govern the
structure of a metal or alloy when it is in thermodynamic and mechanical
equilibrium. The theories of the phases that are present in equilibrium
and of the elastic constants have made remarkable progress in terms of
rapidly developing theory of the part played by electrons in the metal.

Under the heading of ‘dynamic’ effects we may include both the
conditions governing the approach to equilibrium in respect of the
phases that are present, in which diffusion plays an important part,
and the response of a metal to forces which are sufficient to cause
non-recoverable or plastic mechanical deformation.

These and associated subjects have advanced so rapidly that it has
become difficult for research workers in one part of the field to remain
up to date in other branches. It is the purpose of this volume, which
is to be the first of an annual series, to present authoritative reviews of
the present state of knowledge in specialized aspects of the field that
includes both physical metallurgy and metal physics. It is not intended
that any one volume should form a complete textbook on these subjects.
It is hoped rather that a few subjects of current interest should be
discussed rather fully so as to cover, in the course of several years, all
the more important aspects in which progress is being made. In order
to make the series reasonably self contained it is proposed that the
necessary ‘historical’ background should be included the first time a
particular subject is discussed. Subsequent articles on such subjects

will generally only cover the more recent progress.
B. CHALMERS
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1
PROGRESS IN THE THEORY OF ALLOYS
G. V. Raynor

THE PERIOD between the two world wars was one of intense activity in
the development of the theory of alloys, and it was during the first part
of this period that the use of x-ray crystal structure methods laid the
foundations for the pregress which followed. Careful systematic
experimental work on the constitution of many alloy systems, including
several of only theoretical importance, combined with the results of
crystal structure determinations on the intermetallic phases, enabled
important generalizations to be made. The correlation of these with
the results of purely theoretical work on the physical nature of the
metallic state showed that a consistent theory of alloy formation could
be developed for ‘the relatively simple monovalent metals copper,
silver, and gold. More recently progress has been made in applying the
electron theory of metals to alloy formation in metals of valency greater
than unity, and to the structure of intermetallic phases in general.

The term ‘valency’ is generally used in metal physics to denote the
number of effectively free electrons per atom which are contributed to
the metallic structure. In its chemical reactions copper may show a
valency of two or one, that is, two electrons may be lost, leaving an ion
with twenty seven electrons and two positive charges, or only one
electron may be lost, the resulting ion having twenty eight electrons
and one positive charge. In the case of metallic copper, however, there
is abundant evidence, from both physical and metallurgical sources,
that each copper atom contributes to the structure one relatively free
electron, and that the sites of the crystal lattice are occupied by singly
charged ions. Cohesion arises from interaction between the ions and
the free electrons, while the latter, which can be regarded for many
purposes as forming an ‘electron gas’ within the metal, are responsible
for such properties as electrical conductivity. Itisbecomingincreasingly
clear, however, that the electron theory forms only a part of alloy
theory; many other factors have to be considered which may con-
siderably modify the purely electronic effects. Prominent among these
other factors are the relativg sizes of the atoms of the component
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PROGRESS IN METAL PHYSICS

metals of an alloy, the differences in electrochemical properties between
the components, and the general nature of the binding forces in the solid
state. Progress continues to be made in assessing the effects of these
factors, the interplay of which makes the whole problem complicated
and generally not amenable to mathematical treatment. At the present
stage of the subject, however, it is possible to make limited predictions
with regard to the forms of certain binary and ternary equilibrium dia-
grams, and the general theory of ternary equilibrium is being clarified.
The general theory of the formation of alloys, and the fundamental
atomic and electron theory which forms its essential background, have
been comprehensively reviewed in several recent publications, par-
ticularly by HuMeE-RoTHERY, to whom much of the development of
this subject has been due.!-* Since this material is readily available,
the present review will deal mainly with recent developments and with
certain special aspects of alloy theory. Owing to the immense scope of
the subject, no claim to completeness can be made, and many interesting
topics will have to be excluded. It will be assumed that the reader is
familiar with the modern physical conception of a metal as a regular
array in space of metallic ions, with the valency electrons free to move
and thus forming an ‘electron gas’ throughout the metal as a whole.

PRIMARY SOLID SOLUTIONS

Solutions in Copper, Silver, and Gold—In most cases, when one metal dis-
solves in another it replaces atoms of the solvent metal on the space
lattice of the latter, forming what is known as a substitutional solid
solution. One of the most important generalizations made by Hume-
Rothery was that in copper and silver alloys the extensive formation
of primary solid solutions was unlikely if the sizes of the atoms of the
solvent and solute metals differed by more than approximately 15 per
cent of that of the solvent.® If the difference was within this limit, the
size factor of the solute was termed favourable, and if‘outside, un-
favourable, with respect to a given solvent. Thus cadmium is within
the zone of favourable size factors with respect to silver but outside
the corresponding zone for copper; it dissolves extensively in silver but
only to a very limited extent in copper. The generalization is discussed
in detail, with many other examples, by HuME-ROTHERY.1:8

As a measure of the size of an atom, the interatomic distance in the
crystal of the corresponding element was originally chosen, 5 since it was
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PROGRESS IN THE THEORY OF ALLOYS

rightly argued that this would be a more fundamental characteristic of
the metal than the atomic radius proposed by GoLDsCHMIDT.®
Goldschmidt’s atomic radii were in many cases deduced from the
apparent sizes of atoms in alloys, where, however, they are affected by
many incidental factors to be discussed later.

For the face-centred and body-centred cubic metals, each atom is
equidistantly surrounded by twelve and eight close neighbours respec-
tively, and there is no difficulty in assigning interatomic distances.
For close-packed hexagonal metals, however, there are two sets of six
neighbours, lying at slightly different distances, for each atom. In
these cases, and for other structures in which more than one inter-
atomic distance has to be considered, the closest distance of approach
is taken as a measure of the atomic size. Difficulties arise where the
metal is incompletely ionized in the metallic state, since it may be fully
ionized in an alloy. Its effective atomic size for alloy formation will
then be smaller than the interatomic distance in the crystal of the
element. Corrections may be applicd in these cases to obtain an
approximate value of the fully ionized atomic diameter.®

Comparison of the atomic diameters of a given solvent metal and a
given solute gives a useful guide in deciding whether extensive solid
solutions will be formed. Replacement of an atom of the solvent lattice
by an atom of approximately the same size will be easier than replace-
ment by a larger atom. In the first case the local distortion produced
will be small, and in the second considerable. Detailed examination
of the problem shows, however, that it is insufficient to specify the size
of an atom by a single constant. Not only the size of the atom, but also
the amount of this space occupied by the underlying ion, must be
considered.”® Examples of the importance of ionic sizes, of which
PauLiNnGg® and ZACHARIASEN!? give suitable lists, will be given later in
this section. In many cases it is also necessary to take into account the
mutual effects of the component metals on each other.!!

The formation of a solid solution over a wide range of composition
will, however, only take place if certain other conditions are also
favourable.® Where the alloy components differ considerably in electro-
chemical character, stable intermediate compounds tend to be formed
at the expense of the primary solid solution. This becomes clear when
the free energy principles of alloy formation are studied. Figure 1
represents hypothetical free energy curves at a given temperature for

3




PROGRESS IN METAL PHYSICS

the solid solutions of lead, tin, germanium, and silicon in magnesium,
and for the compounds formed. At equilibrium, the free energy for
any composition is a minimum. The compositions of the solid solution

|
|
&% | Mg,Pb
|
|

Free Epergy

Mg, S

Atomic Composition

Figure 1. Hypothetical free energy
curves at a given temperature for the
solid solutions of lead, tin, ger-
manium, and silicon in magnesium
and for the compounds formed

and the compound in equilibrium
are therefore represented by the
points of contact of the tangent com-
mon to the two curves. Any alloy
with a composition between these
points has a lower energy if it is a
mixture of* two phases than if it
were to exist as either homogeneous
phase. As the compound becomes
more stable and the corresponding
free energy curve deeper, the point
of contact of the common tangent
with the solid solnution curve moves
progressively to lower solute con-
centrations. Thus a wide range of
solid solutions is formed only in the
absence of marked electrochemical
differences between the components.

It is much more likely that a
metal of low valency, such as silver,
will dissolve an appreciable amount
of a metal of higher valency, such
as magnesium, than the reverse
(relative valency effect).5 When
magnesium dissolves in silver, atoms
with one valency electron each are
replaced by atoms with two valency
electrons each, and the average
number of electrons per atom rises.
Conversely, solution of silver in

magnesium decreases the electron/atom ratio. Since the electrons are
responsible for binding the structure together, it is advantageous to
have an excess rather than a deficit of electrons. The binding forces in
alloys are more fully discussed later. .
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PROGRESS IN THE THEORY OF ALLOYS

For many metals of favourable size factor with respect to silver and
copper the solubilities depend intimately on the valency of the solute,
being greatest for divalent solutes and decreasing with increasing
solute valency. Similarly the liquidus and solidus curves fall more
steeply with increasing solute valency. These observations have con-
siderable theoretical significance. From a systematic study of the solid
solubilities in copper and silver of the elements of the B sub-groups
of the periodic table, Hume-Rothery showed that the maximum solid
solubility corresponded to a valency electron/atom ratio of approxi-
mately 1-4.° In these alloys, the effect of size and electrochemical
factors is small. Thus the divalent elements zinc, cadmium, and mer-
cury dissolve in silver up to a limit of approximately 40 atomic per
cent, while in the systems copper-aluminium, copper-gallium, silver-
aluminium and silver-indium the solubilities of the trivalent solutes are
approximately 20 atomic per cent. The solubilities of the tetravalent
elements silicon, germanium, and tin are of the order 12 to 13 atomic
per cent in copper-silicon, copper-germanium, and silver-tin alloys—
a figure which is close to the value 13-3 atomic per cent calculated for
a valency electron/atom ratio of 1-4. The solubility of tin in copper,
where the size factor is on the borderline of the favourable zone, is,
however, only 9-26 atomic per cent. Thus although there is a general
tendency for maximum solid solubility in this class of alloy to occur
at an electron/atom ratio of 1-4, other factors such as the relative
atomic diameters and lattice distortion effects are operative in de-
termining the exact values. It has been shown by Hume-RoTHERY!?
that for solute elements whose size factors are not unfavourable with
respect to copper, the mean lattice distortion produced at the solubility
limit affects the corresponding electron/atom ratio relatively slightly
provided a total expansion of 0-07 to 0-09 A is not exceeded (copper-
zinc, copper-gallium, copper-aluminium). For greater expansions
there is a sharp fall in the electron/atom ratio at saturation (copper-tin,
copper-indium). For solutes of unfavourable size factor the distortion
never reaches this limit, and the intense local effects round solute atoms
must be taken into account.

The solid solubilities of many metals in copper, silver, and gold
have recently been reviewed by OweN,23-1¢ who has summarized the
electron/atom ratios at maximum solubility as in Table I, in which the
size factors of the solutes are,also shown.
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Table I. Electron|Atom Ratios at Maximum Solubility

Electron/atom Electron/atom ’
Alloy ratio at Size Alloy ratio at Size
system maximum Sactor system maximum Sactor
solubility solubility
Ag-Cd 1-428 f Ag-Ge 1°29 ’ b
Ag-In 1:°404 f Ag-Sb 1-29 ( f
Ag-Al 1-403 f Cu-As 1-27 ! f
Ag-Zn 1°40 f Cu-Sn 1-27 | b
Cu-Al J-40 S Au-In 1-255 f
Cu-Ga 1°39 f Au-Ga 1-25 b
Cu-Zn 1-38 f Cu-Sb 1°24 b
Ag-Ga 1-36 b Cu-In 1-22 b
Ag-As 1-35 u Au-Sn 1205 f
Cu-Ge 1-34 f Au-Hg 1'20 f
Ag-Sn 1°335 S Au-Ge 1-09 b
Au-Cd 1-33 f Au-Sb 1:045 f
Au-Al 1°31 f Cu-Cd 1°02 u
Au-Zn 1'30 f Cu-Ag 1-00 b
S = favourable b = borderline u = unfavourable

From silver-cadmium to copper-zinc the size factors are favourable,
and the electron/atom ratio changes from 1-43 to 1-38. In the favour-
able series copper-germanium to gold-zinc the electron/atom ratio
changes from 1-34 to 1-:30. For the silver-antimony and copper-arsenic
systems, in spite of favourable size factors, the ratios are respectively
only 1:29 and 1-27, due to the electrochemical effect. For copper and
silver, therefore, the maximum solid solubilities for solutes of favourable
size factor vary between comparatively wide limits. Alloys with gold
as solvent show much lower electron/atom ratios at saturation; the
value for gold-cadmium is 1-33, and that for gold-tin 1-205. The
general rule is for the electron/atom ratio at saturation to decrease,
for the two long pecriods, as the valency of the solute increases from
two to five. The exception to this rule is the series of alloys from copper-
cadmium to copper-antimony, to which further reference is made
below.

The experimental data may be plotted in the form of Figure 2, which
brings out the relationship between the maximum solid solubility and
the solute valency, and demonstrates the relatively lower saturation
values for gold. The difference in maximum solubility for the two series
in which the solute is in the same period as the solvent (copper-gallium

6



PROGRESS IN THE THEORY OF ALLOYS

to copper-arsenic, silver-indium to silver-antimony) is almost identical.
This illustrates that the valency principle is more clearly operative

/100

®
(o]

o
o

Maximum Solubility Per Cent Solute

Agln
40 CuGa
AgqGa AgSn
Auln CuGe AgAs
AuGa AgGe AgSb
Culn CuSn CuAs
20 — AuSn CuSb
* N
S ? = AuGe AuSb
.\._:;_:r._: -~ AuAs
~. X —
~. s
0 — s
4 k)
Volency
Figure 2. The relationship between maximum solid solubility
and valency

in the absence of factors due to the unequal sizes and different
electronic structures of the constituent ions.

In special cases a closer insight into the effects of differences in
atomic size between the solvent and solute metals may be obtained,®
and it is found that the maximum solubility is the same for two solute
atoms of the same valency if, when dissolved in the same solvent, the
ratio of the atomic diameter of one solute to that of the solvent is
approximately equal to the ratio of the atomic diameter of the solvent
to that of the other solute. Similar results follow if, when the solutes
are dissolved in different solvents, the ratio of the diameter of the
solute atom to that of the solvent atom is the same in both cases.
The following relationships represent the ratios of the atomic diameters;
thus cadmium/gold = gold/zinc, and the solubilities of cadmium and
zinc in gold are very similar; also gallium and indium dissolve to the
same extent in gold, where gold/gallium == indium/gold. For solutions
of germanium in copper ar‘ld tin in silver, in which the maximum

7
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solubilities are again equal, copper/germanium = silver/tin, while
similar considerations apply to the silver-indium and copper-aluminium
systems, where indium/silver == aluminium/copper. Comparison of
the solubilities of arsenic in copper and tin in gold suggests that the
same principle holds even for solutes of different valency, provided
this lies between four and five.

The solubility limit is thus sensitive to exact relative size relationships
between the constituent atoms. It is interesting to note that, for di- or
trivalent solutes, solute atoms of greater or smaller diameters than
the solvent atom respectively expand or contract the lattice, whereas
for tetra- and pentavalent solutes an atom of smaller diameter than
that of the solvent may expand the solvent lattice.!®17 As the
solute valency increases, valency factors become more important than
size effects in determining the distortion of the solvent lattice. These
important effects are discussed later. The maximum solubility, how-
ever, appears to be more closely correlated with atomic size differences
than with lattice distortion. '

Owen explains the lower solubilities in gold in terms of the relative
sizes of the atoms and ions of copper, silver, and gold.1® The amount of
space occupied by the ion of a metal i.e. nucleus plus non-valency
electrons, is less than the amount of space occupied by the atom in the
crystal structure.?” The greater the difference, the greater will be the
free space occupied mainly by valency electrons. It will be easier to
introduce a large foreign ion into a structure with a large amount of
extra-ionic space than into one whose ions are practically touching.
The gold ion is larger than that of silver, while the lattice spacing of
gold is slightly smaller than that of silver. The gold lattice thus has less
extra-ionic space than silver and it will be relatively more difficult to
introduce foreign ions into it. Conditions in copper are similar to those
in silver, This view attributes low solubilities entirely to the unfavour-
able configuration of the gold lattice. Itis probable, however, that the
solute atom also plays a part, in that its ionic charge may deform the
electronic atmosphere of the solvent ion.1! Positive ions in inorganic
chemical compounds exert a greater deformation the smaller their
size and the greater their charge, so that the outer electrons of a large
diffuse negative ion are almost equally affected by the positive charge of
a small neighbouring ion as by their own nucleus. In effect, electrons
are pulled out of the deformed ion and come partially under the control

8



PROGRESS IN THE THEORY OF ALLOYS

of the deforming ion. The same process may occur to a lesser extent in
assemblies of unlike positive ions, as in alloys. Thus the large gold ion
would be more easily deformable than the smaller silver and copper
ions, and when alloyed with a metal having a small, highly charged ion,
such as trivalent aluminium, the outer electrons of the gold ion may be
envisaged as becoming so much under the influence of the deforming
ion as to become effectively free. Supportis given to this by the existence
of the purple compound!® Al,Au, which crystallizes in a structure
frequently assumed by phases with an electron/atom ratio of 8/3.
The extra electron necessary to give Al,Au this electron/atom ratio
very probably comes from the gold ion, under the influence of the
aluminium ions. When fewer deforming ions are present the effect
will be less but may well make the contribution of gold to the common
stock of electrons greater than one per atom.1® It will then need less
solute metal than in the case of copper and silver, which are less de-
formable than gold, to raise the number of valency electrons to 1-4 per
atom. This serves to emphasize that in alloy problems the possible
interactions between ions must not be neglected.

The small solubility of cadmium in copper_has been explained. as
due to an unfavourable size factor This would suggest that the

solubilities in copper of the remaining elements of the same period as
cadmium would be equally restricted, since the size factors become no
more favourable, but in fact the solubilities in copper of indium, tin,
and antimony approach progressively closer to the theoretical value
corresponding with 1-4 electrons per atom. This apparently anomalous
behaviour illustrates the insufficiency of the simple size factor principle,
and indicates that the size of the ionic radii must play a part. On
passing along the series of metals from cadmium to antimony, the ions
of the solutes decrease in size progressively. It becomes progressively
easier, therefore, to insert the ions of cadmium, indium, tin, and
antimony into the solvent lattice, and this explains why the solubilities
become more nearly normal on passing along the series.® The same
process should occur with the series gold-cadmium, gold-indium,
gold-tin, and gold-antimony if the size of the gold ion is the only
factor influencing the relatively low solubilities in gold. Instead, the
reverse is the case (Table I), giving striking confirmation to the sug-
gestion that the lower solubilities in gold are due to deformation of the
gold ion by the solute, becaus.e, as the size of the solute ion shrinks and

9
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its charge increases, it becomes a more effective deforming agent and
more of the electrons of the gold ion become effectively free. Thus,
in agreement with experiment, progressively less of the solute will be
required to achieve 1-4 electrons per atom through the series from gold-
cadmium to gold-antimony.

Interesting fundamental advances in the theory of solid solubility
have therefore been made since the discovery by Hume-Rothery of
the constant electron/atom ratio of 1-4 at saturation. These advances
have been mainly directed towards sorting out the factors which cause
deviations from this value, the theoretical significance of which is
discussed later.

Solutions in Magnesium, Linc and Cadmium?°—22—The solvents discussed
above are effectively monovalent and form alloys in which electro-
chemical effects are usually small. Magnesium, however, is divalent
and strongly electropositive. It therefore forms stable intermetallic
compounds with the more electronegative elements of Groups IV,
Vs, and VIB of the periodic table. With selenium and tellurium
the very stable compounds MgSe and MgTe are formed, while Mg,As,,
Mg,Sb,, and Mg;Bi, are formed with Group VB elements. With
Group IVs elements Mg,Si, Mg,Ge, Mg,Sn, and Mg,Pb are formed.
In all these cases the primary solid solution is restricted by compound
formation; this restriction is the more marked the more stable the
compound (see Figure r). The solubility of monovalent metals in
magnesium is restricted by the relative valency effect, except for lithium,
where the relatively large solubility can be explained in terms of
chemical similarity.?

Only Group IIB and IIIB elements, therefore, can be expected to
dissolve to any extent in magnesium. Of the solute metals available
for examining the influence of size factor effects without interference
from compound formation or the relative valency effect, and for which
the equilibrium diagrams are accurately known, cadmium, indium, and
thallium are of favourable size factor with respect to magnesium.
Aluminium is borderline, and zinc and gallium are unfavourable.
In agreement with the general size factor principle, cadmium, which
also has a close-packed hexagonal lattice like magnesium, forms a
continuous series of solid solutions.?® The characteristic changes in
the axial ratios of the alloys may be explained theoretically; super-
lattices are formed at low temperatures. Indium and thallium have

10
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maximum solubilities of 19-4 and 15-4 atomic per cent respectively,
while aluminium dissolves to 11-6 atomic per cent. The borderline
nature of the size factor for aluminium is manifested in the marked
decrease of solubility with falling temperature. This is characteristic
of borderline size factors, so that if it is desired to develop age hardening
alloys the solute or solutes should not have too favourable a size factor
with respect to the solvent. A further consequence of the borderline
size factor is that, though the

liquidus curveis practically the | q

same as for the magnesium-in- ¥

dium system, the solidus curve § ssof i\ "

has a much steeper fall. Solidus § 500 \\& ?

curves in general appear to be < ol @M& Mg
more sensitive to size factor - =
effects than liquidus curves. 0+ 725% 950 75 %
The solubilities of zinc and Sotute Atomic Per Cent
gallium are restricted, and Figure 3. Liquidus curves for the systems
both the liquidus and solidus Ga-Mg, TI-Mg, In-Mg, Al-Mg
curves fall steeply. For the tri- 700

valent solutes, results are sum- .,

marized in Figures 3 and 4, ¥ \\\EMQ

in connection with which it $°°] $Mo A% Al j’
should be pointed out that 'Z:‘woo = /

solutes of the third long period, = 00 / /I
such as thallium, always give /| { / )
an abnormally large liquidus 0% 4;31(”?8%;3: AT
and solidus depression. A Figure 4. Solidus and solid solubility
general survey of magnesium curves for the systems Ga-Mg, TI1-Mg,
alloys confirms that, as in In-Mg, Al-Mg

copper and silver alloys, increasing solute valency causes a steeper fall
of the liquidus and solidus curves, but the intervention of compound
formation at Group IVB precludes a complete survey.

The existence of a relation for magnesium alloys similar to that
which limits primary solid solubilities in copper and silver to a com-
position corresponding to 1-4 electrons per atom is difficult to confirm,
since for Group IIB solutes the electron/atom ratio is unchanged,
while for Group IVB the compound formation factor interferes. Of
the quadrivalent solutes, lead is the element for which compound
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formation interferes least. The electron/atom ratio is 2:154 when the
maximum solubility of lead in magnesium is reached—a value almost
identical with the figure of 2-155 for thallium in magnesium. The
values for lead and thallium cannot be compared readily with that for
indium, since the abnormally steep solidus depression produced by
solutes of the third long period leads to some restriction in solid solu-
bility. Effects for thallium and lead are, however, comparable.

When, therefore, allowance is made for the electropositive and
divalent nature of magnesium, it is seen that similar principles hold as
for copper and silver alloys. The same principles would be expected
to apply to alloys of zinc and cadmium. There is, however, a significant
difference between magnesium on the one hand and zinc and cadmium
on the other, since the last two metals form only very restricted solid
solutions with the elements of Group IIIB. Data are available for the
alloys of aluminium, gallium, indium, and thallium in zinc and
cadmium, but in no case is the formation of solid solutions appreciable.
Even where the size factor is favourable, the highest solid solubility is
3 atomic per cent of aluminium in zinc. This behaviour is due to the
difference in the electron energy distribution in the crystals of the
elements and is discussed more fully later.

Other Solvents—For solvent metals of higher valency, the interplay
of the many factors operative in solid solution formation makes any
brief analysis of the situation difficult. It will suffice here to indicate
that the size factor principle, the electrochemical factor, and the
relative valency effect appear to be of very general application, but
that clear valency effects such as are met with in copper and silver
alloys are obscured. Beginnings have been made, howe.ver, in corre-
lating the solid solutions formed in iron, with special reference to the
Y = « transformation, and interesting results have been obtained.
Reference should be made to papers by KorniLov,2¢ HuME-ROTHERY
and CHRISTIAN,2% and ZENER.28

Very few elements dissolve to any appreciable extent in aluminium,
with the exception of zinc and silver, which both decrease the electron/
atom ratio. It is of interest to note that the solid solubility curve for
silver in aluminium shows a sharp change of slope at a composition
corresponding to 2:6 electrons per atom, which is almost exactly the
electron/atom ratio at which the solid solution of zinc in aluminium
breaks up into two face-centred cubic phases of different lattice

12
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spacing.1*® Electronic effects may thus be recognized in aluminium
alloys but are usually obscured by other factors.

ELECTRON COMPOUNDS

The term ‘electron compound’ is now well recognized to mean an
intermediate phase, in an alloy system, of which the crystal structure
and composition are both controlled mainly by the establishment of a
certain electron/atom ratio.! The recognition of this principle was due
mainly to the work of HuME-ROTHERY?? and to the systematic x-ray
work of WESTGREN and his collaborators,?® and represents a great
advance in alloy theory. It has enabled the systematization of many
alloy phases, and is of much interest theoretically. Full accounts of the
formation of electron compounds at electron/atom ratios of 3/2 (body-
centred cubic), 21/13 (y brass structure) and 7/4 (close-packed
hexagonal) may be found in references 1-3.

3/2 Electron Compounds—In many copper, silver, and gold alloy systems,
increase of the solute concentration beyond the primary solubility limit
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causes a new phase to appear; at still higher solute concentrations
the alloys consist entirely of the new phase. This is shown in the equili-
brium diagram of the copper-zinc system (Figure 5). The second phase
frequently has the body-centred cubic structure, either ordered or dis-
ordered, but may also have close-packed hexagonal or B manganese
structures. The characteristic of these phases is that they are based on
an electron/atom ratio of 3/2. Thus the second phase in Figure 5 is
represented as CuZn; those which occur in the alloys of copper with
aluminium and tin may be respectively represented as CugzAl and
CugSn. Table II, which is due to WITTE,?? summarizes the data on
body-centred cubic phases, but also contains details of some phases
which are not electron compounds. The systems marked with a cross
may be ignored, temporarily, but emphasize that the electron factor
is not the only one which leads to this structure. It is seen that the 3/2
electron compounds in most cases have a range of homogeneity on
either side of the fundamental composition; this range usually de-
creases with falling temperature. Some B phases are stable from the
melting point to room temperature, but most exist only at high tem-
peratures, and decompose eutectoidally at lower temperatures into
the o phase and another phase. The symbol P represents a body-
centred cubic 3/2 electron compound. It is important to note that
the phases CoAl, NiAl and FeAl can only possess the electron/atom
ratio of 3/2 if the transition metals contribute no electrons to the
structure. Similarly, transition metal atoms in the electron compounds
with electron/atom ratios 21/13 and 7/4 contribute no electrons
to the structure. This principle, due chiefly to Exman,3 is well
established.

HuMe-RoTHERY, REYNOLDS, and RAYyNOR3! have reviewed the 3/2
electron compounds which occur in silver, copper, and gold alloys and
have shown that, although the electron/atom ratio is important in
controlling their existence, the details of their compositions, homo-
geneity ranges, and crystal structures are sensitive to other factors,
including size factor, temperature, and solute valency. The relevant
data are summarized in Figure 6, in which the homogeneity ranges are
plotted in terms of temperature (vertically) and electron/atom ratio
(horizontally). The scales above each drawing refer to atomic per cent
of solute, while the numbers prefixed by the plus or minus signs express
the percentage size factor derived from the solvent (D;) and solute
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(Dy) atomic diameters, i.e. (Dyg — D,)100/D,. The following general
trends are apparent:

1 Increasing solute valency favours the p manganese (u) or
close-packed hexagonal (3) phases at the expense of the
body-centred cubic disordered (p) or ordered (p’) phases.
The copper-zinc system has both B and P’ phases, the
copper-gallium system has a high temperature p phase
but a 3 phase at low temperatures, while in the copper-
germanium system only the 3 phase is stable.

2 Increasing temperature favours the B phases at the expense
of the other possible types.

3 Increasing size factor favours the p and B’ phases at the
expense of the other possible phases.

¢ The general effect of increasing size factor is to displace
the B phases to lower electron/atom ratios and to restrict
their homogeneity ranges in terms of both electron/atom
ratio and temperature.

5 The tendency to form ordered P’ structures follows the
sequence gold > silver > copper.

The last observation shows that some other factor in addition to
temperature, size factor, and valency is necessary to interpret the
forms and stabilities of the 3/2 electron compounds. Detailed study
suggests that this factor is the difference in electrochemical character
of the components. Gold is more electronegative than copper or silver,
which do not differ greatly electrochemically. Thus with electropositive
solutes such as magnesium the electrochemical factor is considerably
greater for gold than for silver, and somewhat greater for silver than
for copper. The tendency to form ordered structures with the Group
IIe elements is also in the order Au > Ag > Cu. This tendency
cannot be due to size effects, in view of the large difference in stability
of the P’ phases for alloys of magnesium with silver and gold, which
have almost the same interatomic distances. The tendency to form
ordered 3/2 electron compounds is thus greater the greater the electro-
chemical factor. Many features of these phases may be interpreted
according to this principle, and, in general, the higher the electro-
chemical factor, the more will the electron compound assume the
character of true compounds (i.e. ordered structures and congruent
melting points). This emphagizes a point which is becoming increasingly
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clear, that there is no sharp dividing line between the various types
of intermediate phases in alloys. In the electron compounds the
electron/atom ratio is the most important factor, but the other factors
discussed each play their part, and in other compounds may be pre-
dominant. The formation of intermediate phases must be regarded as
a very general problem of fitting unlike atoms together into a stable
structure. The easily classi-
fiable compounds are merely
those in which a clearly recog-
nizable factor predominates,
and the interplay of all factors
must be taken into account.

The importance of the
electron/atom ratiois empha-
sized by the work of BraD-
LEY and TAyLor on NiAl3?2
and of Lipson and TayLOR33

Density
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2858t

28~54 A 1 vl 0l L 1 1 1

44 46 48 S50 52 54 56 58 60 62
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Figure 7. The relationship between a lattice .
spacing and b density of nickel-aluminium body-centred cubic structure

alloys and the nickel concentration. | Quenched in which nickel atoms occupy
JSfrom 9o0°C. 2 Two phases

Lottice Spacing X Units

on some ternary alloys based
on this phase. The NiAlalloy
containing equal parts of
nickel and aluminium has a

cube centres and aluminium
atoms occupy cube corners. With excess of nickel, aluminium atoms are
replaced by nickel, and since nickel has smaller atoms and is denser
than aluminium, the lattice spacing decreases and the density rises
(Figure 7). On the other hand, with excess of aluminium, the lattice
spacing of NiAl is not increased, nor is the density regularly reduced
as would be expected on replacement of nickel atoms by aluminium.
Instead, the lattice spacing again falls and there is an anomaly in the
density curve. These effects are due to the omission of nickel from some
lattice points; the excess of aluminium is obtained by keeping the
number of aluminium atoms per unit cell constant, and leaving empty
the lattice sites vacated by nickel atoms. The total number of atoms
per unit cell falls in such a way as to maintain the number of electrons
per unit cell constant. See Table I11.

It might be argued that spatial consideragions would limit the number
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Table III. Electron and Atom Ratios for Nickel-Aluminium Alloys

Number of Number of Number of
Atomic per cent, Ni electrons|atom atoms|unit cell electrons|unit cell
496 1°51 2°00 3-02
48-9 1'53 2°00 306
484 1°55 1-96 304
466 1-60 1-89 3-02
4525 1:64 1-84 3-02
40°0 1-80 1-67 3-00

of large aluminium atoms per unit cell to one, and that the omission of
nickel atoms, rather than the replacement of nickel by aluminium, is a
consequence of this. This is disproved by the behaviour of the ternary p
phasein the copper-aluminium-nickel alloys, which also has a defect struc-
ture. The spatial theory requires loss of nickel atoms to begin at 50 atomic
per cent of aluminium; the electron theory requires it to begin when
the electron/atom ratio 1:5,
characteristic of the ideal
structure with no defects, is
exceeded. Figure 8, in which
the number of atoms per unit
cell is plotted for the ternary
alloys, shows that the latter
requirement is fulfilled. The
NiAl phase therefore prefers
the drastic step of omitting
atoms from its structure to o, /2 9F205 2901 /99 /96 189

QL8

increasing the number of elec-
trons per unitcell above three.
The number of atoms per unit
cell is a more fundamental
value than the electron/atom ratio, but it will be appreciated that,
where there are no defects, the electron/atom ratio is merely the number
of electrons per unit cell divided by a constant for a given crystal
structure. For a body-centred cube with no defects, the electron/atom
ratio 3/2 is strictly equivalent to three electrons per unit cell.

21/13 Electron Compounds—In the copper-zinc alloys, the phase
CugZng which occurs at the electron/atom ratio 21/13 has a complex

19
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crystal structure with 52 atoms per unit cell. Entirely analogous
phases occur in other alloy systems, the data for which are summarized
in Table IV, which is also due to WITTE.2® Again transition metal atoms
contribute no electrons to the structure, and it should be noted that the
range of homogeneity, although usually present, tends to be less than
for the 3/2 electron compounds. The existence of the phase AgLi,
(more correctly AgsLi;,) with the y brass structure shows that this
structure can exist when the valency conditions are not satisfied. On
the other hand, the existence of Naj; Pbg shows that the y brass structure
may be formed at the correct electron/atom ratio in systems other than
those of copper, silver, gold, or a transition metal. As for 3/2 electron
compounds, size factor effects are traceable; although the general
structures of CuzZng and CuzCdg are entirely analogous, the actual
atomic arrangement in the various atomic sites differs,34 owing to the
difference in size of the zinc and cadmium atoms.

The y brass structure is closely related to other alloy structures.
It can be derived from a body-centred cubic structure by stacking
together 27 cubes to form a large cubic unit with 54 atoms, and then
omitting two atoms to give 52 atoms per unit cell. As described above,
the NiAl phase also omits atoms from the structure when aluminium
is in excess, and at 45 atomic per cent of nickel the appearance of the
alloy resembles y brass.?2 Since, however, the missing atoms are
removed in a random manner, the X-ray pattern is still that of the
body-centred cube. It is of great interest to note that, were a y phase
to be formed, its composition would bc NigAl, (electron/atom ratio
21/13), with a nickel content of 46-1 atomic per cent; this is very
close to the composition at which the NiAl phase resembles y brass,
and it is significant that atoms are missing from the structure in both
cases. As noted later, the very common nickel arsenide structure also
bears a resemblance to the y brass structure when it has an excess of
transitional atoms. Thus for alloy systems of copper, silver, gold, and
the transition metals there is usually an attempt to form structures
derived from the body-centred cube if this is at all possible.

7/4 Electron Compounds—In the copper-zinc alloys the close-packed
hexagonal CuZn, phase occurs at 7/4 electrons per atom. Analogous
phases occur in other systems, as shown in Table V. Here, however,
there are rather more exceptions to the general rule, since the close-
packed hexagonal structure js a common one which could arise from a
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variety of other considerations apart from those of valency. It is of
interest to note that the 7/4 electron compound AgCd, forms unbroken
solid solutions, above 300°C, with magnesium.3% This shows that there
is no essential difference in binding between the pure metal and the
intermediate phase. Below 300°C superlattices are formed similar
to those in the magnesium-cadmium system.

A detailed study of electron compounds shows that the electron/atom
ratio is a very important controlling factor in dictating the crystal
structure. The theoretical reasons for this are discussed in the next
section. At the same time other factors may not only modify the
details of the structures taken up but may exert a deciding influence on
the ranges of composition and temperature over which the phases are
stable. In particular the development of order in electron compounds
gives them many of the characteristics of compounds involving molecule
formation, and it is impossible to draw sharp dividing lines between
the various types. Size rclationships may lead to the appearance of
structures typical of electron compounds where the establishment of
the corresponding electron/atom ratio is impossible or may lead to
the formation of new structures, the details of which may be affected
by electronic effects. Some examples of this are discussed later.

THE ELECTRONIC THEORY OF ALLOYS

Recent publications®3 have dealt in detail with the application of
atomic and electronic theory to the study of alloys; only an outline of
the subject and some recent developments will be given here.
According to modern theories, moving electrons may be represented
as a wave system of wavelength A = A/mv, where £ is Planck’s constant
and mv is the momentum of the electron. A free electron therefore has
kinetic energy E = mv?*/2 or h%2mA2, and the energy of an electron
can be represented in terms &'Tt—he wave number, which equals
1/A. The energies of the valency electrons in a metal occupy a series
of possible stationary states, which in a crystal of finite size are so close
together that they can be regarded as forming a continuum, so that, for
a small number of electrons per atom, the graph of E against £ is of the
form of Figure 9. As the number of electrons increases, however, the
corresponding k& value increases, because only two electrons, with
opposite spin quantum numbers, can have energies corresponding to
a single energy state; thus JV glectrons occupy the N/2 lowest states. At
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a certain wave number £, for an electron moving in a certain direction
in the lattice, the wavelength has a critical value A, such that it satisfies
the Bragg relation A, = 2dsin & for diffraction by a certain set of
atomic planes upon which it is incident at the angle 6, the interplanar
spacing being d. The curve of E against £ for this direction of motion
then takes the form of Figure ro. Electrons with wavelengths slightly

e e oo —
x « —dE
£
0 £ £, F
Figure 9. Relation between Figure 10. Relation between k and E
k and E for free Sor an electron moving in a given
electrons direction in a periodic lattice
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Figure 11. The graphical representation of the critical
wave number of an electron moving a lattice
less than A, have energies relatively much greater than those with
wavelengths slightly greater than A,. The energy gap represents a
range of energies which an electron cannot possess if it is to be free to
move in this direction in the lattice. Similar curves, differing in the
position and magnitude of the energy gap, apply for other directions
of motion. To describe the energy gaps fully, therefore, some form of
three-dimensional plotting is necessary. This is achieved by taking
axes k,, k,, and k, mutually at right angles, and plotting the critical
wave numbers £, vectorially. Thus, in Figure 11, the length of the line

24



PROGRESS IN THE THEORY OF ALLOYS

OP represents k,, and the direction OP represents the direction of
motion of the electron with wave number k,. The critical &, values
then lie on intersecting planes, in & space, which form a three-dimen-
sional figure with symmetry related to that of the particular metal
lattice considered. Across the planes energy varies discontinuously,
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Figure 12. a The face-centred cubic structure and b the corresponding Brillouin zone

but may vary continuously within the enclosed volume. Such enclosed
volumes are known as Brillouin zones, and the forms of the first
Brillouin zones for the face-centred and body-centred cubic structures
are shown in Figures 12 and 13. Each can‘contain’ a maximum number of
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Figure 14. The modification of the
distribution of energy states brought
Figure 13. The first Brillouin zone about by the presence of a periodic
Jor the body~centred cubic structure Sield

two electrons per atom. Energy contours inside such zones are spherical
surfaces when the number of electrons per atom is low; as this number
increases the energy of the most energetic electron increases and the
radius of the spherical surface increases, until, when it begins to approach
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the bounding planes of the zone, the surface is distorted from spherical
shape. The curve for N(E) obtained by plotting the number of energy
states per unit volume lying between E and E 4 dE against E thus
takes the form shown in Figure 14, where the dotted curve represents
the corresponding curve if the zone restrictions are neglected. The

area under the zone curve between the limits £, and E is the total
E

number of states | N(E)dE with energies in this range. The second
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b Figure 16. Curves showing number of
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Figure 15. Two possible curves for Sunction of energy a for the face-

the distribution of electron energy centred cubic structure, b for the
states for the first and second zones body~centred cubic structure

zone may be separated by energy gaps in all directions from the first
zone (Figure 15a), but in metals the lowest energy in the second zone
is usually lower than the highest energy in the first zone (Figure 15b).
The zones are then said to ‘overlap’.

For the monovalent metals copper, silver, and gold the first Brillouin
zone has only half its volume occupied by electrons. Addition of
further electrons, e.g. by alloy formation, can proceed without hin-
drance until point B (Figure 14) is reached; after this point, owing to
the steep fall in the curve, the addition of a small number of electrons
causes the energy to rise sharply. It is approximately at this point that
the structure would be expected to become unstable with regard to
possible alternative structures. In considering equilibrium between two
phases, the characteristics of both must be considered. Figure 16
shows N(E) curves calculated by Jones3® for the face-centred and
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body-centred cubic structures respectively. When a certain number of
electrons per atom is reached, the curve for the face-centred structure a
falls steeply, while that for the body-centred structure b continues to
rise. Where curve q falls while curve b is still rising, the electrons can be
accommodated with a lower energy in the zone for the body-centred
structure; this therefore represents the point at which the a phase
becomes unstable with regard to the P phase in the equilibrium
diagram. Calculation gives the electron/atom ratios for « and B in
equilibrium as 1-409 and 1-447 respectively, in striking agreement with
experiment. The theory only applies to cases of very favourable size
factor, since distortion effects are ignored.

a c
Figure 17. The first Brillouin zone for magnesium a perspective, b equatorial
plan, c elevation

According to this theory, alloys tend to crystallize in such a structure
that the N(E) curve is as high as possible. There is thus a tendency for
structures to be such that the electrons present are accommodated in the
region from E, to the point B (Figure 14), so that the corresponding
Brillouin zone is nearly full. As shown in Figure 1o, this represents
the tendency of the total energy to diminish as much as possible; the
energy of electrons just below an energy gap is depressed. This, in
brief, accounts for the existence of the 3/2, 21/13, and 7/4 electron
compounds. The zones for these structures can contain slightly more
than the number of electrons per atom present. This tendency is very
general and provides an elegant interpretation of the equilibrium
diagrams of copper, silver, and gold alloys and of certain metallic
structures, e.g. bismuth.

For magnesium, with two electrons per atom and a close-packed
hexagonal structure with an axial ratio 1:6225, the theory is more
complex.3? The first Brillouin zone is shown in Figure 17 in perspective,
equatorial plan, and elevation, and includes the small prism shown on
the right of the perspective drawing on each of the vertical A faces.
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It can contain two electrons per atom. There are, however, overlaps
from this zone, and owing to the asymmetry of the figure, these do not
occur symmetrically.?! For magnesium (and other hexagonal metals
with crystallographic axial ratio ¢/a < 1-63), overlaps occur in the
following order:
a From the incomplete first zone, across A faces, into the
small prisms (A overlap).
b From the complete first zone into the second zone at the
re-entrant corners Q (Q overlap).
¢ From the complete first zone into the second zone across
B faces (B overlap).

At two electrons per atom, only the A and Q overlaps occur. For
zinc and cadmium, with ¢/a > 1-63, the corresponding zone is com-
pressed along the hexagonal axis, and B type planes come nearer to
the origin than A type planes. Overlaps then occur in the order
B, A, Q. The effect of this on the N(E) curves is shown qualitatively
in Figures 18 (¢c/a < 1-63) and 19 (¢/a > 1-63). The dotted curves

D) L \
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N RS
NN s
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Figure 18. The effect of overlaps at Figure 19. The effect of overlaps at
two electrons per atom upon the N(E) two electrons per atom upon the N(E)
curves for magnesium curves for zinc and cadmium

refer to individual overlaps and the full curve to the resultant energy
distribution, while the shaded area represents two electrons per atom.
At the limit of the shaded area the curve for magnesium is still rising
steeply, while that for zinc and cadmium is almost horizontal. On
increasing the electron/atom ratio by solution of elements of higher
valency, the energy increase for a given electronic increase is thus
greater for zinc and cadmium than for magnesium. This factor explains
the different dissolving powers of magnesium, zinc, and cadmium for
elements of Group IIIs.

Strictly speaking, the zone theory calculations refer to the absolute
zero of temperature. To allow for the effect of temperature, additional

28



PROGRESS IN THE THEORY OF ALLOYS

calculations are necessary, introducing entropy terms. JoNEs has made
such calculations for equilibria between the face-centred and body-
centred cubic phases in certain copper alloys,3® assuming that the phase
boundaries arise from the difference in the electronic energy of the
two phases. Thus the free energy per atom for the o phase may be
written:
Fo(xa,T) = fa(%a,T) — TSma(xa)
Here xa is the atomic concentration, and Sma is the mixing entropy.

Sma = — k{xalog xa + (1 — xa) log (1 — xa)}

T T
cadT
and  fa(¥a,T) = Ua(xa) + | ¢adT — “T
0 [}
Ua(%4) is the internal energy at ab-
solute zero, and cq is the specific heat Theorel/col
at constant volume. Corresponding /000 1 Observeq
expressions hold for the B phase. At F G \ \ouon
equilibrium 600 \
[ \ \ \
OFa — oFp _ Fa(xa) — Fp(xp) © 600 \ %\
0xa  Oxg (*a — xB) g ‘\ \
and the solution of this equation, § <00 I I
subject to certain simplifying assump- & ! \ \
. . . 200 |
tions, gives the required phase o Phase :
boundary variation, Ug — U. being obeedo 1 _} L]
known from the zone theory calcula-
tions. The results, compared with _,,, \

experiment, are shown in Figure 20. o >0 20

In the course of the calculation it Solute Atomic Per Cent
. d th Figure 20. The calculated phase
1s assumed that boundaries (full curves) and the
Sa(%a, T) — fp(x8,T) observed phase boundaries (broken

— _ curves) between the « and P fields of
Ua(#a) Us(xf) the copper-aluminium and copper-zinc

The validity of this approximation equilibrium diagrams

has been questioned by ZENER,38 who
points out that it is equivalent to assuming that temperature changes
alter Fo and Fg in the same manner. Zener alsostates that Jones’ results
contain an error of computation.

Zener proposes that account must be taken of the differences in the
thermodynamic properties of the two phases and that at temperatures
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above the characteristic temperatures of each phase the free energy

per atom should be written:

kT
F(x,T) = U(x) + kT{x log x 4+ (1 — %) log (1 — x)} — 3/:Tlog%;

where j refers to a or B, x is considered as a single composition variable,
and v; is the geometrical mean of all normal modes of vibration. This
leads to

Sa(%,T) — fa(x,T) = Ua(x) — Up(x) + 3leog:—;

so that the difference in the thermodynamical properties of the two
phases is determined by va/vg. Solution of the equilibrium equations
now leads to the following expressions for the phase boundaries, where
Cy, Gy, Cy, and C, are adjustable constants and x, is some arbitrary
composition within the range of interest:

_ G _ kT
g — Xa =& where C = C, + _xo(l )
X + Xa _ . — C;+ 3kTlog C,
2 o C,

Exact agreement with the phase diagram of Figure 5 above the B = p’
transformation is obtained by a suitable choice of the four constants.
By extrapolating the (a + B)/p and B/(P + y) boundaries downwards,
an intersection is obtained at approximately 100°C. Thus B brass
would become unstable at this temperature if the order/disorder
transformation did not intervene.

Further characteristics of the body-centred cubic structure are
considered by Zener, with particular reference to the elastic anisotropy,
which is illustrated by the fact that the ratio of the elastic moduli
measured in the [111] and [100] directions in the P brass crystal at
room temperature, Epy,1/ Efy90 = 8:9.3° Further, the shear constants
Cyq (referring to shear across the (100) planes) and (C,, — Cy,)/2
(referring to shear across the (110) planes in the [110] direction), are
in the ratio 18 to 19 according to temperature.® Some resistance to
shear is provided in all structures by the electrostatic interaction between
valency electrons and ions. In the body-centred cubic structure,
however, this may be overcompensated by the repulsion arising from
exchange interaction between ions with closed shells (i.e. no vacant
energy states) whose ionic atmospheres are overlapping. This, combined
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with the fact that a body-centred cubic packing of balls would
have no resistance to a simple (110) [110] shear, accounts for the low
value of (Cy; — Cy3)/2 and the mechanical instability of the lattice
with respect to such shears. Analogous behaviour would be expected for
all body-centred cubic structures composed of ions with closed shells,
and this suggests why this structure is limited to certain places in
the periodic table. For alkali metals the ions are too small to overlap
appreciably, and repulsion between them at normal temperatures is
small. The body-centred cube is thus stable. The non-alkali body-
centred cubic metals (except for thallium and barium) all have ions in
which the outermost d shells are incomplete.

Similar considerations account for the anomalous temperature
variations (at relatively low temperatures) of the elastic modulus of
B brass. The (Cy; — C;,)/2 shear constant arises from:

¢ A positive term due to attraction between valency electrons
and ions,
i1 A negative term due to repulsion between ions.

The term i varies slowly with change in lattice constant, while i
varies rapidly. Thermal expansion decreases term i more rapidly
than i, so that with rising temperature the shear constant increases,
instcad of suffering the more usual decrease. For P brass itself, the
temperature coefficient of (Cy; — Cy,)/2 changes sign at about 200°C
owing to the decrease in the coefficient associated with disordering.

Zener’s theory suggests that the mechanical instability of the
body-centred cubic lattice is more serious the lower the temperature,
and it is of very great interest to note that BARRETT has produced a
transformation of body-centred cubic lithium into a face-centred form
by plastic deformation at — 196°C, in spite of previous statements
that the body-centred structure was stable from liquid air temperatures
upwards.4l The transformation is accompanied by audible clicks
suggesting abrupt shear movements in small isolated regions round
which constraints result; this accounts for Barrett’s inability to trans-
form more than about half the sample by the type of straining used.
At — 196°C the new structure has a lattice spacing of a = 4-41A,
as opposed to 3-50 A for the body-centred structure at the same tem-
perature. The explanation, in terms of Zener’s theory, is that since the
shear constant (C,; — C;,;)/2 is small, the amplitudes of thermal
vibration in the (110) plane and [110] direction are large; consequently
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the entropy, which is proportional to the logarithm of the amplitude of
thermal vibration, is also large. The free energy of the structure
F=U— TS, so that 8F/dT = — §; hence the temperature co-
efficient of the free energy is high, and the free energy increases rapidly
as the temperature falls. At some temperature the free energy for the
body-centred cubic structure may be greater than that for the face-
centred cubic structure, for which @F/07T is not so large. A transforma-
tion is thus possible, just as certain compositions of B brass change
into the face-centred structure on cooling. Such a transformation
should be aided by shear in the direction in which the shear constant is
low, since not only does it help the atoms to surmount the potential
barrier in this direction but it produces an atomic arrangement which is
ncarly face-centred cubic.

Considerable progress is therefore being made with the mathematical
theory of metals and alloys and, by judicious combinations of electron
theory and classical thermodynamics, some insight has been gained
into the reasons for the assumption of one crystal structure rather than
another in specific cases.

OTHER INTERMEDIATE PHASES IN ALLOYS

Electron compounds with electron/atom ratios of 3/2, 21/13, and 7/4
rarely occur outside the comparatively restricted range of alloys with
copper, silver, gold, or the transition mectals. Considerable attention
has been paid to intermediate phases other than electron compounds,
and progress has been made in understanding their characteristics.
Several structures which are dependent on size relationships have
been discussed by Hume-RoTHERY.! These include the interstitial
hydrides, nitrides, carbides, and borides of the metals, in which the
small non-metallic atom is accommodated in a suitably sized hole in
a simple skeleton, usually a close-packed metal lattice, which may
itself be somewhat distorted.4? A large class of substitutional inter-
metallic compounds crystallizes in the NaTl structure, in which each
atom is surrounded by four of its own kind and four of the other com-
ponent; the arrangement is body-centred cubic and typical of cases
where the sizes of the component atoms are closely similar.43 A face-
centred cubic structure, bearing great resemblance to the CuzAu
superlattice, is frequently assumed where the component atoms are
neither too different nor too similar in gize. The compounds NaPb,,
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CaPby, SrPbg, CePbg, CaTl,, CaSng, and CeSn, have this structure. 44
Certain other structures will now be discussed in more detail.

The Cudly Structure—This structure (Figure 21b) is assumed by more
phases than was formerly recognized.® The following compounds
crystallize in this structure:

BFe, BCo, BNi, FeSn, CoSn, FeGe,
RhPb, PdPb, AuPb, AuNa, CuAl, MnSn,

Classification of these compounds in terms of the valencies of the
components, or their positions in the periodic table, is impossible. Thus

Figure 21. The CuAl, structure

iron and cobalt can form either the A or the B metal in the formula
BA,; in all cases, however, the A component has a larger atomic
diameter than the B metal, and a survey of the structures suggests that
for the CuAl, structure to be assumed, A/B must be of the order of 1-2.
The structure may be regarded as derived from two face-centred cubic
copper unit cells stacked vertically (Figure 2ra). If the atoms at the
centres of vertical faces are each replaced by a pair of aluminium atoms
and the structure elongated horizontally, the CuAl, structure results.
The arrangement is a skeleton of A atoms, in which the smaller B
atoms fit. The A atoms form pairs in the [110] direction, and the
distance between the atoms of such a pair is shorter than in the metal
crystal. This may be taken as evidence of strong bonding, which
reinforces the size factor effect. It is to be noted that each atom is
surrounded by more than twelve atoms, so that the coordination
number is high. This confirms that the size relationships are important.
See later.

*
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The Laves Phases AB,—Many phases crystallize in one of three
fundamental types of structure, characterized by the compounds
MgCu,, MgZn,, and MgNi,. These are collected in Table VI. Inter-
pretation of the whole group in terms of electron rules is impossible,
and though there is a tendency for transition metals to be involved
this is not universal, and a transition metal may form either the A or
the B partner. The partners may come from any part of the periodic
table, and the same metal may play different roles in two compounds
(e.g. KBiy and BiAu,). The chicfreason for the existence of these phases
is that, geomctrically, space may be conveniently filled by these three
structures when Dp/Dy = (1:5)1/2 or 1225, where D reprcsents the
atomic diameter. The observed ratios vary between about 1-2 and 1-3.
The stability is a reflection of the very high coordination numbers. A
high coordination number may roughly be taken to mean that more
bonds per atom can be formed than in a metal. In these structures
each A atom has twelve B and four A neighbours, giving a coordination
number of 16. The coordination number for B atoms is 12, so that
in AB, the average coordination number is 13-:33, whereas the highest
a metal can reach is 12. Such a high coordination indicates purely
metallic character, and precludes ionic or covalent character. The
narrow range of homogeneity of these compounds is duc not to any
special affinity, but to geometrical factors. This is illustrated by the
existence of KNa, (Dg/Dn, = 1-227).

Table VI. Compounds Crystallizing in the Three Fundamental
Structure Types

MgCu, type (cubic) MgZn, type (hexagonal) MgNi, type (hexagonal)

AgBe, CaAl, NbCo, CeMg, CaMg, TiFe, ZrOs, CrBe, WBe,

TiBe, LaAl, TaCo, ZrW, TiMn, NbFe, ZrCr, MnBe, TiCo,

NaAu, CeAl, CeNi, PbAu, ZrMn, TaFe, KNa, VBe, ZrFe, ar‘:g:';x'

TiCo, ZrFe, CeCo, BiAu, NbMn, ZrRe, SrMg, ReBey, <{ NbCoy ¢ 74%
ZrCo, LaMg, KBi, TaMn, ZrV, BaMg, | MoBe, (TaCo,

excess of
‘B’ metal
CalLi, FeB,

The three structures are closely related,4® though as usually illus-
trated this is not easily seen. They can be regarded as interpenetrating
lattices of A and B atoms, and the resemblances are best revealed by
considering these separately. The zinc, copper, or nickel atoms are
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arranged in a pattern of tetrahedra. The arrangement in MgZn, is
shown in Figure 22a. The tetrahedra, in rows and joined alternately
at base and point, enclose a hole in which the magnesium atom lies.
In MgCQu, (Figure 22b) the tetrahedra touch at points throughout,

Figure 22. The structure of a MgZn,, b MgCu,, ¢ MgNi,
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Faigure 23. The disposition of magnesium atoms in the structure of @ MgZn,,
b MgCu,, ¢ MgNi,

while the MgNi, arrangement (Figure 22¢) is a mixture of the other two
types. The disposition of the large Mg atoms in the three structures is
shown in Figure 23. In MgZn, the arrangement is that of wurtzite
(Figure 29b); in MgCu, the arrangement is that of zinc blende (Figure
29a). MgNi, has a mixture of both types. This explains why the axial
ratios of MgZn,, MgCu,, and, MgNj, are in the ratio 2 : 3 : 4. MgZn,
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can be represented as double layers of hexagonally arranged magnesium
atoms, so arranged that one double layer B is shifted laterally relative
to the other (Figure 24a). For MgCu, the same two double layers
occur, but instead of the se-
quence ABABAB a different
type of double layer is intro-
duced (Figure 24b) and the
sequence is ABCABC. In the
MgNi, structure the same
types of double layers are in-
volved, but the sequence is
ABACABAC. All three struc-

Figure 24. Plan of arrangement of mag-
nesium atoms in the structure of a MgZn,,
b MgCu, tures are thus fundamentally

similar.
Though size relationships are the governing factor, electronic
factors are also operative. In the system magnesium-nickel-zinc, the
ternary phase MgNiZn is isomorphous with MgCu,, in spite of the
fact that MgNi, and MgZn, occur in the system;4? if the effective
valency of nickel is taken as , , ' ,
. Mg-Cu-Al 4 ittt de
zero, the electron/atom ratio |, 4-Cu-zn [ verrs mmh
for MgCu, and MgNiZn is g-ag-zn am
4/3. The quaternary com- mg-Cu-Si
pound Mg3Zn,Cu,Ni,, iso- Mg-Co-zn
morphous with MgCu,, has Md-Zn-A l —
6

++ieiis W

\ /

the same electron/atom "9 ™9®
ratio also if nickel is effec-
tively zerovalent. Again, the
ternary phase MgCuAl v MgCu; Type +++++ MoNi; Type msmm MgZn, Type

( electron/atom ratio 2) is Figure 25. Schematic diagran? showing the
. h th dependence of the range of existence of the
Isomorphous  wit MgZn, MgCu,, MgNi,, and MgZn, structures

with the same elcctron/atom upon the electron/atom ratio for several
ratio. 47 ternary magnesium alloys
Further evidence is obtained by the experiments of LAves and
WITTE*® on the effect of changing the electron/atom ratios of MgCu,
and MgZn, by alloying (Figure 25). The experimental results may be
summarized as follows:
1 When copper is replaced by zinc in MgCu,, the MgCu,
structure persists up to approximately 1-8 electrons per
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atom, and is then succeeded successively by the MgNi,
and MgZn, structures.

2 When copper is replaced by aluminium in MgCu,, the
MgCu, structure again persists up to about 1-8 electrons
per atom, and is succeeded by the MgNi, structure up to
2:07 electrons per atom at high temperatures, or 1-88
electrons per atom at low temperatures. For the remainder
of the solid solution field up to 2-15 electrons per atom the
MgZn, structure occurs.4®

3 When zinc in MgZn, is replaced by silver, the reverse
sequence occurs. 50

¢ When zinc in MgZn, is replaced by aluminium, the
MgZn, structure persists up to 2:08 electrons per atom,
above which value phases of type AB, do not occur.

The MgCu, structure thus occurs at a low electron/atom ratio, and
the MgZn, structure when the ratio increases to approximately two.
The presence of the MgNi, structure at intermediate electron/atom
ratios suggests that nickel has a valency between one and two, which
is improbable in view of the isomorphy of MgCu, and MgNiZn. It
is more probable that MgNi, structures in these cases are structural
intermediates between the other two structures. Thus the transition
MgZn, — MgCu, involves a periodic ‘fault’ at every third double layer
of magnesium atoms, but the transition MgZn, — MgNi, involves less
severe faulting of the same type. The process thus occurs in stages and
the observation®? that when the zinc in MgZn, is replaced by silver
intermediate types of structure occur between the main types supports
this view. The formation of the MgZn, structure on cooling certain
alloys with the MgNi, structure in the magnesium-copper-aluminium
system*® is also consistent with it.

Further confirmation of the valency relations is given by the appear-
ance of the MgZn, structure on adding silicon to MgCu,.5! It should
also be noted that, if the valency of nickel in these compounds were
really between one and two, replacement of nickel in MgNi, by a poly-
valent metal should lead to the appearance of the MgZn, structure;
instead the MgCu, structure appears,4® as would be expected if nickel
were zerovalent. Similarly, addition of silicon to MgNiZn gives the
MgZn, structure, while addition of cobalt to MgZn, gives the MgCu,
structure, as would be expected if cobalt contributed no valency
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electrons. The occurrence of the MgZn, structure at an electron/atom
ratio of 19 in the magnesium-silver-aluminium system should be noted.

Figure 26 summarizes the homogeneity ranges of the various structures
intheseriesMgCu,-MgZn,y,MgCu,-(MgAl,),MgCu,-(MgAg,),MgZn,-
(MgAg,), and MgZn,-(MgAl,). The formulae in parentheses denote
compositions and do not correspond to actual compounds. Since the

hIAl, MgAg,
32 ',,lx
et et K *vaO-'ix
MgZn, MgCu, MgqZn,

o Mg-an Type Heebee MQN'z Typq T MgCu2 T, pe

Figure 26. The relationship between the range of
existence of the MgCu,, MgNi,, and MgZn,
structure and concentration (molecular per cent) for
several ternary magnesium alloys. The atomic radii
of magnesium, silver, aluminium, zinc and copper
are 1°60, 1°44, 143, 1-37 and 128 A respectively,
and the left and right side of the figure with 1egard
to the ratio of atomic radii are almost mirror images

atomic radii of silver and aluminium are very similar, the two triangles
are mirror images as far as size effects are concerned. The structural
changes in one triangle are not, however, mirrored in the other, con-
firming that the transformations depend on valency and not size
effects.

It is possible for apparently more complex compounds to crystallize
in onc of these structures, with some of the A atoms rcplaced by B
atoms; thus FcBe; (MgCu, structure) may be regarded as
(Fey9Bey p) Be,, 52 while Cu,Mg;Be, (MgCu, structure) is of the form
MgB,B’,_,.53

Closcly allied to the Laves phases are tcrnary phases of the type
Mg;Zn Al, and Mg,CuAlg, which are isomorphous and, according to
Laves, LouBerc, and WITTE,%* may both be regarded as devived from
Mg;,Xg;, where X is aluminium, copper, or zinc. It is simpler to
regard both structures as based on a ratio of twelve large (magnesium)
atoms to twenty or twenty one smaller zinc, aluminium, or copper
atoms. Similarly the isomorphy of Mg,Cu,Al,, with Mg,Zn,, is due
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to the establishment of a ratio of six large to thirty three or thirty four
smaller atoms. The isomorphy of MgZn, and AICuMg is mainly a
valency effect, probably reinforced by the size ratio effect; it is im-
portant to note that, when AlICuMg dissolves zinc, the electron/atom
ratio remains constant, while the ratio of large to small atoms deviates
from 1 to 2.5

This class of compounds shows how structures based essentially on
size factor relationships may be modified by electronic considerations.
They confirm that the structures of
solids are due to the interplay of many
simultaneously operative factors.

The Nickel Arsenide Structure—
Recent work has considerably en-

larged our knowledge of thisstructure,
which is shown in Figure 27, and is
best regarded as based on a close-
packed hexagonal lattice of metalloid

atoms, in the octahedral spaces of OAS Oni
which are situated the metal atoms. Figure 27. The nickel arsenide
Each atom has six neighbours. Com- structure

pounds of the type AB with nickel arsenide structures are given in
Table VII.

Table VII. Compounds of Type AB with Nickel Arsenide Structures

CrS FeSe NiTe FeSn CoSb PdSb

CoS NiSe CrTe AuSn FeSb PtSb

FeS CrSe MnTe CuSn NiSb MnAs

NiS CoTe PdTe PtSn CrSb NiAs

CoSe FeTe PtTe NiSn MnSb NiBi
MnBi

One of the most striking featurcs of this class of alloy, which is
formed mainly between electroncgative elements and transition
metals, and is thus heteropolar, is that there is often a wide homo-
geneity range which may not include the equiatomic composition.
Also several compounds well removed from the composition AB have
the same basic structure (NiTe,, NiyIn, Cu,In, Fe,Ge, Co,Ge, Ni,Ge,
Mn,Sn).
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The y phase of the nickel-antimony system (46-4 to 54-4 atomic
per cent of nickel) has the nickel arsenide structure, and, when nickel
is in excess of the composition NiSb, nickel atoms fill up additional
holes in the lattice, and may thus be regarded as in interstitial posi-
tions.’® On the other hand, when antimony is in excess, some atomic
sites among those occupied by nickel in the ideal structure are left
vacant, and the structure becomes of the defect type. The ¢ phase of
the iron-antimony system (42 to 48 atomic per cent of antimony) and
the y phase of the system cobalt-antimony (43-4 to 49-2 atomic per
cent of antimony) are both of the interstitial type, with extra metal
atoms inserted into holes in the ideal structure.5? In ternary iron-
nickel-antimony alloys, € FeSb and y NiSb form an unbroken series of
solid solutions;5® alloys on the FeNi-rich side of a line joining the com-
positions FeSb and NiSb are of the interstitial type, while those on the
Sb-rich side of this line are of the defect type. Solid solutions between
e FeSb and y CoSb are all of the interstitial type.

The behaviour in the iron-nickel-antimony alloys is strikingly
reminiscent of that in the ternary alloys based on NiAl (discussed
earlier) and suggests that the modifications in structure with change
of composition take place in such a way as to preserve a constant
number of electrons per unit cell. If the valency of the transition
metal is zero in these three compounds, then the electron/atom ratio is
25 for the ideal structure, and since there are two molecules per unit
cell, the number of electrons per unit cell is ten. Inclusion of extra
transition atoms does not alter this number, while omission of transition
atoms, giving a stoichiometric excess of antimony, also leaves it un-
changed. This point of view receives support from a determination of
the Brillouin zone for this structure by Makarov.5? The zone can
contain, for the equiatomic structure, a number of electrons per atom
which varies slightly according to axial ratio but is close to 2-5. It
should be noted that the nickel arsenide phases without a transitional
atom (AuSn, CuSn, Cu,In) have either the electron/atom ratio 25 or
ten electrons per unit cell of two molecules, thus supporting the elec-
tronic interpretation.

The large number of transition metal compounds which take this
structure is probably due to the ease with which the valency of the
transition metal can vary. Whereas in NiSb the nickel contributes
no electrons, in NiSn it probably contributes one per atom. The
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establishment of ten electrons per unit cell for NiS would require
nickel to be capable of absorbing electrons. This probably happens,
as we shall see later. It is becoming increasingly clear that transition
metals may not always exhibit the same valency in alloy systems;
the valency shown will depend on the nature of the alloying partner
and its relative amount.

We can now understand the existence of NigIn. It arises simply by
filling up all available interstices in the nickel arsenide structure with
nickel atoms. The structure is then complete and contains two indium
atoms, two normal nickel atoms, and two interstitial nickel atoms per
unit cell.8 The Cu,In structure is entirely analogous.

The nickel arsenide structure is closely related to other alloy struc-
tures. For nickel arsenide itself, all the octahedral voids in the close-
packed hexagonal metalloid lattice are filled by metal atoms. If only
half these voids are filled, the cadmium iodide type of lattice results.
This accounts for the formation of CoTe, and NiTe,, which are formed
continuously from CoTe and NiTe by partial loss of metal atoms from
the structure.®! If, on the other hand, metal atoms fill additional voids,
the Ni,In type of structure results. We thus have a series of compounds
such as NiTe,, NiSb, NiTe, and Ni,In, fundamentally all based on
the same lattice.®? Such compounds are heteropolar, but the metallic
character increases as the proportion of small metal atoms increases. 83 64
At the same time, the axial ratio changes. For simple stoichiometric
nickel arsenide phases, ¢/a == 1-6. The phase of composition Ni,.gIn has
c/a = 1-233, while Ni,In has ¢/a = 1-228. A full survey®5 shows that
as additional voids are filled by metal atoms the value of ¢/a approaches
more closely to 1-225. This axial ratio gives rise to a pseudo-cubic
structure with a striking resemblance to the y brass structure, a fact
which has been used to suggest that y brass is a heteropolar compound,
analogous to Ni+As’. While it is probable that y brass phases have
heteropolar character, this is likely to be in the opposite sense.®® In
Ni;Cd,,, 42 electrons, supplied by the cadmium, are approximately
equally divided between the 26 atoms present, so that each nickel atom
has 42/26 more and each cadmium atom 10/26 fewer electrons than
normally. Thus the heteropolarity is in the sense Ni;'Cd,, *. If, however,
the Brillouin zone interpretation of nickel arsenide phases be accepted,
the heteropolarity will be in the same sense as for the y brass structure.

The tendency to avoid the stoichiometric composition AB depends
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on the nature of the metal B.®3 As the number of electrons in the outer-

most sub-group in the atom of the B metal falls, the structure passes
from the defect type (excess of B) to the interstitial type (excess of
A). The electrons of the B metal appear to be involved in binding
together the skeleton of B atoms. When only a few are available, the
structure can only be held together by the assistance of electrons from
the A metal, and more of the latter will be needed.

The nickel arsenide structure is thus an important one in alloy theory.
Though it appears to be an electron compound of electron/atom ratio
2:5, it can include a wide range of compositions, and can be related on
the one hand to salt-like structures such as CdI, and on the other to the
y brass structure. It represents a type of transitional lattice which
can accommodatc itself to several requircments.

The Fluorspar Structure—R eference has
been made earlier to the compounds
Mg,Si, Mg,Ge, Mg,Sn, and Mg,Pb.
These all crystallize in the fluorspar
structure®? (Figure 28) in such a way
that electropositive magnesium atoms

occupy the sort of position that electro-

negative fluorinc atoms occupy in
the CaF, structure. Thus the structures
of these compounds may be said to

be ‘anti-isomorphous’ with calcium
Figure 28. The calcium fluoride structure g\ <16 The crystal structure is similar
to that of an ionic crystal; Hume-Rothery has pointed out several
other resemblances to ionic compounds.? It is therefore legitimate
to consider these compounds as normal valency compounds in which
the valencies of the components are satisfied. Similarly for MgS
and MgSe (NaCl type of structure) and MgsAs,, Mg;Sb,, and Mg,Bi,
(structures anti-isomorphous with those of rare earth oxides), salt-
like structures are obtained. The formation of the whole class
may be considered as an extension of ordinary ionic reactions into
the region of the weakly clectroncgative clements of Groups IVs,
Vs, and VIs. The electrical conductivities are low compared with
those of pure metals, but the compounds do show some metallic
behaviour.

An alternative point of view is taken by Mot and JonEs,* who show
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that the first Brillouin zone for the fluorspar structure is identical in
form with that for the body-centred cube, and can contain just 8/3
electrons per atom, which is just the numbecr available in Mg,Si and
its analogues. It is therefore possible to 1egard these compounds as
‘full zone’ electron compounds of exactly the same type as the y brass
structurc. The low conductivity, on this view, is due not to polar
binding but to the very small number of clectrons free to carry current,
and it is significant that on melting, which destroys the zone structuie,
the conductivity of Mg,Sn rises to approximately that of liquid tin.
'This could be accounted for on the ionic hypothesis by assuming com-
plete dissociation on melting, but such behaviour among salts is not
general. In an attempt to decide between these alternative views,
HuMe-RorHERY and RAYNOR®® prepared ternary alloys of magnesium
and tin with small amounts of aluminium or indium, with the clectron/
atom ratio adjusted to 8/3. In no case was a homogeneous alloy
obtained, so that if Mg,Sn is an electron compound its characteristics
are different from those of the copper, silver, and gold clectron com-
pounds. This is not conclusive evidence for ionic character, since the
accommodation of foreign atoms in a complex structurc like that of
Mg,Sn may be difficult.

Recent researches have discovered many compounds which crystal-
lize in the fluorspar structure, including:

Mg,Sn Mg,Pb Mg,Si Mg,Ge Li,S Na,S
Cu,S Cu,Se Be,C Sn,Pt Al,Ca CuCdSb
CuMgSb CuBiMg AgAsMg LiMgN  LiZnN LizAIN,
Li,GaN,
All these compounds have 8/3 electrons per atom; in view of this, and
of the fact that in Al,Ca normal valencies are not satisfied, it secms

probable that in these intermetallic compounds the controlling factor
is the number of electrons per atom.

In a further series of fluorspar-type compounds:
AuAl, AuGa, Auln, PtAl, PtGa, PtIn, Niln,
it must be assumed, in order to obtain the electron/atom ratio 8/3, that
gold, platinum, and nickel each contribute two electrons per atom.
For gold this may be understood in terms of the deformation of the
relatively large gold ion by the small heavily charged aluminium ions.
A similar process may occur for the transition metals. The compound
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NiMgSb has a structure closely similar to that of fluorspar, and the
effective valency of nickel would appear to be unity in this compound.

The two points of view from which the fluorspar structure can be
regarded are not mutually exclusive. It is quite possible for electron
compounds to have a marked heteropolar character. It is of great
interest to note that if the electron compound interpretation be
accepted, then the eight electrons can be regarded as approximately
equally shared between the three atoms. Each magnesium atom has
an extra 2/3 electron and is hence negatively charged, while each tin
atom has a deficit of 4/3 electrons and is hence positively charged. The
ratio (negative charge on Mg)/(positive charge on Sn) = 1:2, whichis
the same as the ratio (negative charge on F)/(positive charge on Ca)
in the fluorspar structure. This completely accounts for the anti-
isomorphism of the two structures.

a b

Figure 29. The structure of @ zinc blende b wurtzite

The Linc Blende and Wurtzite Structures—These structures are assumed
by several AB compounds and are closely related. Figure 29a shows
the zinc blende structure, while that of wurtzite is given in Figure 29b.
Each atom is tetrahedrally linked to four close neighbours, the zinc
blende arrangement being identical with that of diamond. These
structures have been discussed by HuMme-RoTHERY,! and it will be
sufficient to note here that all known compounds assuming these
structures have an electron/atom ratio of 4. They can thus be regarded
as ‘full zone compounds’; at the same time it must be recognized that
the tetrahedral arrangement indicates covalent bonding. This class
of compound may thus be interpreted in different ways.
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The discussion in this section shows that much progress has been
made in classifying intermediate phases in alloys in terms of electron/
atom ratios, relative atomic sizes, and electrochemical effects. Attention
is now being directed towards a closer study of the binding forces in the
various main classes, and in this connection the new developments in the
thermochemistry of alloys®® are likely to be important. It is clear,
however, that the problem must be viewed as a whole, since there are
many compounds of behaviour intermediate between those of the main
types. The influence of valency in the Laves phases illustrates this, and
emphasizes the difficulty of making strict classifications.

Summing up, electron compounds of the B, y, and & brass types will
only be formed, for alloys with copper, silver, gold, and the transition
metals, when the electron/atom ratio is between 1 and 2 and when the
ratio of the atomic radii of the components is less than 1-2. If these
conditions are not satisfied, Laves phases or nickel arsenide phases
may occur. A strong electrochemical difference between the com-
ponents favours the formation of structures of the typc of MgTe, Mg,Sn,
and Mg,;Sb, but may also give rise to heteropolar compounds in which
the valencies of the components are not satisfied. Such structures are
the result of a compromise between the tendency of ionic compounds
to have a low coordination number (maximum eight) and the tendency
of metallic structures to have high coordination numbers. Such
compounds are likely to occur for alkali, alkaline earth, and rare earth
metals with most other metals except beryllium, magnesium, and the
transition metals. The transition metals tend to form nickel arsenide
phases with many metals. The limiting condition for the formation
of all classes of intermediate phases seems to be that the atomic radius
ratio should not exceed 1-38.

THE BEHAVIOUR OF TRANSITION METALS IN ALUMINIUM
ALLOYS

The theoretical considerations discussed earlier indicate that the
valency of a transition metal in an alloy may vary according to the
nature of its partner and the amount present. We shall now consider
more fully the absorption of electrons by transition metals.
According to the theories of MoTT and Jones,* the electronic struc-
tures of the transition metals of the first long period in the solid state
are such that the 34 and 4s bands, which can contain ten and two

45



PROGRESS IN METAL PHYSICS

electrons per atom respectively, overlap so that there are vacant states
at the top of the d band. Nickel, with ten outer electrons, has 0-6
electron per atom in the s band and a corresponding number of vacancies
in the d band. Cobalt, with one electron per atom less, has about the
same number of s electrons but a greater number of vacancies per
atom in the d band. This model accounts well for the clectrical and
some of the magnetic propertics of the transition metals but regards
the electrons as belonging to the whole lattice and neglects their
utilization in bond formation between the atoms. This problem has
been considered by Pauring,?® who has proposed a theory of the
transition metals which is more revealing for cohesion problems and
probably for the subject under discussion here.

According to Pauling, the 34 and 4s electrons must be considered as
a whole in assessing the nature of the bonding, and in development of
earlier work on thc naturc of the chemical bond in many classes of
substance he suggests that of these electrons approximately 5:78 per
atom are concerned with bonding, while the remainder occupy a band
of encrgy levels which Pauling calls the atomic orbitals. There arc 2-44
atomic orbitals, cach of which can accommodate one clectron of positive
spin and one electron of ncgative spin. The clectrons occupying the
atomic orbitals, however, tend to remain unpaired as long as possible,
i.e. to have no corresponding electron of opposite spin. Thus chromium,
with 6 clectrons outside the argon-like core, has 5-78 bonding electrons
and 0-22 unpaired clectrons in atomic orbitals. Manganese, with
one clectron more, has 1:22 unpaired clectrons in atomic orbitals,
while iron has 2:22 unpaired atomic orbital electrons. Since there are
2-44 atomic orbitals there is room for only 2-44 unpaired electrons, so
that for cobalt, with one clectron more than iron, the pairing of electrons
of opposite spin must begin. For nickel the extra electron produccs
further pairing. The number of atomic orbitals was deduced from the
saturation magnetic moment of iron and its alloys. The saturation
magnetic moment of iron is 2:22 Bohr magnetons per atom, which
means that there are, in solid iron, 2:22 electrons of the same spin
quantum number without any corresponding electrons of opposite
spin. When cobalt is dissolved in iron the number of electrons to be
accommodated in atomic orbitals increases, and experimentally it is
found that the first additions raise the saturation magnetic moment
to a maximum of 2-44 Bohr magnetons per atom, at which stage
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further additions causc a decrease. Thus the number of unpaired
atomic orbital electrons can increase to 2-44 per atom, but further
electrons must pair with those already present. The electron distri-
bution in the transition metals is summarized in Table VIII. In this
the atomic orbitals have becn represented as divided compartments
into the two halves of which electrons with opposite spin quantum
numbers can be accommodated. The rigid application of the theory
would lead to 1-66 and 0-66 unpaired electrons for cobalt and nickel
respectively; the actual saturation moments arc 1-71 and 0-61, and these
have been used in Table VIII.

The connection between Pauling’s theory and the more usual band
theory is difficult to see. For the transition mctals, however, Pauling’s
theory may be ‘translated’ into band theory language as follows. The 34
band, with room for ten electrons, is considered as divided into two
sub-bands scparated by an encrgy gap. One can contain a maximum
of 4-88 electrons (Table VIII) and the other can contain 5-12 clectrons.
In addition, for all the transition elements there is approximately
0-66 electron in the 45 band. The 3d sub-band with 5-12 electrons and
the 4s electrons are both concerned in bonding, and if this number of
clcctrons is regarded as constant, alterations in the number of electrons
per atom can only affect the 3d sub-band containing 4-88 clectrons.
The Pauling thcory, accounting for the cohesion, approximate con-
stancy of lattice spacings, and high melting points of the transition
metals, may be regarded as a refinement of the band theory to take
into consideration the way the atoms form bonds with each other.

Table VIII shows that chromium, manganese, iron, cobalt, and
nickel have respectively 4-66, 3-66, 2:66, 1-71, and 0-61 vacancies per
atom in the atomic orbitals. It appears probable that in alloys these
vacancies may be filled by clectrons contributed by the other com-
ponent, especially where this has a high valency. According to the band
theory, the vacancies per atom in the 3d shell which may be filled by
electrons contributed by the other component would be respectively
4, 3, 2, 1, and O for the elements chromium to nickel. In general,
experimental evidence derived from studies of alloys favours the non-
integral values, which are used in this chapter. Aluminium, with three
valency electrons per atom, is a suitable element for the study of these
effects, which will now be considered.

The binary compounds formed by aluminium and the transition
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metals which come into equilibrium with the primary solid solution
are respectively CrAl,, MnAl,, FeAl,, Co,Al,, NiAly(CuAl,). Except
for FeAl,, the proportion of aluminium decreases as the number of
vacancies per atom in the atomic orbitals of the transition metal
decreases. This suggests a connection between the composition and the
extent to which electrons may be absorbed by the transition metal
atoms.”® If the electron/atom ratios for these compounds are calculated
assuming that each aluminium atom contributes three electrons to the
structure while each transition metal atom absorbs electrons to the
maximum extent (z.e. 0-61 for nickel, 1-71 for cobalt et), an approxi-
mately constant electron/atom ratio is maintained, except in the case of
FeAl,:
CrAl, MnAl, FeAl; Co,Al,* NiAl,
2:05 2:05 1-58 2-12 2:09

This suggests that such compounds are a type of electron compound,
whose formation is governed by the attainment of a given electron/atom
ratio. Support is given to this
view by the isomorphy of Co,Al,
and the ternary compound
FeNiAly.”? In each case there
are nine aluminium atoms, and
the number of vacancies in two
atoms of cobalt is very closely
similar to the number of vacan-
cies in one atom of iron plus one
atom of nickel; the electron/
atomratios are thus almost iden-
tical. The constitution of the & arFeNiAlp Nl

- . . /0
aluminium-rich aluminium- toic Ber Cont by

iron-nickel alloys has been Figure 30. The 600°C isothermal of
investigated by BrRADLEY and aluminium-iron-nickel alloys

TayrLor’2and independently by

RavNor and PreIL,?® and the essential features are shown in Figure 30.
FeNiAl, has a wide range of solubility for nickel, and along

the boundary at which it is in equilibrium with the primary solid

*The composition of this phase contains slightly more cobalt than corresponds to Co,Al,.
The electron/atom ratio is calculated for.the experimental composition.
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solution iron is replaced by nickel strictly atom for atom until a limit is
reached at 2:285 clectrons per atom. Since the atomic diameters of
nickel and iron are similar there seems little reason for the replacement
process to stop unless at 2:285 electrons per atom the Brillouin zone for
the structure is full. If the electronic interpretation of the form of this
diagram is correct, it implies that the form of the aluminium-rich
aluminium-cobalt-nickel dia-
gram should be analogous to
that of the aluminium-nickel-
iron alloys on the nickel-rich
side of the line representing
Fe : Ni = 1, while the form
of the aluminium-rich alumi-
nium-iron-cobalt diagram
should be analogous to that
AL+ NiAL, of the aluminium-iron-nickel
AT+ Co,Aly + NIAL, \"\“A!’

0 20 = the same line, i.c. the alumi-
Atomic Per Cent Ni

alloys on the iron-rich side of

nium-iron-nickel diagram is

Figure 31. Comparison of the 600°C iso- tobe regarded as builtup from

thermals of the aluminiuin-cobalt-nickel and .
the aluminium-cobalt-iron alloys with that theother two dlagr ams Placed

of the aluminium-iron-nicke! alloys side by side.”® The alumi-
nium-cobalt-nickel and aluminium-iron-cobalt equilibrium diagrams
have now been examined, and striking analogies exist.?’4 7% In neither
case is a ternary compound formed, in accordance with expectation,
and there is a wide range of solubility of nickel in Co,Al,, corresponding
to that in FeNiAly; in both cases the replacement is strictly atom for atom
and procecds to the same clectron/atom ratio of 2-285. This supports
the interpretation of this type of compound as controlled by electronic
effeccts. The accuracy with which the two simpler ternary diagrams
build up the aluminium-iron-nickel diagram is shown in Figures 30 and
31. In Figure 31 the 600°C isothermals for each simpler diagram are
plotted inside a triangle with angles of 60°, 30°, and 90°. The two
placed together with the Al-Co axis common make up the usual
equilateral triangle used for plotting ternary systems, and, except for a
somewhat larger solubility of iron in Co,Aly than in FeNiAl,, the
agreement with Figure 30 is almost exact.?® It is also noteworthy that
FeAl, dissolves both nickel and cobalt to the same electron/atom ratio.
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Further application of these principles has enabled prediction of the
form of the aluminium-rich region of the quaternary aluminium-iron-
cobalt-nickel equilibrium diagram, in excellent agreement with sub-
sequent experiment.

It will be noted that the excess of electrons which Co,Al, can accom-
modate is much greater than the deficit it can tolerate. This is a
common characteristic of electron compounds, in which a deficit of
electrons is less casily tolerated than an excess; thus many y brass
phases extend considerably above 21/13 electrons per atom, but only
slightly below. The same tendency is shown by the other binary com-
pounds of aluminium and the transition metals listed on page 49.
Each will dissolve much more of the transition metals which raise the
electron/atom ratio, than of those metals which decrease it. The extent
to which an clectron deficit can be tolerated appears to depend on the
precise details of the structure; the stable Co,Aly can, for instance,
dissolve more iron than the less stable 'eNiAly in which half the tran-
sition metal sites in the lattice are occupied by iron and half by nickel.

Other interesting analogies have bcen traced. In the aluminium-
manganese-copper system a ternary compound exists, based on the
arrangement Cu,Mn;Al,; or (CuMn)Al,. Also, in the aluminium-
manganese-nickel system a ternary compound NigMn,,Alg, occurs.
According to the theory of
the role of transition metals
developed in this section, the
electron/atom ratios of this
phase, and of the (CuMn)Al, K ———
phase at the composition in gg raf B i) Dln'd
equilibrium with MnAlg and $ 12
the primarysolid solution, are ,,/ ©mPoun9 Sy
both close to 1:85.7t For © ¢ < o6 & /0 /2 /4 6 1§ 20

Solute Ni Cu or Zn Atomic Per Cent
these COII.I}.)OUIIdS, therefox:e’ Figure 32. The homogeneity ranges for the
two conditions must be satis- aluminium rich ternary compounds in the
fied: the ratio of solute atoms systems  aluminium-manganese-zinc, alu-
to aluminium atoms must be minium-manganese-nickel, and alymim'um-
manganese-copper. The dotted lines repre-
1:4, and the electron/atom sent an electron/atom ratio of 1-85 for each
ratio 1-85. Subsequent work metal
has confirmed the prediction of an analogous compound in the
system aluminium-manganese-zinc.’® Figure 32 shows the homogeneity
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ranges for these three compounds, and it is seen that they are grouped
round the intersection of lines representing the correct atomic ratio,
and the electron/atom ratio 1-85 for the various alloy systems. The
attainment of the correct atomic ratio will depend on atomic size
relationships. Thus, when zinc is replaced by cadmium, which has both a
larger atom and a larger ion, no such compound is expected or found.”?
Also, when copper is replaced by silver, similar arguments again
suggest no ternary compound of this type will be found; this has also
been confirmed.”® There would appear, however, to be little reason
why an analogous compound should not be found in the aluminium-
manganese-magnesium system, since although the atomic size of
magnesium is greater than that of zinc, the ionic diameter is approxi-
mately the same. Although LEEMANN?® reported no ternary compound
in this system, a re-examination’® has shown that a compound does
come into equilibrium with the primary solid solution. Its electron/
atom ratio, however, is not 1-85, and the compound appears to be
analogous to the ternary compound which occurs in the aluminium-
chromium-magnesium alloys.

There appears to be a further class of compound in which no definite
ratio of solute atoms to aluminium atoms is maintained, though the
electron/atom ratio is again approximately constant. Thus in the
systems aluminium-iron-copper and aluminium-nickel-copper, ternary
compounds which come into equilibrium with the primary solid
solution occur at FeCu,Al, and CuyNiAlg. If the valency of iron and
cobalt were zero, the respective electron/atom ratios would be 2-3 and
2-1. If, however, the ideas discussed above are applied, the electron/
atom ratio would be 2:04 in each case. This interpretation would imply
that an analogous ternary compound of composition Co,Cu;Al,g should
be found in the aluminium-cobalt-copper system, and this has been
confirmed.®?

Further indications of the importance of the electron/atom ratio are
given by the recent proof®! that the complex ternary compounds in
the aluminium-manganese-silicon and aluminium-iron-silicon systems,
usually denoted respectively as «(MnSi) and «(FeSi), which are the
end members of a continuous series of solid solutions in the quaternary
aluminium-manganese-iron-silicon system, have the same electron/
atom ratio. It is further significant that the compound Cr,Al,, will
dissolve manganese in such a way that almost the whole of the chromium
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is replaced by manganese, the electron/atom ratio remaining unchanged
throughout. 82

The recent determination of the crystal structure of the compound
CoyAly110 has given further support to the conception of the absorption
of electrons by transition metal atoms in aluminium alloys. Electron
density maps for this structure, constructed from the crystallographic
data, indicate that the cobalt atoms are each associated with twenty
nine electrons instead of their normal complement of twenty seven.11¢
This estimate was made on the assumption that the free electron
density between the atoms was zero, which may not be strictly correct;
however, the density of free electrons in the region of a cobalt atom
which has a negative charge by reason of its absorption of electrons
may be expected to be low, so that the evidence in favour of absorption
is strong. It has also been shown that the Brillouin zone for Co,Al,,
deduced from the new crystallographic data, is of such a form that the
inscribed sphere corresponds to almost exactly the same number of
electrons per atom as that calculated for the experimentally determined
composition of Co,Al,, assuming that cobalt absorbs 1:71 electrons
per atom.!10-112 Similarly, the form of the Brillouin zones for NiAl,
and CogyAl;, the crystal structures of which are known, are also consistent
with the general theory.

A further large class of alloy systems and intermetallic compounds
has thus been brought into line with alloy theory, and it is clear that,
when alloyed with metals of relatively high valency, transition metal
atoms will absorb electrons from the structure as a whole. The experi-
mental evidence suggests that the extent to which electron absorption
takes place is very similar to the number of vacancies per atom in the
atomic orbitals of the transition metals postulated by PauLiNg. The
physical mechanism of the process on this basis is, however, somewhat
difficult to understand. It is possible that, with the accumulation of'
data, evidence for the absorption of integral numbers of electrons as
suggested by the band theory may become stronger; this would have
the advantage of providing an easily understood physical mechanism
of absorption into the incomplete 34 band of the transition metal. The
structures of the binary and ternary compounds of aluminium with
transition metals appear to be of the electron compound type, but,
as in all instances, other factors, such as the size factor, are involved.
The theory may be applied to the prediction of unknown or partially
known phase diagrams, and a very interesting stage has been reached,

53



PROGRESS IN METAL PHYSICS

TERNARY EQUILIBRIUM
In recent years attention has been paid to the factors affecting the
formation of ternary alloys and the nature of the equilibrium involved.
Some of the principles will be apparent from other sections; further
developments are discussed here.

It has been shown by Hume-Rothery that in a ternary system ABC,
where B and C form a stable compound B,C, of substantially fixed
composition, the form of the solid solubility and liquidus isothermals of
B and C in A depends on the nature of the compound.?? The pheno-
mcnon may be interpreted in terms of a modified solubility product law:

[B]F[C]” = constant K
The squarc brackets refer to atomic percentages corresponding to
points on an isothermal, 7.e. a liquidus isothermal or the «/(« 4 B,C,)
isothcrmal. The rigorous expression would include volume concen-
trations and activity coefficients, but rcasonable accuracy is obtained
by the simple equation. Thus, for the precipitation of Mg,Si from the
solid solution of magnesium and silicon in aluminium, we may write:
[Mg]?[Si] = constant K, or 2 log [Mg] + log [Si] = log K

In agreement with this, liquidus and solid solubility isothermals
give a straight line of the correct slope (except at low concentrations
of one of thc components) when log [Mg] is plotted against log [Si]
for a series of points along the appropriate phase boundary.1? Different
temperatures correspond to different values of K, and, if the constants
for a series of temperatures are evaluated, it is found that a relation
dlog K/dT = — Q /[RT?is obeyed, where T is the absolute temperature
and Q is a constant related to the heat of formation of the compound.
In principle, if sufficient data are available to show that a given system
ABC obeys these laws, the whole of the liquidus surface at which B,C, is
primary, and the whole of the o/(« 4+ B,C,) boundary, can becalculated.

Similar relationships hold in some cases where the precipitating phase
is a ternary compound. Thus in the system aluminium-magnesium-zinc
a ternary compound Mg;Zn;Al, comes into equilibrium with the
primary solid solution, and the «/(a + MgyZn,Al,) isothermals may
be expressed by the relation:83

[Mg] [Zn] = K, whered log K/dT = — Q /[RT?
The compound, however, has a relatively wide range of homogeneity,
and the existence of this relation was surprising. It was shown, however,
that the portion of the boundary over which the relation holds accurately
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represents equilibrium with Mgs;Zn;Al, of such a composition that
magnesium and zinc are present in equiatomic proportions.8 Other
systems in which similar laws apply are the systems copper-magnesium-
silicon (compound Mg,Si) and copper-nickel-tin (compound NizSn,).

In the absence of compound formation, solid solubility isothermals
in copper, silver, and gold are controlled mainly by electronic and
size effects.?? Thus for copper-aluminium-zinc alloys, where both
solutes have favourable size factors, thc isothermals are straight lines
joining the limits in the binary systems and have the form of Figure 33a.

ag b c

Figure 33. Solid solubility isothermals @ ideal b with accentuated lattice
distortion C when one solute relieves the distortion due to the other

Increasing distortion of the solvent lattice tends to depress the electron/
atom ratio corresponding to maximum solubility, so that if one solute
tends to accentuate the distortion produced by the other, as in the
copper-aluminium-tin system, deviations from linearity occur. Tin
atoms cause a relatively intense local distortion of the copper lattice,
so that as aluminium is replaced by tin the electron/atom ratio at
saturation tends to fall. Also, since the lattice is already strained by a
large number of aluminium atoms, the distortion round the introduced
tin atoms cannot readily be taken up by the lattice. The solubility is
thus lower than in the ideal case. As the replacement process continues,
the total number of solute atoms decreases. Therefore it becomes
easier for the distortion round the tin atoms to be taken up, because the
total number of centres of distortion is decreasing, and at a certain
stage the restriction of the solubility will decrease. The resultant curve
appears as in Figure 33b, and is also shown by copper-zinc-tin and
copper-zinc-cadmium alloys. If one solute relieves the distortion due
to the other the curve of Figure 33¢ will result; this behaviour is shown
by zinc-rich zinc-aluminium-copper alloys (Day > Dz, > Dg,) and
silver-rich silver-antimony-zinc alloys (Dgsy, > Da, > Dgz,), where D
represents the atomic diameter.12
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Some principles governing intermediate phases in ternary systems
have already been discussed. Another general principle is that electron
compounds of the 3/2, 21/13, and 7/4 types tend to form complete
series of solid solutions with others of the same electron/atom ratio.
In copper-zinc-aluminium alloys the y brass structure is maintained
if the proportions of the components are adjusted to keep the electron/
atom ratio at 21/13.8% Similarly the y phases of the systems silver-zinc
and copper-zinc form a continuous series of solid solutions.®¢ Con-
tinuous series of solid solutions are also formed, at the appropriate
temperatures, between the body-centred cubic B phases of the systems
copper-zinc-tin, copper-zinc-aluminium, copper-aluminium-tin, and
other alloys. The low temperature forms of Ag;Ga and AgZn, both of
which are close-packed hexagonal, form similar unbroken solid
solutions,8” while the hexagonal Ag,Sn and AgCd phases show the
same behaviour.8® AgSn and AgCd, (a hexagonal 7/4 electron
compound) also form extensive solid solutions, but there is a small
miscibility gap. Among the 7/4 electron compounds continuous solid
solutions are formed between:

AgZng and Ag;Al, 8° AgZng and CuZn, 88
eMnZn and AgZng, 8¢ eMnZn and CuZn, 8¢
while in the quaternary system silver-copper-manganese-zinc the 7/4
electron compounds form a complete quaternary series of solutions.
Similar electron compounds thus tend to be mutually soluble. The
cubic CuBe and the 3/2 phase Cu,Si with the p manganese structure
do not, however, dissolve mutually to any extent. 20

Within such continuous ranges of solid solution the effects of size
factors, electronic and other influences can be traced.®! The copper-zinc
P phase is stable to room temperature, while that of the copper-tin
system decomposes eutectoidally at 586°C. In ternary copper-zinc-tin
alloys, the first additions of tin to the copper-zinc phase do not alter
the form of the equilibrium diagram. Further additions introduce a
eutectoid reaction, and with 10 per cent of tin the form of the diagram
is strikingly similar to that of the copper-aluminium alloys (Figure 34).
This behaviour is due to the variation in atomic size relationships from
the copper-zinc to the copper-tin axes of the ternary model. It is diffi-
cult to assess size factors in ternary systems, but if it be assumed as a
first approximation that the effects are additive, the effective size
factor for a ternary alloy with x atomic per cent of solute B and y atomic
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per cent of solute C is (xFg + yFc)/(x + »), where Fy and F; are the
percentage size factors of B and C with respect to the solvent A.
Figure 35 shows the eutectoid temperature in the ternary system plotted

CuAl
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Figure 34. Comparison of the equilibrium diagrams
of the ternary alloy copper-zinc-tin with 10 per cent
tin and copper-aluminium alloys
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Figure 35. The relationship between Figure 36. The 400°C isothermal of the
the eutectoid temperature and effective system silver-zinc-antimony

size factor for ternary systems

against the effective size factor; the eutectoid temperature rises to that
for binary copper-aluminium alloys at approximately the same size
factor as characterizes the binary copper-aluminium alloys, i.e. + 6-6.
This confirms that the temperature range of the P phases is sensitive
to the size factor, and suggests that details of a ternary diagram ABC
may be predictable from a knowledge of binary alloys, in solvent A,
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of other elements where size factors lie between those of B and C with
respect to A. The data for the copper-zinc-aluminium alloys also
included in Figure 35 show an analogous trend; the difference between
the two curves is due to a valency factor.®?

The 3/2 electron compounds in the system silver-zinc-antimony, the
400°C isothermal for which is shown in Figure 36,%2 are also of interest. 23
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AgSn AQSb
A 9 9
92n Cubic
© 600 3 -
c
§ 400 ;E 7
£ B-Mn
S (2
200 AQInSb of 400°C
vz = = ==
Cubrc Hexogona/
] 1 1 1 1 1 1 1
-8 -6 -7 2 0

Size Foctor

Figure 37. The relation between the 400°C homogeneity ranges of the various
structures in the silver-zinc-antimony system with effective size factor

The cubic AgZn phase dissolves much antimony, and the hexagonal
Ag,Sb phase dissolves a considerable amount of zinc. The homogeneity
ranges of the respective structures at 400°C are plotted against the
effective size factor in Figure 37, and data are included for binary alloys
of silver where the size factors fall within the samerange. The hexagonal
structure persists down to the same size factor at which it begins to be
unstable relative to the cubic structure in the binary alloys. The cubic
structure becomes unstable before the size factor at which the hexagonal
phases occur in the binary systems is reached.

It may be noted that in Figure 36 the boundary cd, where equilibrium
with the compound ZnSb is involved, obeys the relation [Zn] [Sb] = K
in just the same way as primary solubility isothermals. The boundaries
ab and de correspond to almost constant electron/atom ratios of 1-5 and
1-62 respectively.

Having elucidated some of the details of ternary diagrams, attention
has been given to the factors which determine which of the possible
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phases come into equilibrium with each other. In binary systems
equilibrium is determined by the points of contact of a common tangent
to two free energy curves (Figure 1). In ternary alloys the free energy
curves become surfaces, and equilibrium is determined by the positions
of tangent planes which make contact with three surfaces. The con-
dition for equilibrium is that all compositions should possess the lowest
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Figure 38. a Hypothetical free energy surfaces for a ternary system with no
compound formation, b plan of the tangent plane at a given temperature

Decreasing Free Energy

Figure 39. a Hypothetical free energy surfaces for a ternary system with the
formation of three binary compounds, b plan of the tangent plancs at a given
temperature

possible free energy. Figure 38a shows hypothetical free energy surfaces
for a system ABC in which there are no compounds; the surfaces are
represented as ‘humps’, with energy decreasing upwards rather than
as pits, for ease in drawing. The tangent plane determines the equili-
brium, which is shown, for a given temperature, in Figure 38b. If now
binary compounds AB, BC, and CA are formed, with approximately
the same free energies, the free energy relations and equilibria will be
as in Figure 39a and b. If, however, the compound BC is very stable,
with a very low free energy minimum, the arrangement of tangent
planes in Figure 39 would not be appropriate; a lower free energy for
much of the composition range is obtained by the arrangement of
Figure g0. Theeffectis to bring BCinto equilibrium with the A-rich phase.
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The equilibrium obtained in a given case thus depends on the relative
free energies of the possible intermediate phases. If they are comparable,
equilibria of the type of Figure 39 may be expected, but if one phase has
a very low free energy minimum it will dominate the equilibria. If
the free energies of the possible phases were known it would be possible
to predict equilibrium relations approximately. Exact values are not

Decreasing free Energy

Figure go. a Hypothetical free energy surfaces for a ternary system with the
Sformation of three binary compounds, one of which is extremely stable; b plan
of the tangent planes at a given temperature

in general available, but to a first approximation the heat of formation
may be taken as a measure of the free energy. Phases with high heats
of formation will have low free energy values.

Considering systems ABC, in which it is required that a compound
between B and C should come into equilibrium with the A-rich solid
solution, the solutes B and C must be chosen so that there is a phase in
the BC system with a much higher heat of formation than any which
occur in the AB or AC systems. In this connection the following
systems are of interest.

Copper-Aluminium-Nickel—Copper and nickel form no compounds,
while the maximum heat of formation in the copper-aluminium
system is 5-35 kcal/gm atom for CugAl,. Several compounds occur in
the nickel-aluminium system, and the maximum heat of formation is
17-0 kcal/gm atom for NiAl, which, in agreement with the above ideas,
enters into equilibrium with the copper-rich solution.

Copper-Silicon Alloys with Cobalt and Nickel—Although no data exist
for heats of formation of copper-silicon alloys, they are not likely to be
high; the heats of formation in the cobalt-silicon and nickel-silicon
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series, however, reach maxima of 120 and 11-1 kcal/gm atom respec-
tively, and binary compounds of the transition metal and silicon
precipitate from the copper-rich solution.

Copper-Nickel- Tin—Heats of formation in the copper-tin system do
not exceed 1-8 kcal/gm atom, whereas the heat of formation of NigSn, is
7-5 kcal/gm atom; NigSn, comes into equilibrium with the copper-rich
solution.

Copper- Tin- Magnesium—Though not very high, the heat of formation
of Mg,Si (5-6 kcal/gm atom) is appreciably higher than the maximum
(1-8 kcal/gm atom) in the copper-tin system, and Mg,Sn comes into
equilibrium with the primary copper-rich alloys.

Stlver-Sinc-Antimony and Silver-Cadmium-Antimony—In the systemsssilver-
zinc and silver-cadmium the heats of formation are low (maxima of
1-8 and 1-46 kcal/gm atom respectively). Though notaccurately known,
heats of formation in thesilver-antimony alloys are probably comparable.
The heats of formation in the zinc-antimony and cadmium-antimony
systems rise to maxima, for ZnSb and CdSb, of approximately 1-8
kcal/gm atom. There are thus no phases of outstandingly high heat
formation, and neither ZnSb nor CdSb come into equilibrium with
the silver-rich solid solution.

Thus, for copper and silver as solvents, compounds between the
solutes may come into equilibrium with the solvent-rich alloys if their
heats of formation are above 5 to 6 kcal/gm atom. A very stable
compound may even prevent solid solution formation between similar
electron compounds.

v THE LATTICE SPACINGS OF ALLOYS

The substitution of a foreign atom into a metal lattice causes local
distortion, and though the interatomic distances in the bulk of the
material remain unchanged, those in the vicinity of the foreign atom
change. The mean interatomic distance is thus different from that of
the solvent and this mean distortion may be determined by x-rays.
It may be taken as a measure of the local distortion but does not give
the actual magnitude of the local effects.

If the distortion effects depended only on size differences between
the component atoms, the lattice spacing of any alloy should be cal-
culable from those of the pure metals. This ‘additivity law’ was pro-
posed by VEGARD.** Since then, much work has been carried out on
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lattice spacings, and it is clear that Vegard’s law is the exception rather
than the rule. The reasons for deviations from linearity are of great
interest in the theory of alloys, and much is gained from systematic
study. For instance, if there is a tendency to form compounds i.e. the
electrochemical factor is high, the observed lattice constants will be
less than those calculated additively, owing to interaction between the
atoms.®® Repulsive interactions may also arise, giving deviations in the
opposite sense, as in the copper-gold alloys.

Alloys of Copper, Silver, and Gold—These alloys are particularly favour-
able for the investigation of valency effects, since the number of electrons
per atom can be increased considerably before any abnormal energy
changes occur as shown carlier, and since size effects can be reduced to
a minimum by choosing as solute metals the B sub-group elements
immediately following the solvent metals in their respective periods
of the periodic table. A systematic examination has been carried out
by HuMe-RorHERY, LEwIN, and REvyNoLDs.?® For binary alloys of
silver with cadmium, indium, tin, and antimony, increasing solute
valency produces an increased lattice distortion; in dilute solution,
where the lattice-spacing/composition curves are linear, the distortions
produced per atom by cadmium, indium, tin, and antimony are in the
ratio 2 : 3: 4 : 6. For copper alloys with zinc, gallium, and germanium
an analogous reclation exists, in which the distortions produced by one
atomic per cent of the solutes in the order given are in the ratio
3:4:48. The general conclusions of this work were confirmed by
OweN and RoBERTs,®” who consider that the validity of exact whole-
number relationships is not completely established. The valency of the
solute clearly has a dominating cffect on the distortion produced, but
the effect is not strictly proportional to valency.

From the relative distortions produced by the solutes of different
valency in copper and silver it is seen that the effect of change of valency
is less marked for the former; the distortions for zinc and gallium in
copper vary as 3 : 4, while those for cadmium and indium in silver
vary as 2 : 3. Although increasing valency tends to expand the lattice,
this tendency appears to be opposed by some factor which is more
effective in the copper than in the silver series. Hume-Rothery, Lewin
and Reynolds suggest that the opposing factor may be due to the
gradual closing up of the electron ‘shells’ of the ions with increasing
atomic number, which would be expected to be more important for the
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copper series since the change
in atomic number between each
successive element is a greater
proportion of the atomic num-
ber in the copper series than in
the silver series.

Further interesting relation-
ships for binary copper, silver,
and gold alloys have been re-
ported by OweN.1®  Figure 41
shows the distortion per atomic
per cent plotted against valency
for solutes of the first long period,
while Figure 42 gives similar data
for solutes of the second long
period. The linearity of the
curves for zinc, gallium, and
germanium in silver, copper,
and gold is apparent. Arsenic
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behaves normally insilver but
in copper behaves as if it
had a valency of six. Cad-
mium, indium, and tin give a
linear relation in silver, but,
like arsenic in copper, anti-
mony gives an abnormally
large expansion. Abnormali-
ties for copper in silver, cad-
mium and silver in copper,
and silver in gold are ap-
parent. Itisinteresting tonote
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copper is 0-0252 per valency electron, whereas when indium replaces
cadmium the increase is (0-0252 + 0-0178), and when cadmium replaces
silver the corresponding change is (0-0252 + 2 x 0-0178). The reason
for this is obscure. Further work is also necessary to explain why anti-
mony behaves irregularly in silver but not in copper or gold, and why
arsenic behaves irregularly in copper but not in silver. Owen suggests
that the abnormalities for silver in gold, and copper in silver, may be
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Figure 43. The relationship between the percentage lattice distortion and
the total volume of solute entering the lattice at maximum solid solution

explained by a contribution by the 34 and 44 electrons of copper and
silver to the cohesive forces. Displacement of one or more of the 4d
electrons of silver would have the effect of decreasing its size. In general,
to a first approximation, the size factor appears to be of little importance
in this work since solutes whose size factors are both favourable and
unfavourable with respect to the appropriate solvents satisfy the linear
relationships in Figures 41 and g2.

Lattice spacing work has also shown that a relationship exists between
the percentage lattice distortion, i.e. (82 X 100)/a, where a is the lattice
spacing, and the total volume entering the lattice at maximum solu-
bility. Figure 43 summarizes the available data.1® The points for di-,
tri-, and tetravalent solutes tend to fall approximately on straight
lines, except for the first long-period elements in gold and silver, where
the lattice spacing decreases. The range of solid solution and the total
distortion are greatest for divalent solutes, except for silver and cadmium
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in copper. Where the solute expands the lattice, the total volume of
solute entering the lattice and the percentage distortion produced
are linearly related (exceptions being found for the systems copper-
arsenic, silver-antimony, and gold-antimony). Neglecting the copper-
arsenic system, the straight lines for the copper alloys extrapolate to
zero; the line for cadmium, indium, and tin in silver, however, does not.
We may write, therefore:

%‘-’ = bo(S + )

where 8a/a is the proportional lattice expansion, v is the atomic volume,
Sm is the maximum solubility in atomic per cent, and & and ¢ are con-
stants which have different values for the different series of alloys.
For copper alloys ¢ = 0, and for silver alloys ¢==1Q87.— -

The effect of valency in dctermining the distortion in this type of
alloy is clearly established, and it should be noted that a lattice expan-
sion is observed in certain alloys where the atomic diameter, D, of the
solute is smaller than that of the solvent. Thus germanium (D = 2:445 A)
expands the lattice of copper (D = 2:551 A), and the case of tin in
silver is similar. The distortion observed may thus be regarded as the
resultant effect of the distortion produced by substituting a different
sized atom for one of the solvent and that produced purely on account
of the extra valency of thesolute. Taking the closest distance of approach
of the atoms in the metal crystals (where these are not affected by
incomplete ionization) as a measure of the size of atoms, then the
effective interatomic distance due to size effects only in an alloy of
copper, silver, or gold (face-centred cubic structure) containing x
atomic per cent solute will be [Dyoivent — *(Dsotvent — Dsolute) /100] = Da,
and the lattice spacing will be Dav/2. The observed spacings, however,
are in general larger than this. The increment A (equal to observed
spacing minus calculated spacing) has been plotted for several systems
against the electron/atom ratio in Figure 44,°® and it is seen that the
curves for zinc in copper, cadmium in silver, and mercury in gold
almost superpose, while those for germanium in copper and tin in silver
similarly almost superpose. More detailed analysis shows that the
percentage valency expansions of the lattice of silver by cadmium and
copper by zinc per valency electron are identical; the term valency
expansion is used to denote the increment A. Curves for gallium in
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copper and indium in silver cannot be calculated, owing to doubt as to
what should be taken as the closest distance to approach in the complex
gallium crystal structure and the approximate nature of the corrections
to be made for incomplete ionization in indium. The initial distortions
produced per unit of electron/atom ratio by the extra valency of the
solute atom are, for divalent and tetravalent solutes respectively, in the
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Figure 44. The relationship between the difference of observed and calcu-
lated lattice spacing, and the electronatom ratio

ratio 1:3, suggesting that the effect is proportional to (N — 1), where
N is the solute valency. If this be accepted, effective atomic diameters
for gallium and fully ionized indium may be calculated as 2:60 and
2-93A respectively. It should be noted that in Figure 44 there is no
distinction between the distortions due to valency produced by di-
and tetravalent elements in copper and silver, so that the differences
between the valency effects in the two solvents mentioned by Hume-
Rothery, Lewin and Reynolds disappear. It seems probable that the
relationships in Figure 44 are more fundamental than the original
‘whole-number relationships, which express the resultant effect of
size differences and valency differences.

The physical mechanism by which increasing solute valency expands

66



PROGRESS IN THE THEORY OF ALLOYS

the lattice is not clear. It is unlikely that the effect is due merely to
the increase in the average energy of the valency electrons as their
number increases. Other factors, such as repulsion between ions and
the increased charge in the vicinity of the introduced polyvalent ion,
are also important. For example, it cannot be assumed that the extra
valency electrons are equally shared between all the atoms present.
There is considerable evidence?®10° that most of the extra electrons
remain, on the average, near to the polyvalent ion; the environment of
the zinc ion is, however, positive with respect to that of a copper ion in
copper-zinc alloys; the environment of a copper ion is correspondingly
negative compared with that of a copper ion in pure copper. It is
probable that this negative charge accounts for much of the lattice
expansion,!°! but the theory has yet to be properly worked out.

Alloys of Magnesium—The crystal structure of magnesium is close-
packed hexagonal, and the corresponding Brillouin zone structure has
been described earlier. At two electrons per atom, overlap of electrons
from the first Brillouin zone occurs only in directions at right angles to
the hexagonal axis and not in directions parallel to the hexagonal
axis. The presence of zone overlaps, which may be modified by
changing the electron/atom ratio of the structure, exerts an important
influence on the lattice distortion produced by solute metals of valency
other than two. It has been shown by Jones0? that the effect of a
small overlap across the bounding surface of a Brillouin zone is to tend
to compress the zone in a direction at right angles to the surface
concerned. Since Brillouin zones are constructed in ‘reciprocal space’
(k = 1/A), this corresponds to a tendency to expand the crystal lattice
in the same direction.

According to Jones’ calculations, o, the stress produced by 7 electrons
lying within a small region of £ space beyond a plane of energy dis-
continuity, is given by the expression o = (2n/1)E, where T is the
atomic volume and £ is the mean value of the energy. The effect is
thus proportional to the number of overlapping electrons, and may be
evaluated quantitatively in certain cases. o acts perpendicularly to the
plane concerned.

Accurate measurements of the lattice distortions produced in mag-
nesium by the solutes silver, cadmium, indium,!°? tin, lead, gallium,
aluminium, and thallium1%4 have been made, and it is clear that the
zone structure of magnesium is important. The variation with
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composition of the a spacings may be considered first. The substitution
of cadmium for magnesium leaves the electron/atom ratio unaltered,
and the overlaps are comparatively little affected. We may therefore
take the spacing/composition curve for cadmium in magnesium as a
standard curve, exhibiting the behaviour to be expected in the absence
of valency changes. For silver, indium, and tin the size factors with
regard to magnesium are favourable, but the spacing/composition
curves vary considerably. Silver

o reduces the electron/atom ratio of
3000} | magnesium, and the overlap at
right angles to the hexagonal axis

Y \ is also reduced. The internal stress

. \ \ Mgln produced in magnesium by this
%’ oot MgCa { overlap is thus decreased, and the
TE' Morg \ zone tends to expand and the lat-
S 785 3 \ tice to contract. In agreement with
N this, silver reduces the a spacing of
§3./30L { magnesium more, per atomic per
) cent, than cadmium, and more
375 X than would be expected from size
effects alone. Indium, on the other

3170 1 hand, increases the overlap atright
angles to the hexagonal axis, thus

45— tending to compress the zone and
Atomic Percentage of Solute to expand the lattice; the lattice

Figure ¢5. Lattice spacing curves for  spacing curve shows a marked ex-
alloys of magnesium . .

pansion compared with the curve

for the system magnesium-cadmium. These results are summarized in
Figure 45. The curves of the ¢ spacing for silver and cadmium in mag-
nesium are likewise smooth and continuous, but that for indium in
magnesium has a more complicated shape. With additions of indium
less than 0-75 atomic per cent the ¢ spacing decreases. Above this
concentration, however, an increase takes place. Similar behaviour
is shown by thallium, and though the ¢ spacing curves for aluminium
and gallium never rise, there are sharp changes of direction at the same
solute percentage (see Figure 46). This behaviour may be interpreted
as due to the onset, at an electron/atom ratio of 2:0075, of the overlap
across the faces of the Brillouin zone which are perpendicular to the
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¢ axis. Until this overlap occurs the ¢ spacing will be relatively little
affected, but once it has set in the zone is contracted and the lattice
expanded in the ¢ direction, so that the axial ratio ¢/a begins to rise.
Experiments with tin and lead in magnesium confirm that a sharp
change in direction of the ¢ spacing occurs at the electron/atom ratio
2:0075. Magnesium is thus in a most interesting electronic condition;
at two electrons per atom only the overlap at right angles to the ¢
axis occurs, but with the addition
of less than one electron per 100 15200
atoms the second overlap occurs, Ml
causing the anomaly in the ¢ spac- ;| ° e

ing curves. This is confirmed by Is/i80
the rate of change of axial ratio

for tri- and tetravalent solutes, at . [ 1°7°
concentrations higher than that {sss0
corresponding to the onset of the X =
second overlap. If the rate of § ;,, 1% §
change of the ¢ spacing is governed <§- .5/4o‘§

by the number of overlapping
electrons it should be approxi-
mately twice as great, per atomic

3180}

per cent, for a tetravalent as for a
trivalent solute, since an atom of .|
the former increases the number
of electrons by two, as compared
with one for the latter. The rate ol . . . . ..
0O 2 4 6 8 /0 /2 14
of change per unit increase in Atomic Percentage of Solule
electron/atom ratio, however,  Figure 46. Lattice spacing curves for
should be the same in both cases. alloys of magnesium

As shown in Figure 47, the axial ratios for the magnesium-indium and
magnesium-tin alloys superimpose when plotted in terms of electron/
atom ratio. Similar superimposition is shown for magnesium-thallium
and magnesium-lead alloys. Agreement between the curves for solutes
of different periods is not quite exact.

Whereas the physical mechanism of the effect of valency in expanding
the lattice of monovalent metals, where the electron distribution for
dilute solutions is entirely within the first Brillouin zone, is not fully
elucidated, in the magnesium alloys the controlling factor is the increase
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or decrease in the internal stress present in the lattice, obtained by
altering the number of electrons which overlap from the first Brillouin
zone. This effect is, of course, superimposed on effects due to differences
in atomic size.

Similar lattice spacing relationships may be expected for other
structures which give rise to asymmetrical Brillouin zones, in which

1633 T T T T T - T T
L } 1
A
w3/ 4
.0 1629 ( /
¢ | 1 ]
3 /
X
Nr627
L / } / J
/ O Mgln System / ® MqT!I System
1625 / A& MgSn System / A MgPb System —|
1623 1 i n L L : L )
200 204 208 2R 200 204 208 2r a/6

Electron Concentration
Figure 47. The relationship between axial ratio and electron concentration
Jor magnesium alloys
some of the bounding planes are closer than others to the origin of &
space. Overlap of electrons may then be expected to occur across
different sets of planes at different electron/atom ratios and when a
given overlap first occurs an anomaly in the appropriate lattice spacing
curve may be expected. It should not be assumed that lattice spacing
curves are smooth and continuous.

Similar considerations apply to the close-packed hexagonal € and
phases in the copper-zinc system.19? For the € phase the axial ratio is
1:57 at the copper-rich boundary, and there is, as for magnesium,
overlap of electrons from the first Brillouin zone at right angles to the
hexagonal axis. On dissolving more zinc in the structure the overlap
increases, and the zone tends to shrink in directions at right angles to
the hexagonal axis. Thus the a spacing increases, but since the ¢
spacing is unaffected by considerations of overlap, c¢/a decreases to
1:554 at the zinc-rich boundary. In the case of the n phase, the solid
solution of copper in zinc, the number of electrons per atom is sufficient
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to cause overlap to occur, in the saturated solution, in directions both
parallel and perpendicular to the hexagonal axis, from the Brillouin
zone corresponding to axial ratio 1-804. Increasing the electron/atom
ratio thus affects the ¢ spacing, causing it to increase. Since the
resistance to deformation in the ¢ direction is less than that in the a
direction, this effect predominates and the axial ratio increases to
1-856 as the number of electrons per atom increases to two for pure zinc.

Aluminium Alloys—Aluminium is a face-centred cubic trivalent metal
and differs from the solutes already considered in that there is a
large (symmetrical) overlap of electrons from the first Brillouin zone.
Referring to Figure 12, this overlap occurs across the sloping faces of
the zone. The first zone is almost full, with unoccupied states lying in
thin layers parallel to the horizontal and vertical faces.1%® The alu-
minium lattice may therefore be regarded as symmetrically expanded
by the presence of the symmetrical overlap, and we may expect solute
elements of valency greater than three to give rise to a lattice expansion
greater than would be given by size effects alone, while elements of
valency lower than three would be expected to give somewhat lower
expansions. The lattice spacings of the solid solutions of several ele-
ments in aluminium have been measured by Axon and Huwme-
RoOTHERY,!%® and their interpretation of the results is of interest in
emphasizing the complexity of the factors which must be considered.
Part of this complexity arises from the fact that whereas the structures
of the monovalent metals copper, silver, and gold may be regarded as
analogous to an assembly of hard spheres (the ions) in contact, this is
no longer true for aluminium, which has a larger amount of ‘extra-
ionic space’.

The lattice spacings of aluminium alloys, according to Axon and
Hume-Rothery, may be interpreted in .terms of four main factors,
all of which may be simultaneously involved:

a The relative volume per valency electron in the solvent
and solute crystals.

b The relative radii of the ions of solvent and solute metals.

¢ Brillouin zone considerations of the type discussed above.

d The electrochemical difference between solvent and solute
metals.

Magnesium and germanium expand the aluminium lattice while
lithium, silicon, copper, and zinc contract it, and for the purposes of
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this discussion it is convenient to consider the apparent atomic diameters
for these elements as deduced from the lattice spacing/composition
curves by extrapolating to 100 per cent of solute. It will be appreciated
that, were the spacing curves governed solely by atomic size relation-
ships, this extrapolated value, or apparent atomic diameter, would
check with the atomic diameter in the crystal of the solute element.
It is found that the tetravalent elements silicon and germanium give
apparent atomic diameters greater than the corresponding atomic
diameters, while the monovalent elements lithium, copper, and silver
give apparent diameters smaller than those characteristic of the pure
crystal. This is in agreement with the principle that increasing the
overlap should give rise to a relative expansion of the lattice compared
with the distortion produced by atomic size effects alone, while the
reverse should occur on decreasing the overlap. The regularity which
would be expected on this simple theory is absent, however, and the
other factors must be considered. The contraction is very marked for
lithium, which we may consider as an example of the manner in which
another factor operates. For lithium the ions are very small compared
to the closest distance of approach of atoms in the body-centred cubic
structure, and a large part of the volume of the metal is occupied by a
relatively constant distribution of electrons. The volume per valency
electron is large (21-5£X%), and the metal may be regarded as small
Li+ ions set in a very dilute valency electron gas. For aluminium, with
three electrons per atom, the volume per valency electron is only
5-51kX3, so that the electron gas is much more dense. It is also dis-
tributed less regularly, and the charge density is greater round the ions.
This state of affairs may be qualitatively summed up by saying that the
aluminium ions are strongly held together, and the atmosphere around
an aluminium ion is relatively difficult to compress, while the atmo-
sphere round an ion of lithium is comparatively easy to compress.
When one of the compressible lithium atoms is substituted for the
relatively less compressible aluminium atoms, the lattice forces are
redistributed in such a manner that the electronic atmosphere round
the lithium ion is compressed and the apparent atomic diameter is
less than that in the crystal of lithium. Analysis of other results indicates
that if the volume per electron for the solute is greater than that for
the solvent the apparent atomic diameter tends to be smaller than the
atomic diameter, while if the volume per electron for the solvent is
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greater than that of the solute the apparent diameter of the solute is
larger than in the pure crystal. This factor is complicated by the
Brillouin zone effects and by the relative ionic radii of the components.
If the ionic radius of the solute is much larger than that of the solute,
the structure tends to be forced apart by the repulsive forces between
ions with overlapping electron clouds, and the apparent atomic
diameter will be greater than the crystal atomic diameter. In addition,
when the solvent and the solute elements differ markedly in the electro-
chemical series, there is a tendency towards contraction of the lattice,?
which will make the apparent atomic diameter smaller. In aluminium
alloys, therefore, the effects of four separate factors, which may either
reinforce or oppose each other, have been traced, so that lattice spacing
relationships cannot be expected to be simple. The same principles
“will, of course, be operative in other solvents, and should be considered
when examining the details of lattice expansion phenomena.

It will be clear from the discussion of lattice distortion in the mono-
valent metals, in magnesium, and in aluminium that the actual effect
observed is the result of the interplay of many factors. It is therefore
not surprising that Vegard’s law is found to be a serious over-simplifi-
cation.

Yet another effect may be encountered in lattice spacing curves,
occurring in alloy systems containing a transition metal. The lattice
spacings of the copper-nickel system, for instance, when plotted against
composition give rise to a curve which consists of two distinct branches,
intersecting at sixty atomic per cent of copper. According to the
theories of Mott and Jones, nickel is characterized by a 34 band in
which there is 0-6 vacancy per atom for electrons, and it is significant
that the break in the spacing curve occurs at just that composition at
which the valency electrons supplied by the monovalent copper are
sufficient to fill up these vacancies. That such redistribution of elec-
trons to fill up the vacant places for electrons in the outermost electron
band of transition metals actually does occur in alloys is shown by the
work of several authors on the x-ray emission and absorption spectra
of alloys containing these metals.107-9
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2
THEORY OF DISLOCATIONS

A. H. Cottrell

THE prLAsTIC deformation of metals can be discussed theoretically in
two different ways. In the first,! a formal theory of plasticity is built
up from empirical laws which idealize the observed plastic properties
of metals; these laws are expressed mathematically and the attempt is
made to solve the resulting equations under various conditions in order
to analyse the behaviour of metals in complicated deformation pro-
cesses, such as pressing, rolling etc. The second approach to the
subject, which concerns us here, aims to construct a theory of the
mechanics of the atomic movements involved in plastic deformation.
While this molecular theory of plasticity is still at an early stage of
development, it has already become clear that the essential link between
the atomic structure of metals and their crystallographic plasticity
properties (excluding certain cases of non-crystallographic plasticity,
such as quasi-viscous flow along grain boundaries) is a particular kind
of lattice defect known as a dislocation. The idea that plastic glide is
due to the passage of dislocations through a crystal was first introduced
in 1934 in simultaneous papers by TAvLOR,? OrowaN,? and PorLaNyr, 4
although the concept of a dislocation had been used earlier by
PranDTL® and DEHLINGER® in theories of mechanical hysteresis and
crystal growth.

TYPES OF DISLOCATIONS

The concept of a dislocation arises naturally as a result of the crystal-
lographic nature of plastic flow. The observation in strained metals
of slip lines marking important crystal planes,”8 the proof that the
observed plastic strains could be resolved into simple shears along
these planes,® and the demonstration® that plastic flow is determined
by the shear stress acting on the planes, showed clearly that the flow
occurs by the sliding of certain atomic planes (glide or slip planes)
across each other. Moreover, the structure in the glide planes remains
crystalline during flow, since gliding occurs in the direction of closest
atomic packing in the glide planes® and not in the direction of
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maximum resolved shear stress. Accepting the picture given by these
results, consider a plane A of atoms sliding in a certain crystallographic
direction across a neighbouring plane B. Then, since atoms in a crystal
are not rigidly bound to each other but are only elastically coupled,
and since thermal vibrations and other sources of irregularity must
make the forces acting over the glide planes non-uniform, we see that
at any instant different portions of the plane A will, in general, have
slipped over B by different amounts. Dislocations are defined as the
boundaries between these different regions of the glide plane. It is to
be noted that the existence of the discrete atomic structure in the glide

Figure 1. An edge dislocation Figure 2. The structure of an edge

dislocation
plane must limit the differences in slip amounts between neighbouring
regions to the value of the atomic spacing,”or possibly in some lattices
to a small multiple or fraction of this spacing; we call the difference in
slip amounts across a boundary the strength of the dislocation con-
stituting that boundary. A second effect of the discrete structure is that
all dislocations must be made up from a few standard types having
well defined forms.

The first type is the Taylor or edge dislocation shown in Figure 1.
In this the glide plane ABCD is divided by the dislocation line EF into
the slipped region ABEF and the unslipped region FECD. The slip
direction is A’F’ and is perpendicular to the dislocation line. The
atomic structure in an edge dislocation is shown in Figure 2, which is a
section normal to EF, through Figure 1.

We see that the atoms in the upper half-crystal P are compressed
along the slip direction and those in the lower half Q are extended.
Dislocations can also exist which are the inverse of that shown in these
diagrams i.e. dislocations in which the upper half-crystal is extended
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and the lower half compressed. Accordingly, those of the type shown
in Figures 1 and 2 are called positive dislocations and their inverses are
negative dislocations. Since a positive dislocation can always be turned
into a negative one, and vice versa, by inverting the diagram or the
crystal, this distinction would be trivial were it not for the important
fact that the forces exerted between dislocations depend upon whether
the dislocations are of the same sign or not.

The second fundamental type of dislocation is the screw dislocation
introduced by BurcErs!:12 and illustrated in Figure 3. In this, a part
ABEF of the slip plane has slipped
in the direction EF, while the

Figure 3. A screw dislocation Figure 4. The structure of a screw
dislocation

remainder FECD has not slipped, and the boundary EF constitutes
the screw dislocation. It is to be noted that the line of the screw dis-
location is in the slip direction and not perpendicular to it as in the
previous case. In both cases further slip is produced by the migration
of the dislocated region EF towards CD i.c. the slipped region ABEF
grows at the expense of the unslipped region FECD. The dislocations
differ, however, in the orientation of the direction of the dislocation
motion relative to the slip direction. The atomic arrangement in a
screw dislocation is shown in Figure 4, which is a plan view of part of
the atomic planes which slip over each other; in this diagram the full
lines and circlesrepresent the atoms of the upper plane and the others are
the lower plane. As with edge dislocations, screw dislocations of opposite
signs, which are inverses of each other, can exist.

Although edge and screw dislocations are linear discontinuities,
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dislocations of arbitrary non-linear form can easily be made by joining
together segments of edge and screw dislocations, as in Figure 5, and it
is probable that dislocations in actual crystals are of this compound
type. BurGERs!!:12 has pointed out that a property of dislocation lines
is that they can never end at an interior point in a crystal; they must

either form closed chains of edge and

J —£age  SCrew segments or must end at the
Unslipped ] mumScrew  crystal surface. This is evident if we
I s try to picture a dislocation which
- — ,’ . .

i Ditection ends within a crystal. For example,

Slipped . .
I suppose that the edge dislocation
ll of Figure 1 extends only from E to F’;

by this we mean that the slipped
Figure 5. A compound dislocation

region of the glide plane is only
d ts d, d
Jorme ﬁ;,’:,:%:mﬁ%,e g o A’BEF’, not ABEF. But this neces-

sarily defines the line A’F’ as a screw
dislocation. Thus we cannot end an edge dislocation within the crystal
without starting a screw dislocation, and vice versa.

Metals do not, of course, possess the simple cubic lattice we have
been using, and it is more difficult to visualize the structures of dis-
locations in actual metal lattices. However, many important properties
of dislocations depend upon the stress distribution about a dislocation
at distances from its centre which are large compared with A, and in
an elastically isotropic medium the stress distribution at such distances
depends only upon the strength of the dislocation and not on the
detailed form of its centre. The strength of dislocation in a real crystal
can be found by determining the distance in the slip direction between
neighbouring equilibrium positions for the atoms of a slip plane.

Although dislocations are too small to be directly observable, as yet,
in metals, so that our evidence for their existence must be indirect, it is
interesting to note that in the two-dimensional ‘crystals’ of bubbles
studied by Brace and NyE!® plastic glide occurs by the passage of
dislocations along the directions of closest packing. Plate I is an example
of a dislocation in the bubble raft.

ELEMENTARY PROPERTIES OF DISLOCATIONS
The primary properties of a dislocation are its mobility along a glide
plane and the fact that such movement causes the half-crystals on either
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side of the glide plane to be displaced relative to each other in the
slip direction. These properties are responsible for the importance of
dislocations in plasticity and distinguish dislocations sharply from other
types of lattice defects. Thus, for example, although it is a mobile
defect, a vacant atomic site does not produce external change of shape
of a crystal during its movements in the interior. It is quite easy to see
qualitatively that a dislocation is highly mobile in the slip plane. In
Figure 6 the full circles represent the configuration of a dislocation
initially centred about the line AA’. If the atoms in the upper row
move forward in the indicated direction to the positions marked by
the open circles, the dislocation has moved forward one interatomic
spacing from AA’ to BB’. Each atom in the upper row is attracted by
those of the lower row to the nearest site vertically above an atom of the
lower row; as a result, when the atomic movements occur which move
the dislocation from AA’

’

to BB’, atoms to the left of e
vy,

AA’" move under attractive —f - -

forces from the lower plane

and those to the right move

against resisting forces. i B

To a first approximation
these forces cancel, so that
the external force required to move the dislocation is vanishingly
small. To a higher degree of approximation cancellation does not
occur, and a small force is required to move the dislocation; the
difficult problem of computing this force will be discussed later.

When a crystal is subjected to an external shear stress, acting on the
glide planes in the glide direction, a force is produced on a dislocation
tending to move it in that direction which enables the crystal to give
way to the stress. This force is easily calculated by a method due to
Mort and NaBarro.!* Consider a crystal (either Figure 1 or 3) in the
form of a cube of edge length L and let it be subjected to a shear stress
o acting on the upper and lower faces in the direction of slip. Hence
the external forces are oL2. Then if the dislocation moves across the
entire crystal, the crystal halves are displaced a distance A relative to
each other, so that the external forces do work equal to AcL2 If the
force per unit length on the dislocation is F, the total force is FL, and,
in moving across the crystal with the dislocation, this force does work
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equal to FL2. Equating the work done gives the force on the dislocation
as F=2Ac e (D
The displacement of the crystal halves and the shear produced by
the movement of dislocations are easily found. Consider a crystal of
width L, in the slip direction and thickness L, normal to the slip planes.
If an edge type dislocation moves across the entire crystal it produces
a displacement A. Then if it moves a distance /, the corresponding
displacement is AJ/L, and the average shear strain of the crystal is

y =NJ/L,L, )
Similarly, if the velocity of the dislocation is » = dl/d¢, the rate of shear
of the crystal is dy/dt = N/L,L, R )

In most problems we are concerned with crystals containing many
dislocations, and it is convenient to define a quantity p, the density of
dislocations, as the number of dislocation lines crossing perpendicularly
a plane of unit area. Thus the number of dislocations in the present
case is pL;L,. If these each move an average distance /, the shear

strain is Y = plA AN €3]
and if the average velocity is o, the rate of shear is
dy/dt = pvA N )

STRESSES ROUND A DISLQCATION

Each dislocation is a centre of inter-
nal stress in a crystal. Thus in the
edge dislocation of Figure 2 the lower
half-crystal exerts a force on the
boundary P of the upper half-crys-
tal, holding it in compression, and
the upper half-crystal likewise holds
the lower half in tension. TAYLOR?
showed that these stresses could be
Figure 7. Elastic cylinder with a determined by treating a dislocation
dislocation as an example of a type of discon-

tinuity which had already been

analysed in classical elasticity theory by TiMpe, VoLTERRA, and
others.1%:16.17 In this work an isotropic* elastic continuum of cylin-

drical form is considered, as shown in Figure 7. A dislocation is formed

* The effect of elastic anisotropy on the stresses round a dislocation is not considered here.
This question has not yet been studied as fully as it deserves, but there are indicationsi 18
that anisotropy does not greatly alter the stress formulae.
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by making a radial cut AQO, sliding the cut surfaces along each other
a distance A, and joining them together again; thus points P and P’,
originally opposite each other on the plane AB, undergo a relative
displacement A in the radial direction. In a continuous medium the
stresses would become infinite at the centre, so that it is necessary to
imagine that a cylindrical hole H, with a radius of order of magnitude
A, is drilled out along the core of the dislocation. It is assumed that
both the inner and outer surfaces of the medium are free from tractions
and that the outer radius of the cylinder is infinite, The stresses set
up by the dislocation can then be determined!!.1% 20 for points not too
near the centre, and by treating the problem as one in plane strain,
i.e. we assume the dislocation is long in the z direction and suppose the
z displacements to be zero, the normal stresses are:

GA 3x2 4 »2 )

e = T om(l — v)? P )0
o = GA x? — y?
T I — v B0
s = V(0 + Oy) Lo oo . (6)
and the shear stresses are:
o = . = GA x x? — »%2
WU T om(1 —v) T (a2 4 2)?

Oys == Opy == Ogy = Ogp = 0 )

These formulae refer to either Figure 2 or Figure 7; G is the shear
modulus of the material, v is Poisson’s ratio, and A is the dislocation
strength. The analysis for a screw dislocation has been given by
Burgers.11 It will be observed from equations 6 that the stresses fall off
inversely with distance from the dislocation, becoming zero at infinity
and infinite at the origin. The region which must be excluded about
the origin in which the stresses become too large for elasticity theory
to apply is, however, quite small. Thus KoenLER!® excludes a cylin-
drical hole of radius r,, defined by the condition that the maximum
strain at the surface of the hole shall not exceed 0-1, and finds that
7o is only about 6A for a dislocation of strength A = 2:5A. The
infinity in the stresses at the origin which occurs when ry = 0 is due
to the assumption that the medium is a continuum and does not,
of course, exist for a dislocation in an atomic lattice. Stresses which are
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continuous functions of the coordinates can only represent the actual
state of affairs in a discrete structure when they vary slowly with
position, relative to an atomic scale of size, in the crystal. Near the
origin continuous stress functions lose their meaning, and one must
discuss the displacements of individual atoms. The atomic displace-
ments at the core of a dislocation are finite, and it is meaningless to talk
of a variation of stress within the region bounded by these atoms.
NaBARRrO,® following a method due to PeiErLs,?! has been able to
take account of the atomic structure in the glide plane and has developed
a more complete theory which enables the structure of the core of the
dislocation to be discussed. In this theory the equilibrium of the atoms
in the plane P (Figure 2) is examined. These atoms are subjected to
forces due to the atoms in the upper half-crystal which tend to spread
the compression uniformly along the slip direction, and they are held
back by forces from atoms in the lower half-crystal, particularly those
from the plane Q. Equilibrium is given when these forces balance.
The atomic structure of the medium is allowed for by using a periodic
function of position, with period A, to represent the forces from the atoms
of the Q plane. The infinity in the stresses at the origin then disappears,
for the factor (¥2 4 »2)? in the denominators of equations 6 is replaced
by {x2+ (» 4+ ¥)%?, where the positive and negative signs are to be
used in the upper (y > 0) and lower (» < 0) half-crystals respectively,
and ¥ = vA/2(1 — v).*

The stresses due to a dislocation behave simply at infinity by falling
off as 1/r, where r is the distance from the origin, but several properties
which involve an integration over the stress field diverge logarithmically.
Thus consider the strain energy associated with the field of a dislocation.
The strain energy in an element is determined by the product of stress
and strain in that region, and since strain is proportional to stress, the
energy must fall off as 1/r%. Integrating in polar coordinates over the
entire field we have

21 [y
1.
-r-ardrde
] o

which gives the total strain energy as a term of the form log (7 /r,),
where 7., and r, are the radii of the outer and inner boundaries of the

* This is slightly different from the expression given in Nabarro’s paper. I am indebted
to B. A. Bilby for bringing the amendment to my notice.
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medium. By an actual calculation of this type Koehler? obtains the
‘self energy’ W, per unit length of a dislocation (excluding the energy
of the highly strained region within r,) as:
GA? 7
m=mlog7°_;’. o« o o e (7)
We see that a single dislocation in an infinite crystal should have an
infinite strain energy. In a real crystal, on the other hand, it is reason-
able to suppose that the action radius of a single dislocation is limited
by the presence of other irregularities, and this is in fact what occurs
for a pair of dislocations of opposite sign.

INTERACTION OF DISLOCATIONS

The strain energy of a pair of dislocations in a medium is not simply
the sum of their self energies, even when we assume the stress at any
point to be the sum of superposed stresses due to each dislocation acting
by itself. Thus, if the stresses are o, and o,, the strain energy is of the
form:
(01 4 03) = 0,2 + 0,* + 20,0,

Integrating the first two terms gives the two self energies, but the cross-
term 20,0, gives a new energy depending upon the positions of the
dislocations relative to each other. This term is an interaction energy
between the dislocations and causes forces to be exerted between them..
The energy and forces can be found 1

by integrating the strain energy y
over the entire field (excluding a Trx -
cylindrical region of radius 7, round - |y -

each dislocation), but the integra-
tion of the cross-term is laborious.
The interaction energy can be -
obtained more simply by a method -
which considers the work done against # "\:‘
the forces due to an existing irregu- ﬁr%
larity when a second irregularity
is formed.?? Consider in Figure 8 Figure 8. Work done when a second
a positive edge dislocation at the  dislocation is introduced into the field

. .. . of an existing dislocation
coordinate origin of a medium and
suppose that a parallel dislocation, either positive or negative, is intro-.
duced at xy, y,. For purposes of calculation this second dislocation.
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can be considered to be formed by making a cut parallel to the YZ plane
extending from y = y, to y = + o, and by either inserting an extra
half-plane of atoms in the cut (positive dislocation) or by removing a
half-plane (negative dislocation). In such a process the boundaries of
the cut region are displaced in the direction of the X axis and work is
done by the X component of force due to the stress field of the first
dislocation. Work is also done against the normal elastic resistance of
the medium, but this will constitute the self energy of the second dis-
location which does not interest us here. Clearly the interaction energy
results from the work done by the forces from the first dislocation, and
we may proceed to calculate this. For unit thickness in the Z direction,
the work done by the forces acting on an element of area dy when a
negative dislocation is formed is approximately — o,,Ady and the
change in energy of the system due to this is o,,Ady. Hence the inter-
action energy V is, from equations 6:

b/

o GA? 3: 2y 4 »8
Ao, dy = — 0 d
L,c (L — v) | (ra? ¥ 7
Yo
___ G 2 n1a _ _ %ot Pe
= = g o8 et = T

and if we put R? = x42 4 9,2, cosa = x,/R, let y, — o and let
(%02 + 95 3) =1, %, this becomes
3

= e ——— — 2
vV Tl — V) (logry, —logR 4+ cos?ax) . . . . (8)
We thus obtain the radial force Fr and the tangential force F. as:
Fo— 2V ___GM 1
RT™ 7R 2m(I—w)R ©)
Foe — ov - _ GA® sin 2« )
¢ Rox on(l —v) R

Hence dislocations of opposite sign attract each other with a force
that varies as the reciprocal of the distance between them. For dis-
locations of the same sign, the above expressions are reversed in sign and
the dislocations repel. These conclusions were first arrived at by
Taylor.? If we add the self energies (equation 7) to the interaction
energy we obtain the total strain energy of a pair of dislocations near
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the centre of a large cylindrical crystal of radius r,,. For dislocations
of opposite sign this gives:

GA?
Wit V=gt —w)

The log 7., term is no longer present in the energy, so that pairs of
dislocations of opposite sign have finite strain energies. The interpre-
tation of this is that, at very large
distances from a dislocation pair,
the superposed stresses o, and o,
cancel and leave the material stress
free; the strain energy is thus loca-
lized to the neighbourhood of the
dislocations.

The special case of dislocations of
opposite sign on the same slip plane  Figurs 9. Dislocations of opposite

(Figure g) is important for considering ~ sign in the ﬂ(l)mt SliP) plane (After
rowan

(logg—cosaa) ... (10)
To

the coalescence and mutual annihi-
lation of dislocations of opposite sign and also the possibility of forming
dislocations, in pairs, on a slip plane by local gliding® in a crystal
under shear stress. For such dislocations there is no tangential force,
and the force between them along the slip plane is Fx of equation 9.

Table 1. Force between Dislocations of Opposite Sign on the same Slip Plane

Distance R between dislocations (cm) 107 10”8 10-3

Force ¥ per unit length between 600 6 0-06
dislocations (dyne em=1)

Equivalent shear stress 6 = F|A 2'5 X 10° 25 X 10% 25
(gm mm —*)

Taking G =4 x 10! dyne cm~%, v = 0-34, and A = 2-5 X 10-% cm,
which are values typical of copper, the results in Table I are obtained.
The equivalent shear stress given here is that stress applied to the
crystal which would exert a force on a dislocation equal to that produced
by the other dislocation, and is calculated from equation 1. We see
that in the absence of other stresses in the crystal the dislocations will
run together under the attractive force and annihilate themselves
provided that they are close enough to overcome the constraining force
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anchoring them to equilibrium positions between lattice rows, an aspect
discussed in the next section. This attractive force can be balanced by
an external shear stress acting in that direction which drives the
dislocations apart; this stress is equal and opposite to the equivalent
shear stress given by Table 1. It is important to notice that the equi-
librium is an unstable one. If, for example, the applied stress is
2:5 x 108 gm mm-~2 the dislocations will run together if they are closer
than 10-8% cm and will separate if they are farther apart than this
distance.

For dislocations to be generated in pairs in a crystal under an
external shear stress o, they must acquire an activation energy sufficient
to separate them to at least the critical distance corresponding to un-
stable equilibrium, otherwise the external stress will be unable to hold
them apart. Since the critical distance depends on the value of the
applied stress, it follows that the activation energy also depends on this
quantity. The activation energy is not given simply by equation 10,
for the separation of the dislocations to a distance R causes a displace-
ment of the half-crystals and work is done by the external forces. This
work must be subtracted from equation 10. If we consider a crystal of
unit thickness in the Z direction and width L along the slip direction,
the formation of a dislocation pair and their separation by a distance
R causes a displacement RA/L and work is done equal to cL. RA\/[L=0cRA.
Since for equilibrium o = — Fg/A, the work done by the external
forces is GA?/2m(1 — v), and hence, subtracting from equation 10, the
activation energy per unit thickness is: .

G R
W—Q—TT(I———_—;)S(IOg;‘;_Q) « e e . (ll)

Using the previous numerical values and taking 7, = 6 X 10-8 cm,
this gives the results shown in Table I1.

Table 1I. Activation Energy for the Formation of Dislocation Pairs by Local

Gliding
Applied stress o (gmmm=—3) 25,000 2,500 250 25
Critical spacing R (cm) . . 10— 10-8 10-4 10-3
Activation energy (electron 077 29 5°'1 73
volts per atom plane) ‘
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In calculating these energies we have so far excluded from considera-
tion the energy of the highly strained regions within the dislocation
cores. Although a rigorous calculation of this energy is not possible a
rough estimate can be obtained in several ways, and in each case a
value of the order of one electron volt per dislocation per atom plane
is obtained. The strain at a distance r from a dislocation is of order
A/2wr(1 — v). KoEHLER!? excludes a region 7y = 6 X 10-% cm about
a dislocation of strength A = 2-5 X 10-8 cm; taking the strain at half
this distance to be the average throughout the excluded region, the mean
strain is about 0-2. Assuming Hooke’s law to apply in this region, the
mean stress is about 0-2G and the strain energy is:

3 X stress X strain X volume = 0-02GTrr,2d

where d is the interatomic spacing along the dislocation. Taking
G=4x101, ry =06 x 1078, d = 2-5 X 108, the core energy per
dislocation per atom plane is about 1-4 electron volts. Other estimates
have been given by Bracc?® and HunTiNngTON.2¢ Bragg, using the
criterion that the strain energy within the excluded region cannot
exceed the latent heat of melting, obtains an energy of about half an
electron volt, whereas Huntington, evaluating the energy due to the
short range electrostatic forces between the atoms at the core of a
dislocation in a rock-salt crystal, obtains a value of about one electron
volt.

We see then that the activation energies given in Table II for the
formation of a pair of dislocations have to be increased by about two
electron volts. For annealed single crystals of pure metals the shear
stress for yielding is about 10 to 50 gm mm~2; hardening can raise this
value a thousandfold. Thus for all cases in practice the activation
energy is a few electron volts for each atomic plane normal to the
dislocation. The formation of a pair of dislocations, even quite short
ones (=~ 100 atoms long), would therefore require a few hundred elec-
tron volts. Activation energies as large as this cannot be produced by
thermal fluctuations, and so we must discount the possibility of the
production of dislocation pairs by thermal fluctuations in a crystal
under stress.

A more detailed theory of dislocation pairs has been given by
Nabarro.1® Koehler!® has also considered the possibility of the forma-
tion of dislocations at free surfaces. Again the activation energy is
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large (about one half the above values), and there is thus no more
possibility of their formation by thermal fluctuations than in the above
example.
THE SHEAR STRESS REQUIRED TO MOVE A DISLOCATION

In the theory developed above, the energy of a single dislocation
(remote from free surfaces, dislocations, or other irregularities) is inde-
pendent of its position, which means that the dislocation ought to be
able to move under the smallest external shear stress. This is in accord
with the qualitative discussion of the mobility of dislocations, where it
was shown that, to a first approximation, the interatomic forces assisting
or resisting the external force balanced each other. More exactly,
however, the effect of the atomic structure must be to make the energy
of a dislocation depend upon its exact position i.e. whether the sym-
metry plane (AA’ of Figure 6) marking the dislocation centre passes
through a plane of atoms or not. This energy must vary periodically
as the dislocation moves, so that at least one position of stable equi-
librium occurs in every interval of one atomic spacing along the line of
motion of the dislocation. Hence a force will constrain the dislocation
to an equilibrium position and the external force must exceed this
constraining force before slip can occur. That it will be very small is
clear, because first approximation treatments give it as zero; for the
same reason, because it is necessary to proceed to a higher degree of
approximation before the existence of the force can be demonstrated,
even a rough calculation of the magnitude involves a delicate analysis.
The problem was first attempted by PEiErLs,?! and his calculations
were later extended by NaBARRO.18

This work has shown that an important property of a dislocation
affecting the restraining force is its width, that is, for an edge dislocation,
the extent along the slip direction of the heavily strained region. The
width is controlled by the ratio of the forces acting across the slip plane
to the forces acting in each half crystal. Thus, in Figure 2, the atoms
in the plane P are under two forces:

1 The compressed atoms in the upper half-crystal try to
spread the compression uniformly along the plane P and
widen the dislocation, and

2 the atoms in the lower half-crystal, and particularly those
in the adjacent layer Q, try to pull the atoms in P into
alignment and make the dislocation narrow.
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The equilibrium width is that at which the forces balance. According
to Peierls and Nabarro, the alignment forces are very strong and so
the dislocation is extremely narrow, the region in which the displace-
ments are about one quarter of the lattice spacing being itself not
appreciably greater than one lattice spacing; however, it is admitted
by the authors that their calculations may underestimate the width.

The constraining force is very sensitive to the width of the dislocation
and falls rapidly as the dislocation becomes wider. This can be seen in
a general way if we consider a limiting case in which the distortion is
spread uniformly along the entire slip direction i.e. a case in which
a row of N atoms of uniform spacing L/(N — 1) is matched against a
row of N + 1 atoms of uniform spacing L/N. Then, if V is very large,
the interaction energy of the lines will hardly alter as the one row is
moved across the other; in the limit ¥ = co, the interaction energy
will be constant and the restraining force will be zero. According to
Nabarro’s calculation, the stress required to move the dislocation by
overcoming the restraining force is:

41 —2r/(1—v)
e
1 —v

o/} e e e (12)
where o is the theoretical shear stress for a perfect lattice (=~ G/10)
and v and G are as previously defined. This gives a critical shear stress
of about 1,000 gm mm? which is ten to fifty times larger than the
observed values for annealed pure single crystals. However, it is pointed
out that the approximations used in the calculation probably cause the
width of the dislocation to be underestimated by a factor of two or three,
in which case the critical shear stress is overestimated by a factor of
1,000 or more. The difficulties of making an estimate are so great that
the only conclusion one can make is that the constraining stress is
probably less than the observed elastic limits of metal crystals.

The existence of a constraining force slightly modifies the conclusions
arrived at earlier (page 87) concerning the mutual attraction of dis-
locations of opposite sign on the same slip plane. Evidently, if the
dislocations are separated by a distance greater than that at which the
constraining force equals the interaction force, the dislocations will
not run together. Nabarro estimates this distance as about 10,000
atomic spacings, although it is admitted that this result, which depends
on the value of the constraining force, is no more accurate than the
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latter. It is also suggested that, as the spacing of 10,000 is about
the same as the width of mosaic blocks in crystals, its existence may
be the reason for the appearance of this characteristic length.

ASSEMBLIES OF DISLOCATIONS

In a certain sense, a dislocation is a very economical lattice defect;
the introduction of a dislocation is the simplest way, involving the
least expenditure of energy, of arranging a misalignment between
crystal halves. It is therefore reasonable to suppose that the more
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Figure 10. A transition surface between
crystallites formed by a set of parallel
edge dislocations

o) X

Figure 11. A transition surface com-
posed of serew dislocations

macroscopic irregularities in crystals, ¢.g. mosaic structure and crystal
fragmentation in the cold worked state, are built up from assemblies of
dislocations. The simplest assemblies to consider are those which could
form transition surfaces between mosaic blocks or crystallites inclined
at small angles to each other; these have been considered in detail by
BurcEers!!: 12 and discussed also by TAvLOR,25 BrRAGG,2¢ and LENNARD-
JonEs.2" Figure 10 shows the very simplest case of a transition surface
in which two crystallites are joined by a set of parallel edge dislocations
of the same sign, regularly spaced at intervals & over the plane OYZ.
The crystallites are rotated with respect to each other through an angle
tan—1A/k about an axis parallel to the z axis. Burgers has shown that in
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such a case the crystallites are free of stress at large distances from
the transition surface compared with k. A rotation about the y axis is
obtained when the dislocations are arranged parallel to this axis, and,
by considering two intersecting sets of edge dislocations in the transition
surfaces, parallel to the y and z axes respectively, relative rotation of the
crystallites about any arbitrary axis confined to the yz plane is obtained.
Such rotations are not the most general, however, as they do not include
a component about the x axis. No arrangement of edge dislocations in
the transition surface can produce this, but it is obtained when screw
dislocations are introduced. Figure 11 shows a simple transition surface,
composed of screw dislocations, between two crystals which are
oppositely sheared; by introducing a second set of screw dislocations
intersecting the first set, a rotation may be obtained.

Thus it is geometrically possible to join two crystals in arbitrary
orientation to each other by means of a complex transition surface
composed of sets of edge and screw dislocations. The stability of such
surfaces has not so far been fully studied, although Burgers has con-
sidered the simpler cases. In connection with Figure 10 one might be
tempted to argue qualitatively that dislocations of the same sign repel
each other and conclude that the transition surface should break up
spontaneously, the dislocations driving each other away along the glide
planes of the adjoining crystallites. This conclusion is, however,
wrong. In deriving the stress formulae of equations 6 and the sub-
sequent interaction formulae, the picture assumed is of one or a few
dislocations in an otherwise perfect single crystal of infinite extent; on
the other hand the structure in Figure 1o represents part of two crystals
joined at an angle to each other and of either finite or infinite extent.
The assumptions of the previous theory restrict the discussion to the
behaviour of a dislocation introduced into a lattice in which the atomic
slip ‘planes’ are planes in the strict geometric sense. In finite crystals or
polycrystals, dislocations in ‘bent’ atomic slip planes have to be
considered. That the condition of finiteness must modify the behaviour
is evident from the fact that the stresses given by equations 6 only
become zero at infinity, which is incompatible with the boundary
conditions for a finite crystal free from external forces. The argument
can be made more specific by considering qualitatively the effect of a
positive edge dislocation in a crystal of finite thickness / in the y direction
as in Figure r2a. The dislocation, centred at the origin, divides the
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crystal into halves on either side of the slip plane y = 0; the upper half
tries to extend itself in the slip direction but is restrained by the lower
half, which tries to contract. This is analogous to a bimetallic strip, and
in the absence of external forces the crystal will become bent, as in
Figure 12b. An equilibrium arrangement will result when the tendency

of the material near the dislocation (between A and A’) to bend is
Y

4 } 8
I . ‘
I 0 e
f f z
a b

Figure 12. Bending of a finite crystal by a dislocation

balanced by the tendency of the more remote regions (from A to B and
A’ to B’) to remain undeformed. The angle of bend is decreased as
is increased, and in the limit 4 = « it becomes zero and the case
discussed earlier (page 83) is obtained. It can be seen qualitatively that
O,z 18 a tension stress in the region A to B and a compression from A’
to B’; hence, if a positive dislocation is introduced into AB by inserting
an extra part plane of atoms into the yz plane, or into A’ B’ by removing
a part plane, the stress does work and the interaction energy between

the dislocations is negative.

T Thus, in a finite crystal free
T . .
t from external restraints, dis-
, * locations of the same sign
Figure 13. a Bending of a crystal by Vt/l.u tend to assemble in tran-
randomly distributed dislocations of the sition surfaces.
same sign. b Assembly of the dislocations Experimental evidence

into sheet duci tallite . .
o shasks, producing crystatiies supporting these suggestions

has been obtained by CaHN.28 A characteristic of some crystals which
have been bent plastically is that, on subsequent annealing, their x-ray
Laue asterisms split into discrete spots. The interpretation of this is
that the bending produces bent glide planes and that annealing allows
the crystal to eliminate this bending by forming crystallites (poly-
gonization). The dislocation theory picture of this process is illustrated
by Figure 13. In the first diagram, bending of the lattice is produced by
randomly distributed dislocations of the same sign, represented by the
crosses. On annealing, these dislocations assemble in sheets, producing
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crystallites inclined at small angles to each other, as in the second
diagram. If this is true, one might expect to obtain microscopical
evidence for these transition surfaces and they ought to be arranged
roughly perpendicularly to the plane and direction of glide. Such
evidence has been obtained by Cahn and is shown in Plate III. These
photographs are of zinc crystals which, after bending and annealing,
were sectioned, etched, and examined microscopically. Boundary
lines are developed by this treatment which are orientated, relative to
the glide planes and the axis of bending, in the positions expected for
transition surfaces.

Evidence for transition surfaces composed of dislocations has also
been obtained by BRaGG and NYE,!3 who have shown that in two-dimen-
mensional crystals of bubbles the equivalents of such surfaces often
appear. Plate II is an example.

SEGREGATION OF SOLUTE ATOMS ROUND DISLOCATIONS

Due to its stress field, a dislocation will interact with other irregularities
which are sources of internal stress in a crystal, such as particles of
precipitate, crystallite boundaries, and other dislocations. In general,
the more advanced problems of the theory of dislocations are concerned
with this interaction, and it is by their solution that the processes of
hardening and softening are to be understood. However, there is one
case, the segregation of solute atoms round dislocations, which is rather
more straightforward and may usefully be considered first.

As Figure 2 shows, atoms above a positive edge dislocation are com-
pressed, whereas those below are expanded. The strain energy due
to this distortion can be relieved if the natural lattice parameter of the
upper region can be reduced locally and that of the lower region
increased; the strains will then remain but not the stresses. It has been
shown recently?? that such a state can be obtained by a segregation
of solute atoms round a dislocation. In substitutional solutions large
solute atoms will collect in the expanded region and small ones in the
compressed region. If an atom in interstitial solution causes a local
lattice expansion it will migrate to the expanded region, and zice
versa. However, where interstitial atoms produce non-symmetrical
local distortions, the segregation process may cause shear stresses to be
relieved,?? in addition to the hydrostatic stresses relieved by the dilata-
tion change. In most cases, atoms in substitutional solution produce
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symmetrical distortions and so can only relieve hydrostatic stresses.
It has been shown 22 for such a case that a solute atom of radius 7a(1 4 €)
in a solvent of atomic radius 7. which is under stress has an interaction
energy with the stress field:

V= —-%-n-era“ (625 + Oy + 0:s) N ¢ )

where o,,, 0y, and o,, are the normal stresses of the field. Substituting
from equations 6 and using the polar coordinates of Figure 2, the
interaction energy with a positive edge dislocation is

e . (18)
where G, A, and v retain their usual meaning. We notice that V is
positive on the upper side (0 < 6 < ) of the dislocation for a large
solute atom (e > 0) and negative on the other side, which agrees with
the qualitative picture of a large atom being repelled from the com-
pressed region and attracted into the expanded one. Since Vis a func-
tion of r and 6, both radial (— @V/or) and tangential (—oV/ro9)
forces are exerted between the atom and the dislocation. The magni-
tude of V is easily examined. For a solute which enters easily into
solution a value for € = 0-05 is reasonable. Using typical values for
the constants and taking 8 = /2, Vis equal to kT at about 6 X 10-8 cm
from the dislocation centre. This shows that the effect can produce a
marked local segregation of solute atoms and thus alter the properties
of the dislocation.

If time for atomic migration is allowed, an equilibrium distribution
or atmosphere of solute atoms must build up round a stationary dis-
location to a density determined by V. For dilute atmospheres this
density is

¢ = coe VT co.. (19)
where ¢, is the average concentration. This formula cannot apply
to dense atmospheres, however; an atmosphere can become saturated
when sufficient solute atoms to relieve the hydrostatic stresses com-
pletely are contained in it, for then there is no tendency for further
solute atoms to migrate to the dislocation. It is important to notice
that extremely small amounts of solute are required for atmospheres.
For a metal in which the dislocation density is as high as possible
(1012 cm~3, see page 104) only about 0-1 per cent of solute is required
to provide one solute atom per dislocation per atom plane. In annealed
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metals the dislocation density must be far lower, and in such cases there
can be no shortage of solute atoms for dislocations even in so-called
pure metals (99-999 per cent).

This theory can be used to explain the well known effect of plastic
deformation in producing rapid and localized precipitation on the
slip planes in supersaturated solid solutions. The force attracting
solute atoms to a dislocation causes a systematic migration of the atoms
to a common centre, and this must be a more rapid process than the
chance aggregation of randomly migrating atoms, so that precipitation
should occur first in dislocations.

The other effects to be expected are concerned with the attempt
to produce plastic flow by moving dislocations which are surrounded
by atmospheres. Under an external force a dislocation will start to
move and so to leave its atmosphere behind; the energy of the
atmosphere is then raised, which means that a force is exerted anchoring
the dislocation to the atmosphere. If the applied force is insufficient
to overcome the anchoring force, the dislocation cannot escape. It
can still move, however, by a process in which the solute atoms migrate
with it, and this will be controlled by the diffusion rate of the solute.
It can be shown that this slow dislocation process is fast enough to
operate in slow creep, and the suggestions have been made that it occurs
in micro-creep?? and in the blue-brittleness of iron.2® Micro-creep,
discovered by GHALMERs®® when studying tin crystals, is a slow creep
occurring at very low stresses. It has the characteristics that the initial
strain rate is proportional to the stress, being zero at zero stress, and
that the strain rate decreases with increasing strain, becoming almost
zero after a total strain of about 10-5. These effects are consistent with
the above theory. It can be shown3! that, for small stresses, a linear
strain rate/stress relation should be observed. Also, if the creep is due
to dislocations initially present in the specimen and these dislocations
move too slowly to create others (page 100), they will gradually be used
up, and the strain rate should decay with strain in the observed manner.

To produce rapid flow the dislocations must be freed from their
atmospheres by the application of a force which exceeds the atmosphere
binding force. The important feature here is that the dislocations,
once freed, will be under unnecessarily large external forces and should
accelerate markedly when rapid flow under smaller forces becomes
possible. This resembles the phenomenon of the sharp yield point,
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which is a prominent feature of the mechanical behaviour of iron and
soft steel, and is also observed to a lesser degree in certain other
materials.82 Several investigations33.34.35 have shown that the yield
point of iron is associated with the presence of small amounts of carbon
in the metal, which suggests that in this case the atmospheres are
composed of carbon. This is consistent with the theory, because the
carbon atom greatly distorts the « iron lattice and this must cause a
large interaction energy and yield point. A recent estimate3® of the
force required to free a dislocation from a carbon atmosphere in
« iron gives a yield point of the right order of magnitude. Strain
ageing in iron is also accounted for by the theory. A freshly strained
iron specimen shows no yield point, but if the iron is rested for a certain
period of time (dependent upon the temperature) the yield point
returns. This is interpreted in terms of the migration of carbon atoms
to the freed dislocations to form new atmospheres. NABARRO?? has
shown that the activation energy for strain ageing in iron is the same
as for the diffusion of carbon and that the characteristic time for the
process is of the same order as would be expected for atmosphere
formation.

FAST DISLOCATIONS AND SLIP BAND FORMATION

As mentioned above, a free dislocation under an unnecessarily large
force must accelerate to a high velocity, the surplus energy from the
work done by the force being stored as kinetic energy of motion. There
can be little doubt that such dislocations are responsible for rapid slip
in which individual slip bands are formed in very small time intervals.
It must not be assumed, however, that a fast dislocation will accelerate
indefinitely, for two effects prevent it from attaining the velocity of
sound in the material. In the first place, as the atoms in the dislocation
core slide past each other they move in the periodic force field exerted
between the planes P and Q (Figure 2), and this must cause an oscil-
latory motion in the y direction in addition to the translation along the
x axis. The bumping of atoms facing each other across the slip plane,
caused by this motion, dissipates energy in the form of elastic waves
transmitted from the dislocation to the rest of the crystal, and the
amount of energy dissipated at each step increases with the dislocation
velocity. It may therefore rise to such a value that all the surplus
energy derived from the external force is dissipated, in which case the
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dislocation will no longer accelerate. The process has been briefly
discussed by OrRowan37 and FreNkeL and KoNTorOVA.38

The second effect, deduced independently by FRrRENkKEL and
Kontorova3® and FraNnk,3? is in some ways reminiscent of the
relativistic behaviour of fast particles. The complexity of the dynamics
of fast dislocations makes it necessary to use a simplified model of a
dislocation for discussing the effect. Suppose, therefore, that in Figure 6
an upper row of flexibly coupled atoms is sliding over a lower row of
fixed and uniformly spaced atoms, and let  be the displacement in the
slip direction of the kth atom of the upper row. The potential energy
of this atom is determined by its distance from its neighbours in the
upper row and by its position in the periodic field produced by the lower
row. Assuming elastic forces obeying Hooke’s law between the atoms
of the upper row and a sinusoidal field from the lower row, the potential
energy of the system can be written in thc form:

_ZA(l—cos 2"“* +§J‘(£um— )L ae)

where d is the lattlcc spacing along the row, o 1s the coefficient of the

elastic force between atoms of the upper row, and 4 is the amplitude
of the periodic field produced by the lower row. The equation of motion

of the kth atom is then:
dzuk oU
= —— e (17
™ dr ouy, (17)
where m is the atomic mass. This equation can be solved, subject to

simplifying conditions, giving:

w =2 ant [Coexp(s SN(Z) )] ... 0®)

where C, is a constant, m’ = m — ad?/»?, and v is the dislocation
velocity. When m’ > 0 the solution represents an oscillatory motion
in which the atoms vibrate about fixed positions. However, whenm’ < 0,
t.e. v < d+/(afm), the displacement changes steadily from u, = 0 to
u;, = d (or vice versa) as the time varies from — o to + <, and this
corresponds to the propagation of slip along the row. In the limiting
case of m" = 0, v takes the value vy = d4/(a/m), which is the velocity
of sound or the velocity of propagation of longitudinal waves, along
the row. Since the motion of the dislocation is defined by the condition
v < d+/(a/m), this means that v < v,, i.e. the velocity of slip propaga-
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tion is always less than that of sound. By further development of the
theory it can be shown that the total energy of the system is

W=4d2°‘\/( 4 ) .. a9

™ m (0,2 — 0?)

which becomes infinite as the velocity approaches that of sound.

The interesting possibility has been put forward recently by FRANK 40
that fast dislocations might be able to use their high kinetic energies
to create new dislocations, and he has discussed some mechanisms
whereby this process could occur. Consider the arrival of a dislocation
at a free surface of a crystal. As the dislocation passes out of the crystal,
the atoms sliding past each other at the end of the slip plane will tend
to overshoot and create a dislocation of opposite sign. If a new disloca-
tion is formed, it will start to travel along the slip plane towards the
interior of the crystal, under the action of the external force, thus
continuing the glide process started by the first dislocation. The success
of the attempt depends upon there being enough energy in a suitably
ordered form to allow the creation of a new dislocation. The strain
field of the first dislocation is one source of energy, but this by itself
cannot be sufficient, since some energy will be dissipated as elastic
waves when the first dislocation arrives at the surface and the surface
energy of the crystal will be increased with the production of a step in
the surface at the end of the slip plane. Thus the overshooting process
could not possibly occur with a slow dislocation; for a fast dislocation
approaching the surface, however, a large and highly ordered kinetic
energy is also available, and this together with the strain energy should
provide enough surplus energy to cause a new dislocation to be formed.
This second dislocation will in turn become a fast dislocation and,
at the opposite surface of the crystal, cause the formation of a third
dislocation. It appears, therefore, that fast glide on a slip plane will
be self perpetuating, and it is attractive to consider that this may be
the explanation of the rapid, intense glide, localized to narrow slip
bands observed in metal crystals.

By the same considerations as above Frank deduces that, if two fast
edge or screw dislocations of opposite sign collide in a glide plane,
they must pass through each other or be reflected from each other,
these two processes being, of course, indistinguishable. This raises the
possibility of a mechanism whereby dislocations can multiply in the
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interior of a crystal, which is illustrated in Figure 14. In diagram a we
have to imagine that a fast dislocation is approaching an obstacle in the
glide plane, the latter being represented by the plane of the paper. The
dislocation is halted or slowed down in the vicinity of the obstacle
(diagram b), and a loop is formed. Ifthe rest of the dislocation is moving
very fast, overshooting occurs as the loop closes, and a region of the

Figure 14. The multiplication of a fast dislocation by an obstacle. The
numbers o, 1, 2 in these diagrams show the amount of glide in different
regions of the glide plane

glide plane with twice the amount of glide is formed (diagram c).
This region then spreads and the process of glide multiplication con-
tinues.

The problem of why rapid glide on a slip plane eventually ceases is
considered in Frank’s theory in terms of the building up, in the plane,
of a high density of dislocations, due to multiplication processes. It
is argued that the final structure most likely to be developed in the
glide plane is a crossed grid composed of two intersecting sets of parallel
screw dislocations and also that, when the spacing of the grid becomes
sufficiently small, the mutual interference of the dislocations will cause
a ‘seize-up’ preventing further glide on that plane. This point is further
discussed in the next section. Finally we may note that a crossed grid
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of screw dislocations constitutes a transition surface between two
crystals rotated with respect to each other about an axis normal to the
transition surface. Experimental observation of such rotation of the
crystal halves on either side of a slip band has been claimed by HEmEN-
REICH and SHOCKLEY. 4!

STRUCTURAL STRAIN HARDENING

As emphasized by Morr and NABARRO, it is necessary to consider
strain hardening in terms of two distinct mechanisms, structural harden-
ing and exhaustion hardening. Structural hardening is the well known
type produced by cold working; exhaustion hardening is considered
later.

The fact that the resistance to slip in a crystal increases with the
amount of previous plastic deformation must mean either that it
becomes more difficult to produce dislocations in the crystal or that
it becomes more difficult to move them. It is usually assumed that the
hardening is due to the difficulty of moving dislocations, and, as Mott
and Nabarro!* have pointed out, the experimental facts themselves
support this suggestion, since the internal stresses which are known to
occur in strain hardened crystals ought to help the formation of
dislocations but hinder their motion. Thus the starting point for most
modern theories of structural strain hardening is the idea, introduced
by TAYLOR,? that the yield strength is determined by internal stresses
opposing the motion of dislocations, these stresses becoming larger as
deformation proceeds. The limited slip which occurs on a given glide
plane suggests that the process of slipping leaves in its wake a residual
change in the structure of the plane, which is a source of internal
stresses opposing further slip. On the other hand, a single dislocation
passing through a crystal leaves no such residual change; we are thus
led to assume, with Taylor, that, except for initial ones which serve as
ancestors for an avalanche of dislocations, the dislocations do not pass
completely through a crystal but in some way become ‘stuck’ within
the crystal. It is these stuck dislocations which are the sources of the
stresses opposing the motion of others.

The simplest arrangement which would cause dislocations to become
stuck is that shown in Figure 15. Here two dislocations of opposite
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sign on parallel slip planes are attempting to pass each other under
the action of the external force; the cross represents the positive
dislocation, moving to the right, and the circle is the negative
dislocation. From equations 9, the component F, along the slip plane
of the force per unit length between the dislocations is:

oV GA? h3x — x3

b T wmI =

... (20)

where x and 4 are defined as in Figure 15. The variation of F, with x/k
is given in Figure 16. We notice that for small x the dislocations repel
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Figure 16. The force in the slip
Figure 15. The formation of a pair of direction between the dislocations of
stuck dislocations Figure 15

each other along the slip planes and that the point ¥ = 0 is one of
unstable equilibrium with respect to the F, force component; the
strong attraction between dislocations of opposite sign is expressed by
the F, component, not F,, when the dislocations are in this position.
For larger values of x, F, changes sign and the dislocations attract each
other along the slip planes. It should be remembered that the inter-
action energy calculations on which Figure 16 is based are approximate.
The detailed form of the curve depends on the approximation;
KoEHLER,!? using a different approximation, obtains a qualitatively,
but not quantitatively, similar curve.

Evidently, to drive the dislocations apart, the maximum value,
GAY81(1 — v)A, of F, must be overcome, and this is equivalent to a
shear stress:

___ &
= Bw(l — )k
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Using the previous values for the constants, the numerical values of
o given in Table III are obtained. These results show that very large
forces are required to drive dislocations on neighbouring planes past
each other. If these values cannot be attained the dislocations must
remain stuck, forming a knot which inhibits slip on all planes passing
through or near it. The value of 4 corresponding to the yield strength
of a fairly heavily strained crystal is about 10-¢ cm. If dislocations are
more openly spaced than this, yielding can still occur at this stress level.

Table III. The Shear Stress required to drive Dislocations on Neighbouring Slip
Planes past each other

Distance between planes h 1077 1078 10-8 10-4
(em)
Shear stress (gm mm~3) 60,000 6,000 600 60

Thus we may conclude that the density of dislocations in the cold
worked state must be about 1012 cm~2. On the same argument the den-
sity in a fully softened crystal could hardly exceed 108 cm—2, since

otherwise the yield strength would

—= be greater than is observed. The
argument for a dislocation density of

o 1012 cm~2 for the cold worked state
"*""*"‘*"é'“* ‘;ﬁ-o-@‘--o" is so general that it is important to
A == know whether this density is consis-

tent with other properties. Thus
several investigators!® 42,43 have
compared the energy of the array
Figure 17. Pressure of dislocationsat of dislocations with the energy

an obstacle producing local stresses . .
and lattice rotation absorbed in cold working. TavLor
and QuUINNEY%* have shown that
about 43 X 107 ergs per cc are stored in cold worked copper. If we
take the energy of a dislocation as 5 electron volts per atom plane,
then, in a one cm cube of copper containing 102 dislocation lines, the
energy of the dislocation is 32 x 107 ergs, which is of the correct order
of magnitude. Further evidence has been provided by BRown,? who
by interpreting the magnetic hardness of a cold worked ferromagnetic
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metal in terms of an array of stuck dislocations, has shown that the
experimental observations are consistent with a density of 1012 cm—2.

Returning to the discussion of Figure 15, we observe that partial slip
can still occur on the planes passing through the region of the knot, but
the dislocations will not be able to break through until a high local
stress is built up; thus an arrangement of the type of Figure 17 can form.
Three points should be noticed in connection with this diagram. In
the first place, all dislocations which approach an obstacle from the
same side have the same sign. Secondly, the density of dislocations
must increase as the irregularity is approached, due to the pressure of
dislocations along the plane. The pressure P exerted on an obstacle
by a row of n dislocations of the same sign, the nth member of which is
held fixed by the obstacle, can be calculated as follows: let the forces
acting on the ith dislocation from the kth dislocation, the external
stress o and the obstacle be Fy;, Ao and P, respectively. Then P = — ZP;;
also if i > k then F,; acts in the direction of Ao, i.e. against P; and vice
versa. The equilibrium of the ith dislocation under its forces is given by:

k=n

7\G+2F¢k+P4=0
ko1

If we sum this expression over all dislocations and observe that

ie=n ken

z EF”"'-——-O, Since Fﬂc= ——Fk‘,
i=1 kml
we obtain:

P = n\o e (22)

The pressure of dislocations thus produces a high local stress in the
vicinity of the obstacle of » times the external stress. The third point
to notice is that the dislocations will tend to rotate the lattice, as shown
in Figure 17. BURGERs!? has suggested that this may be the explanation
of the crystal fragmentation and lattice rotation which x-ray investiga-
tions have shown to be characteristic of the cold worked state.

The broad picture emerging from the above arguments is that, as
deformation proceeds, the density of dislocations steadily increases
causing higher interaction forces and yield strength. To make a definite
model of this effect, capable of quantitative treatment, Taylor? con-
sidered an idealized work hardened structure containing a regular
array of dislocations, one form of which is shown in Figure 18. The
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properties of such arrays have been further analysed by Koehler.1®
Taylor assumed in his treatment that the ratio afb of the spacings of
the array remained constant during straining, and with this he was
able to account for parabolic stress/strain curves observed with metals

R Gude Piones Of cubic crystal structure. From

-~

O OO0 -——0-——o] . €quation 21 it is clear that the stress
Ia required to shear the planes of disloca-
B e e i ittt tions past each other is of the form
o = K/a, where K = GM/8m(1 —v)
and £ is a constant whose precise
value depends on the exact form of
the dislocation array; since the inter-
"T0-=-0---0---0---0----0--- action between nearest neighbours
Figure 18. An array of dislocations  myst be the dominating effect, £ will
(After Taylor)

the strain we remember that y = pl/A, where p = 1/ab is the disloca-

be of the order of unity. To calculate

tion density and [ is the average distance travelled by a dislocation. If
L is the maximum distance a dislocation can travel before becoming
stuck, then ! = L/2 and the shear strain is y = AL/24b. Taking a = b,
and combining the expressions for o and y, we obtain:

o1 =282, C. . (29)

which is the parabolic stress/strain relation.

The presence of the length L in this relation is rather strange. It
might be supposed that L is the width of the crystal, but this cannot be
correct since it would mean that the stress/strain curve depended upon
the crystal size which is contrary to experimental observations. The
order of magnitude of L can be determined from the relationy = pLA/2;
if we take y = 1 when p = 1012, then L is about 10~* cm. The con-
sistency with which this value for L was obtained on several metals
led TAyLOR?® to suggest that the sources of obstruction to the disloca-
tions are the boundaries between mosaic blocks, since these are known
to be about 10-¢ cm apart. An important assumption affecting L is
that the dislocations are uniformly spaced in the material. Serrz and
ReaD*? have pointed out that the plastic strain of a crystal is confined
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to slip bands, and if equation 23 is to be applied to the material within
the bands, then L must be greatly increased to correspond to the high
local values of the strain. Further doubt on Taylor’s interpretation
of L has been raised by OrRowaN,4® who has pointed out that the
observed similarity in the plastic properties of rock salt crystals of
widely different degrees of perfection, as indicated by x-rays, does not
support the mosaic boundary explanation. Orowan suggests that the
obstructions may be dislocation knots of the type shown in Figures 15
and r17.

Another point of doubt concerning Taylor’s theory is that hexagonal
metals obey a linear hardening law instead of the parabolic law of
equation 23. To obtain a linear relation between o and y the dislo-
cation spacing b, in the slip direction, would have to be substantially
constant, which is not easy to understand. As ANDRADE and RoscOE*®
have pointed out, it is possible that all metals obey a linear hardening
law. It is characteristic of the hexagonal metals that the number of
glide bands is constant during plastic flow, whereas in aluminium new
glide bands are formed continually, the spacing between them being
roughly proportional to the reciprocal of the stress. If a fundamental
linear hardening law for the material within the glide bands is assumed,
it is easy to show that this would give a linear stress/strain curve for
hexagonal metals and a parabolic one for aluminium.

A rather different picture of strain hardening has been introduced
by BurcERrs?” and developed by KOCHENDORFER® and LAURENT.4°
Dislocations are considered to form by the combined action of stress
and thermal agitation at places where a notch effect exists and causes
a local stress concentration; crystallite boundaries are suggested as the
most likely places. The dislocations created at these places run into
the crystal until they meet obstructions, where they accumulate and,
according to Burgers, cause crystallite rotation. It is also suggested that
these dislocations collectively produce a stress field which counteracts
the local stress at the notch, thus making the production of further
dislocations more difficult; in this way an explanation of strain harden-
ing is built up. Kochendérfer has extended these ideas by supposing
that crystallite boundaries form the obstacles to dislocations in addition
to acting as the sources of dislocations and that, by means of thermal
agitation, a dislocation held up at a boundary may pass into it and
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become annihilated. In this way it becomes possible to introduce
dynamic effects into the theory and to discuss the effects of temperature
and rate of straining upon the stress/strain curve. While the flow
equations developed from these ideas can be made to fit several experi-
mental facts, the rather large number of assumptions introduced
prevents the theory from being completely convincing.

A third approach to the problem
of strain hardening has been made
by Bracg23:43.50 from a considera-

®
@

tion of whether the strain energy in a
crystal is decreased or increased by
slipping.

Consider the square crystal ABCD
in Figure 19, with sides ¢, sheared
an amount y by a stress o; the crystal

Figure 19. Slip in a crystallite (After 18 fixed in this position AB" C' D by

Bragg) external constraints at A, B/, C’, and
D. Then, if slip by the smallest
possible amount A occurs along PQ, the configuration of the crystal
becomes that given by the broken line. Bragg inquires whether the
strain energy of the crystal after this unit of slip has occurred is higher
or lower than before; if it is higher, the slip is assumed to be unstable
and not to occur. Slip is assumed to occur if the strain energy is lowered
by the process, thus implying that the large activation energy for starting
slip is in some way overcome. It is clear from Figure 19 that if the shear
v is small, 7.e. BB" <<, the crystal will be more highly strained after
slip than before and the slip will not be stable. When BB’ > /2 the
strain energy in the crystal is reduced. The criterion of stability is
therefore BB’ = A/2, and since BB’ = yt and o = Gy, the correspond-
ing critical shear stress is:
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o = GA/2t C . (29

If we tentatively identify this criterion for strain energy reduction
with the criterion for slip, equation 24 should define the yield strength.
The important quantity is ¢, the crystal size. x-Ray evidence®? suggests
that ¢ is about 10~® cm in heavily worked metals of high melting point.
Taking the previous values for G and A, this gives o o~ 5kg/mm-2,
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which is rather low for a heavily worked metal but is of correct order
of magnitude.

As Bragg?? has pointed out, this simple treatment neglects the fact
that a crystallite embedded in a matrix of other crystallites must
conform to its neighbours. This means that the crystallite is not in fact
held along DA and B’C’ by rigid constraints, since it is mounted in an
elastic and therefore deformable medium. Also, the localized slip
must create two misfits, P and Q, at the ends of the slipped plane; these
are, of course, dislocations. Reconsideration of the problem from this
point of view soon leads to the conclusion that the only part played by
the boundary is to limit the slipped region to an interval of distance ¢
in the glide direction, and that, excepting the misfits at P and Q,
conditions along the crystallite boundary do not enter the problem
since, in general, the elastic properties of the medium on either side
are the same. In two dimensions the problem is thus that of the
generation in a crystallite of a dislocation pair, the members of which
move in opposite directions along the slip plane until they are halted
at the crystallite boundaries. The problem of the stability of a disloca-
tion pair in the same glide plane has already been considered previously,
where it was shown that glide becomes stable when a critical distance
of separation of the dislocations is exceeded, this distance being defined
by a balance between the external force and the attraction between
the dislocations. From Table I we see that for ¢ = 10-% cm the minimum
shear stress for stable glide is o = 2-5 kg/mm~2, which is not greatly
different from that given by the simple theory.* We have here used a
different criterion of stable glide from that of Bragg;?? if it is assumed
that the glide is not stable until the energy at the end of the slip process
is lower than that at the start, then the minimum shear stress is raised
by a factor of about ten.

One problem facing the theory is the question of how the large
activation energy for nucleating slip can be acquired, since thermal
fluctuations are not strong enough. One is forced to assume that slip
must start at weak spots where it is not necessary to supply the large
energy required for creating dislocations in a perfect lattice. Bragg

* It should be noted that this is not just an accidental numerical agreement. Both
equation 24 and the equation from which Table I was constructed give the yield as a
small multiple of GA/t.
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suggests that these weak spots may be dislocations attached to crystallite
boundaries. This problem is, however, one which faces the general
theory of dislocations and will be discussed later.

Bragg has also proposed a further connection between crystallites
and dislocations in worked metals.4? Assuming that the dislocations
introduced by cold working are all assembled in transition surfaces
between crystallites and that the crystallite size is 10~5 cm, it is shown
that there is one dislocation every 2-5 atomic spacings along the tran-
sition surfaces. In a two-dimensional model this gives an orientation
difference of 30° between neighbouring crystallites, which is the
largest possible angular difference for close packed crystal structures
having 60° symmetry. If] therefore, there is a lower limiting crystallite
size of 10-% cm, as suggested by Woob,51:52 the upper limits to the
density of dislocations and the energy of cold working can be explained,
since the transition surfaces become as crowded as possible with dis-
locations. However, Taylor’s argument, which explains the strength
of strain-hardened metals in terms of the closeness of approach of
dislocations, and which leads to a density of 102 cm~2 independently
of energy considerations, suggests that the dislocations are at least
quasi-regularly packed and are not all assembled in transition surfaces.

AGEING AND ANNEALING OF WORKED METALS

On the picture developed in the previous section, a cold worked
metal is in a thermodynamically unstable state because it contains a
large number of dislocations. Thus, for a consistent theory, it is neces-
sary to explain the spontaneous changes which occur on annealing
after cold work in terms of processes associated with these dislocations.
Two such processes suggest themselves, each leading to a reduction of
free energy, i the segregation of solute atoms round dislocations (already
discussed) and i the migration and dissolution of dislocations. In
practice three changes, strain ageing, recovery, and recrystallization,
may be observed on annealing a worked metal, although in many
instances one or both of the first two may either be absent or be obscured
by recrystallization.

Strain ageing is the name given to the increase in hardness sometimes
produced by annealing at temperatures below the range where recovery
and recrystallization become rapid. In iron the process is associated
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with the return of the yield point and was explained earlier by the
segregation of carbon atoms round dislocations. A very similar effect,
thermal hardening, discovered by Orowan3? in zinc crystals, and also
observed in cadmium, %2 may meet with the same explanation. Several
other effects occur on low temperature annealing which appear to be
different aspects of the same general phenomenon. A freshly worked
metal shows certain ‘anelastic’ effects, % of which high internal friction®®
and slight plasticity at stresses well below the normal yield strength®®
are the most prominent. These have been attributed by ZENERS¢ to
the movement of dislocations in the slip planes of the worked material.
This is reasonable, since local readjustments of free dislocations ought to
occur under quite small stresses, even though a high stress is required
to overcome the interaction forces of neighbouring dislocations and so
produce extensive plastic flow. Low temperature annealing greatly
reduces the internal friction and causes the return of a true elastic
range; the explanation of these in terms of the anchoring of the disloca-
tions by solute atom atmospheres is consistent with the observation of
ReAap and TynpALL®? of the high sensitivity to impurities of the
anelastic effects in zinc crystals.

At rather higher temperatures than are necessary for strain ageing a
worked metal resoftens by the processes of recovery and recrystallization.
Recovery becomes rapid at lower temperatures than recrystallization
and produces a partial softening without any visible accompanying
changes in the microstructure of the material. Recrystallization, on the
other hand, can cause full softening and involves the nucleation of new,
undistorted crystal grains which subsequently grow at the expense of
surrounding distorted material and each other. Thus recrystallization
is complete when the entire material is composed of new grains, although
the sequence of changes associated with the annealing of a worked
metal is usually not complete at this stage for grain growth can still
occur. From the standpoint of the dislocation theory it is natural to
interpret these processes of thermal softening in terms of the movement
and dissolution of dislocations. As we have seen, some support for this
view is given by CauN’s work on polygonization.?8 Also, the great
sensitivity of thermal softening to the presence of small traces of
impurity®.5® is consistent with a dislocation explanation since small
amounts of solute can, by atmosphere formation, greatly reduce the
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mobility of dislocations. Thermal softening has been discussed in
terms of dislocations by several writers®1%42 and considered in some
detail by Burgers.®® Burgers starts from a picture of the cold worked
state which is similar to that proposed by Bragg i.e. an assembly of
crystallites, elastically deformed by internal stresses, which are joined
by transition surfaces composed of dislocations. Itis, however, admitted
that some dislocations may exist in the interiors of the crystallites. In
addition to the simple transition surfaces of the types discussed earlier,
Burgers also considers more complicated ones, of several atoms width,
in which dislocation arrays similar to that of Figure 18 exist. In such
cases the transition layers contain dislocations of opposite sign and an
orientation difference between neighbouring crystallites necessitates an
excess of dislocations of one sign.

Two softening processes are discussed. In the first, whichis considered
to account for recovery, a reduction in the number of dislocations in
the boundaries occurs without any displacement of the boundaries as a
whole, or any rotation of neighbouring crystallites relative to each
other. The latter condition necessitates that the dislocations be removed
from a boundary in pairs, of opposite sign, and Burgers suggests two
ways in which this might be accomplished. If dislocations of opposite
sign exist on the same glide plane they can run together and annihilate
each other. If they are not on the same plane they might, under
favourable circumstances, be driven apart along their respective glide
planes into the adjoining crystallites under the action of a local internal
stress which could arise as a consequence of the dissolution and re-
arrangement of nearby dislocations. These mechanisms are rather
difficult to understand when the dislocations are close together, since
the interaction forces are then very large. One would thus expect
dislocations on the same plane to annihilate each other almost instan-
taneously, without waiting for thermal agitation; those on nearby
planes would form a knot in which they are bound too firmly to be
dislodged by the internal stress. Burgers points out, however, that
other nearby dislocations may markedly affect these tendencies. A
possible mechanism for the dissolution of a knot results from the fact
that, geometrically, the insertion or removal of a part plane of atoms
joining the two dislocations produces a perfect crystal structure. If
the dislocations are arranged with their compressed sides innermost,
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the part plane has to be removed, and vice versa. Since the dislocations
in a tightly bound knot are, at most, only a few atoms apart, it ought
to be possible to achieve this result in a reasonably short time by the
transport of atoms to or from the region between the dislocations by
migration. A process which could cause recovery by the dissolution of
single dislocations has been suggested by Koehler.’® He has shown
that a necessary consequence of elasticity theory is that a dislocation
near a free surface must experience an image force equivalent to the
force which would be produced by a dislocation of opposite sign at an
equal distance on the opposite side of the surface. Under the action of
this image force dislocations can migrate to a free surface and become
annihilated.

Whatever mechanism causes the dissolution of dislocation pairs,
it cannot produce a complete removal of the effects of cold working
since it must cease when each transition surface consists entirely of
dislocations of one sign and no dislocations are present in the interiors
of the crystallites. Recovery is considered to be completed at this stage,
and further change must proceed by a different process. The charac-
teristic feature of recrystallization is crystal growth, and Burgers
accounts for this by invoking a mechanism due to Bragg?® in which
a transition surface migrates as a whole by the simultaneous movement
of all its constituent dislocations

—- -

along their respective glide planes. .~~~

This process enlarges one crystallite |
at the expense of another and so \
produces crystal growth. It can o e/ -
occur when the resultant internal T
stress acting in the slip direction on  Figure 20. Adjoining crystallites in a
h . . . distorted crystal. The central crystal-
the set of dislocations attains a is free from internal stress and
certain value. To obtain a systematic  may serve as arecrystallization nucleus

. . .. o . (After Burgers)
migration of a transition surface it is
necessary for the state of stress in adjoining crystallites to be different,
and it is rather difficult to see how this condition is preserved during
the continued growth of a crystal. Conditions which might allow a
crystallite to act as a nucleus for recrystallization, as envisaged by
Burgers, are illustrated in Figure 20. In this, the central crystallite

occurs at the point of inflexion of a curved lattice region and is
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comparatively free from internal stress. As it is less deformed than
its neighbours it may be expected to grow at their expense.

One phenomenon which lends some support to these ideas is that of
stimulated crystal growth, reported by SANDEE, MAY, and BURGERs. %!
Analysis of the shapes of crystals grown in recrystallized aluminium
plates showed that certain crystals did not start to grow until other
crystals, already growing, reached their nuclei and stimulated them
into activity. This effect appears to explain the observation of
AnpERsoN and MEHL®? that the rate of nucleation in recrystallizing
aluminium increases with time. It is highly suggestive that the
stimulating and stimulated crystals are always oriented so that they
have in common a glide plane (111) and a glide direction [110] in this
plane. Burgers suggests that, when a growing crystal reaches a crystal-
lite with a parallel set of glide elements, dislocations held up in the
crystallite are ‘discharged’ into the crystal, thus relieving the crystallite
of internal stresses and allowing it to grow as in the process envisaged
in Figure 20.

FLEXIBLE DISLOCATIONS AND PRECIPITATION HARDENING

It is well known that a freshly quenched alloy, in the form of a super-
saturated solid solution, is soft and that it becomes harder when
precipitation is allowed to occur. If
ageing continues further the particle

size of the precipitate becomes large
/\ and resoftening occurs (over-ageing).
The yield strength of the alloy is thus

a function of the state of dispersion
of the particles in the material, as
represented qualitatively by Figure 21.
Figure 21. The variation of the yield  In this diagram A, is the mean dis-
strength of a precipitation hardening  tance between neighbouring particles
alloy with distance between particles .
in the freshly quenched alloy; the
particles in this case are individual solute atoms and A, is about three
atomic spacings for typical alloy compositions. Maximum hardening
occurs at a critical dispersion size, A, which has been shown experi-
mentally® to be about 25 to 50 atomic spacings. On over-ageing the
dispersion eventually becomes sufficiently coarse for individual particles
to become microscopically visible, so that in the softening range A may
be expected to be of the order of 1,000 spacings and greater.
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The dislocation theory of hardening due to precipitation has been
built up by MotT and NABARRO.%5:66.67.1¢ Tn their first paper®® two
ideas are introduced which form a basis for the subsequent development
of the theory:

I The misfit of particles in the solvent matrix causes internal
stresses. In the solid solution this misfit is determined by
the parameter ¢, which measures the difference in the
atomic radii of the solvent and solute, 7, and 7,(1 + ¢)
respectively. On precipitation the solute atoms cluster
together to form larger particles, but the degree of misfit is
unaltered since a spherical region enclosing N atomic sites
changes its radius from R to R(l 4 €) when the solvent
atoms in these sites are replaced by solute atoms.

2 The cause of hardening is the resistance offered by these
internal stresses to the passage of dislocations. A moving
dislocation must encounter lattice regions where the local
stress acts against the external stress. To continue the
motion the internal stress must be overcome, and it is
assumed that the criterion for this is that the external stress
should attain the same magnitude as the mean internal
stress.

It is shown by Mott and Nabarro that this condition for yielding
defines the yield strength in order of magnitude as

Y =Eef . ... (25)
where E is Young’s modulus for the matrix and f is the ratio of the
total volume of particles to that of the matrix. The important feature
of this result is that it predicts the yield strength to be independent of
A, the distance between particles, and to depend only on f] the total
quantity of material causing internal stresses. This is because the
degree of misfit is unaltered during precipitation. Elasticity theory
calculations show that the intensity of the internal stresses is dependent
upon & but not upon A, so that precipitation increases the wavelength
of the stresses but not their amplitude.

We might thus expect the solute atoms to exert their full hardening
effect for all states of dispersion in the alloy. However, another line
of reasoning suggests that the internal stresses could have almost no
hardening effect. If we consider a dislocation as a rigid, linear dis-
continuity of length L, where L >> A, then along its length there will
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be L/ randomly arranged local fields of internal stress, some of which
help the forward motion of the dislocation and others hinder it. To a
first approximation these randomly alternating forces acting on the
dislocation cancel, so that their net effect is zero and there is no
hardening.

The resolution of these difficulties and the key to the problem lie in
the important idea, introduced later,%® %7 that a dislocation is not a
rigid discontinuity but is flexible. From a macroscopic point of view,
i.e. compared with atomic orders of size, a long dislocation can be
considered as a smoothly curved discontinuity lying in the slip plane,
the curvature being caused by the stress fields. Consider an element
of length [ of such a dislocation in a region where the local stress is o;.
The force exerted on it by the stress is oA/, which means that the
element has a potential energy V(x) = fo,Aldx due to the stress, where
x is the position of the element along the slip direction relative to the
local stress field. It is thus possible to plot the potential energy for a
dislocation at all points in a slip plane, and the resulting diagram is a
contour map of randomly arranged potential hills and valleys in the
slip plane, corresponding to the local stress fields, as shown in Figure 22.
In this diagram the circles enclose regions in which the dislocation has
high energy. In a stable configuration such regions are avoided and
the dislocation follows a path along the valleys shown by the broken
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T T O 7886000 P0G TEI~ 0000 .
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Figure 22. Flexible dislocations in internal stress fields. The slip plane is
the plane of the paper. The dislocations are marked by broken lines and the
circles enclose regions of high potential energy

line. If the dislocation were ideally flexible it would always curl com-
pletely round the energy hills. Actually this is not so, and if the hills
and valleys alternate on a sufficiently fine scale the dislocation cannot
follow the sharply curving contours and must adopt a form of the
kind shown in Figure 22b. The reason for this is that the dislocation
becomes longer as it develops more loops, so that its energy due to its
stress field increases. Mott. and Nabarro!4 have shown that the
energy of a dislocation is about Gd® per atom plane, where G is the
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shear modulus and d is the atomic spacing; this is of the order of a few
electron volts. As a result a dislocation may be thought of as having a
tension
T = Gd? ... . (26)
acting along its length trying to shorten it, and is thus analogous in
this respect to a one-dimensional soap film. It can be shown that the
shape adopted by a flexible dislocation in a field of internal stress is
defined by
T/p = od N )

where p is the local value of the radius of curvature of the dislocation
line in the region where the internal stress is o,. Eliminating T gives

p = Gdlo, C ... (28)

so that the radius of curvature in atomic spacings is equal to the ratio
of the shear modulus to the internal stress.

We now have to compare p with A, the spacing between the centres
of strain. It is clear that, if A > p, the dislocation can follow the
contours of the stress field and a configuration like that of Figure 22a
can be adopted. In such a case the dislocation is looped into sections
of wavelength and amplitude of the order of A and, because it is quite
flexible at this radius of curvature, each loop will act more or less
independently of the others. Hence to produce glide each loop will
have to be taken over a potential hill without help from other sections
of the dislocation. To accomplish this the external stress will have to
exceed o, and the alloy will be hard (the over-ageing case where
A >> pisdiscussed below). If A < p, on the other hand, the dislocation
cannot follow all the changes in the stress field and must appear as in
Figure 22b. 'This is an approach to the case of a rigid dislocation, for
which the internal stresses balance and cause no hardening. Clearly
this example is to be identified with that of the freshly quenched solid
solution, in which A is only a few atomic spacings. To obtain a dis-
location curvature of this magnitude the internal stresses would have
to be of the same order as the shear modulus, whereas in practice the
stresses round a solute atom cannot reasonably exceed G/100.

We thus have a basis for understanding why an alloy hardens as it
changes from the condition represented by Figure 22b to that of Figure
22a. This hardening is expected to become complete when the particles
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have grown to such a size that A = p, which ought to be the critical
dispersion size, Aci. The estimation of this quantity involves a know-
ledge of o,. From the theory we know that o, should be about the same
as the yield strength 2 for a fully hardened alloy. Experimentally 7 is
about G/100 in such cases, from which we deduce that A should be
about 100 atomic spacings. This is in fair agreement with Guinier’s
experimental value.%4
According to the theory, the yield strength increases proportionately
with A1/2 as the alloy passes from the as-quenched to the fully hardened
state. Thus, consider a dislocation of length L >> A. Thisisdivided into
L/A elements by the internal stress field, in each of which the stress is oy
and the sign of o, varies randomly from one element to the next. Hence
the dislocation is subjected to L/A randomly positive and negative forces,
each of magnitude o AA. From statistical theory it is well known that
the probable net value of » randomly positive and negative equal
contributions is #!/? times the value of a single contribution. The net
force on the length L is therefore, on average, o, AA(L/A)/2, which is
equivalent to an average shear stress o;(A/L)1/2. The resultant internal
stress (and hence the yield strength) thus increases as Al/2,
The mechanism of resoftening on over-ageing has been discussed
by Orowan,®® who has shown that it can be explained as a necessary
consequence of the concept of flexible
A dislocations. Consider in Figure 23 a
dislocation line held up by widely
spaced regions of high potential

8 energy. Under the action of the
CM external stress the dislocation will
Figure 23. The by-passing of widelyspaced bulge forward into the regions be-
obstacles by dislocations (Afier Orowan) ¢y een the obstacles (line A), and this
bulging will increase as the applied stress increases (B). Eventually the
dislocation will break away from the obstacles (C), leaving them enclosed
by small dislocation loops. The vyield stress is thus that required to
push a dislocation line through a row of obstacles of spacing A, and
to achieve this the dislocation must be forced into loops whose radii
of curvature are approximately A/2. The shear stress required to

bend a dislocation to such a curvature is given by equation 28 as
¥ = 2GdJA\ c e .. (29)
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so that, in the over-ageing range, the yield strength should decrease
inversely with A.

An additional effect which ought to be taken into account arises
from the pressure of the dislocations which are held up by the obstacles.
We have already seen that a dislocation which is held in equilibrium
against an obstacle by the pressure of n — 1 other dislocations behind
it is subjected to balanced forces equivalent to a local stress which is
n times the value of the external stress. We might expect from this that,
by forming sufficient dislocations in a glide plane, any given obstacle
can be overcome with an arbitrarily small external force. This is only
true if there is an unlimited expanse of glide plane behind the obstacle
in which the dislocations can be accommodated. In practice fresh
obstacles occur at intervals of A in the plane, and the pressure exerted
on a dislocation next to an obstacle depends upon how many disloca-
tions can be accommodated within such an interval. As A increases,
more dislocations can be accommodated, which means that a greater
pressure can be exerted on a dislocation forcing it through the region
between the obstacles. Thus increasing A can not only make it easier
for dislocations to by-pass obstacles but can also permit a greater
pressure, for a given external stress, forcing them through.

Mott and Nabarro have recently extended their theory to take into
account the effect of thermal fluctuations in helping dislocation loops
over the potential energy hills in the slip plane.!* In the fully hardened
alloy a loop of length A will, in the absence of an external stress, have to
surmount a potential barrier fo,(x)AAdx, where o,(x) is the mean
stress along the loop when the latter is displaced a distance x from the
valley position. The distance the loop has to travel before reaching
the next valley is of order A, and, assuming that the internal stress
varies sinusoidally across this region, we can take o;(x) = o, sin (2mx/A).
Integrating with respect to x gives the potential energy hill as

o AN .o e. (30)
If we assume that o, = G/100, A = 100d, A = d, and Gd3 = 5ev, then
the energy barrier is 150 to 200 ev. There can be no chance of thermal
fluctuations providing such an activation energy. They can only
provide energies of about one electron volt and less with reasonable
frequency at room temperature. It is clear that an external stress o
almost equal to o, would have to be applied before the barrier was
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reduced to such a value, and this leads to the result that the yield
strength ought to be almost independent of the testing temperature.
While a specific experimental test of this prediction on precipitation
hardened alloys does not seem to have yet been made, the fact that a
large temperature dependence is observed in many annealed metals
and single crystals is not encouraging. Mott and Nabarro conclude
that some additional factor, such as a temperature dependence of oy,
must be operative.

On the assumption that flow occurs when the external stress o is
almost equal to o, the activation energy for moving a dislocation loop
from one valley to the next is found to be:14

wm=owmmo—ﬂm ... (3
and in precipitation hardened alloys, at least, this ought to replace the
well known Becker-Orowan activation energy formula
v(o;, — 0)2

2G
where v is the volume in which a thermal fluctuation causing glide

U(o,) = . (32)

takes place. Experimentally, a distinction between these formulae
should be possible on the basis of their different dependences on o}
existing data are not, however, sufficiently precise for this purpose.

TRANSIENT CREEP

Apart from micro-creep, two main kinds of creep have been recognized,
transient and quasi-viscous, Transient creep occurs when a metal is
loaded beyond its yield strength. After an initial instantaneous
extension, a loaded specimen continues to extend under constant stress,
the plastic strain y increasing according to the law

y = pe3 e (33)
where ¢ is the time and P is a coefficient of flow. Initially the fast
transient creep obscures other creep processes, but with increasing time
it becomes slow and, in most cases, a second process is then revealed,
occurring simultaneously and obeying the relation

y = kt C .. (39)

where k is a coefficient of flow. This is quasi-viscous creep. These laws
were first established by ANDRADE®? on polycrystalline metals and
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have subsequently been confirmed on zinc? and aluminium?! crystals.
Several experimental facts show that the two flows are quite different.
Thus quasi-viscous creep is strongly dependent on temperature and
vanishes at low temperatures, whereas transient creep can be quite
rapid at extremely low temperatures.

Quasi-viscous creep is not yet fully understood,4 7! and it is probable
that different mechanisms operate in different cases. In polycrystalline
metalsitis usually caused by movements at or near the grain boundaries?2
and in single crystals is probably associated with movements in slip
planes where previous flow has caused some atomic disorder.”’? Skrrz
and Reap4? and Kauzmann?® have discussed some possible disloca-
tion processes which could give quasi-viscous creep.

Interest has centred recently in transient creep and the elements of
a theory are beginning to app'car, based on two important features of
this type of flow. Itis a fast crystallographic flow, intimately connected
with the instantaneous plastic deformation occurring on loading, and
is thus almost certainly produced by fast dislocations. The fact that the
initial flow rate is very fast, even at the lowest testing temperatures,
implies that the activation energy required to move dislocations is
vanishingly small at the start of transient creep.

The chance of a dislocation loop jumping through a region of
unfavourable stress in unit time can be written as

~Ule kT .. .. (35)

X = Ve

where U(o,), the activation energy for the jump, is given by either
equation 31 or 32, and v is the frequency of vibration of the dislocation
in the potential valley. Mort and NABARRO!¢ have shown that v is
about 108 sec1. The first interpretation of transient creep from this
standpoint was given by OrRowaN?! and based on the assumption
that, below the softening range of temperature, the plastic behaviour
of a metal is determined by a stress/strain curve which is the expression
of structural strain hardening, i.e. a progressive increase of the internal
stress o; with strain. Thus, in Figure 24, application of a stress o
produces the instantaneous strain OA and, at the point P, the external
and internal stresses, ¢ and oy, are equal. At 0°K no further flow would
then occur, since o; > o beyond this point, but at higher temperatures
thermal stress fluctuations can span the difference Ao between o, and
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o, thus allowing flow to continue at constant stress. At first, since Ao
is vanishingly small, very small fluctuations are required and so rapid
flow will occur even at very low temperatures. This continuing strain
causes Ao to increase, however, and successive fluctuations have to
span an ever widening gap between o; and o. Successful fluctuations
thus occur less frequently and the creep slows down. If we write
Ao = hy, where the creep strain y is measured from the point A in
Figure 24, and assume that each fluctuation produces the same incre-
ment of strain, then the creep rate can be shown to be:71,14

dy

de
when the Becker-Orowan formula (equation 32) is used, or alterna-
tively, an analogous expression with y3/? replacing y? if Mott and
Nabarro’s (equation 31) formula is
used. Equation 36 gives a flow

= const.e” ™/*T . ... (36)

Activation . o
““Stresshy  which starts from P at a finite rate

only, and this is inconsistent with the
fact that there is a continuous tran-
sition from the instantaneous exten-

/nstontaneous

Strom Strom 7 sion to the transient flow. To over-
\__Strain . e
0 A B come this difficulty Orowan assumed

Figure 24. Interpretation of transient that, when Ao is small, the movement
creep from a stress|strain curve of one dislocation sets others into
(After Orowan) . . .
motion, producing a total increment
of glide proportional to 1/y2 With this assumption he obtained the
creep formula
511 __ const o okdy[2GkT
d¢ v?
At the beginning of creep this can be approximated to dy/d¢ = const/y?,
the integral of which gives Andrade’s y = B¢!/3 formula.

It is assumed in Orowan’s theory that, at any point on the stress/
strain curve, only a single value of o, is operative and that structural
hardening occurs during transient creep i.e. o, increases with y.
Mort and NABARRO ¢ and SmitH 74 have developed a rather different
picture in which the assumption of a single o, is not made. If a range
of internal stresses is present, then at any instant some dislocations will
be in positions where o, is small and can easily be moved, whereas
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others will face large stress barriers and their movement will require
large thermal fluctuations. The lightly bound dislocations will evi-
dently move first, and, if these continue to move until halted at places
where o, is high, the creep will gradually slow down because of the
exhaustion of lightly bound dislocations. This mechanism thus gives
a decreasing creep rate without invoking an increase in oy, i.e. without
invoking structural strain hardening, and accordingly it has been
called exhaustion hardening. Ifitis assumed that no structural harden-
ing occurs during transient creep it can be shown that exhaustion
hardening should lead to a strain/time relation of the type:

Y = const {log (v#)}® .. .. (38)
where v is about 108 sec—! and x varies with the details of the theory
and is given as 2/3 by Mott and Nabarro and as unity by Smith. This
gives a creep curve rather similar to the ¢!/3 curve and predicts a fast
initial creep rate without involving the assumption that the movement
of one dislocation starts a glide process producing an increment
proportional to 1/y2.

It is characteristic of the exhaustion theory that the extension pro-
duced in the first few seconds ought to be large compared with that
produced later. Thus for ¢ = 1 second the factor {log (v¢)}2/3 is about 7,
whereas for ¢ = 108 seconds, approximately ten days, it is only about 10.
Since all flow occurring in the first second would be regarded as
instantaneous, the instantaneous strain ought always to exceed the
transient strain for reasonable testing times. In practice the opposite
is usually observed, and thus the concept of exhaustion hardening
cannot by itself entirely account for transient creep. It is evident
that an additional factor to be taken into account is structural harden-
ing, and it is thus possible that a combination of Orowan’s theory with
the theory of exhaustion hardening will provide a more complete
picture.

THE ORIGIN OF DISLOCATIONS °

The excuse for delaying the discussion of the origin of dislocations
until last is that this subject is at present the most obscure part of the
theory of dislocations. Their high energy of formation makes it clear
that dislocations cannot exist as stable features of a crystal in equilibrium
and could hardly be formed by thermal fluctuations in even a highly
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stressed but otherwise perfect crystal. The problem of the origin of
dislocations is thus to explain how this high energy is overcome. That
we have as yet no certain answer is no objection to the concept of
dislocations and to the belief in their existence. The argument that
dislocations must be present as a consequence of the crystallographic
nature of plastic flow is convincing, and in any case, if we refused to
accept it by supposing that glide planes moved rigidly across each
other, we should again have the same problem to face, except that the
energy to be overcome would be even higher.

Explanation has centred round the possibilities that dislocations
originate either at the base of cracks where high stress concentrations
exist’® or at crystallite boundaries,45.42.66.23 regarding these as
dislocation transition surfaces. One difficulty facing the crack hypo-
thesis is that extremely deep cracks, of the order of one mm, seem to
be required to obtain sufficiently intense stress concentrations to pro-
duce dislocations at the observed yield strengths of soft single crystals.”®
Also one would expect plastic flow at the base of a crack to blunt it
and impair its action in producing further flow. It has been suggested
that the existence of slip bands supports the crack hypothesis rather
than the other, since a large localized slip could be expected in the
vicinity of a crack, whereas on the crystallite boundary hypothesis one
would expect each slip plane to contribute a few dislocations, thus
giving a homogeneous flow without visible slip bands. However,
Frank’s work on slip band formation by fast dislocations shows that slip
bands may be produced without the aid of cracks, and accordingly
recent opinion has tended to favour the crystallite boundary hypothesis.

Very recently Frank®® has analysed the conditions governing the
growth of a crystal about a nucleus from the vapour phase or the melt,
and has shown that a nucleus is unlikely to grow unless it contains
dislocations. If this is true it means that the problem of the origin of
dislocations is essentially solved since dislocations will then be naturally
occurring, though thermodynamically unstable, features of real crystals.
Whether these dislocations are assembled in transition surfaces or not
is a secondary question.

124



THEORY OF DISLOCATIONS

REFERENCES

1 NaDpAlL, A. Plasticity New York, 1931

* TAYLOR, G. L. Proc. roy. Soc. 4 145 (1934) 362

3 OrowaN, E. Z. Phys. 89 (1934) 634

¢ PoLaNnyi, M. Ibid 89 (1934) 660

8 PrRANDTL, L. Z. angew. Math. Phys. 8 (1928) 85

¢ DEHLINGER, U. Ann. Phys. 2 (1929) 749

7 EwiNg, A. and RoseNHAIN, W. Phil. Trans. roy. Soc. 4 193 (1899) 353

8 Mark, H., Poranyr, M. and Scumip, E. Z. Phys. 12 (1927) 58

® TAYLOR, G. I. and Evram, C. F. Proc. rgy. Soc. A 102 (1923) 643

10 RosBAuD, P. and Scumip, E. Z. Phys. 32 (1925) 197

11 BURGERS, J. M. Proc. roy. Acad. Sci. Amsterdam 42 (1939) 293, 378

13 Proc. phys. Soc. Lond. 52 (1940) 23

12 BrAGG, W. L. and NYE, J. F. Proc. rop. Soc. A 190 (1947) 474

14 MortT, N. F. and NaBarro, F. R. N. Rep. Conf. on Strength of Solids Physical
Soc. London, 1948 p 1

18 TiMpE, A. . Math. Phys. 52 (1905) 348

16 VOLTERRA, V. Ann. Ec. Norm. 24 (1907) 401

17 Love, A. E. H. A Treatise on the Mathematical Theory of Elasticity Cambridge, 1934
p 221-8

18 NABARRO, F. R. N. Proc. phys. Soc. Lond. 59 (1947) 256

19 KOEHLER, J. S. Phys. Rev. 60 (1941) 397

80 BrownN, W. F. Ibid 60 (1941) 139

21 PeierLs, R. Proc. phys. Soc. Lond. 52 (1940) 34

3 CorTRELL, A. H. Rep. Conf. on Strength of Solids Physical Soc. London, 1948 p 30

3 Bracc, W. L. Symposium on Internal Stresses Institute of Metals 1947 p 221

3¢ HunTiNgTON, H. B. Phys. Rev. 59 (1941) 942 4

28 TAYLOR, G. I. Proc. roy. Soc. 4 145 (1934) 388

36 Bracc, W. L. Proc. phys. Soc. Lond. 52 (1940) 54, 105

37 LENNARD-JONES, J. E. Ibid 52 (1940) 38

28 CAHN, R. W. Rep. Conf. on Strength of Solids Physical Soc. London, 1948 p 136

19 NaBarro, F. R. N. Ibid p 38

30 CHALMERS, B. Proc. rgy. Soc. A 156 (1936) 427

31 JaswoN, M. A. and CotTrELL, A. H. To be published

33 Epwarps, C. A., PuiLLips, D. L. and Liu, Y. H. 7. Iron Steel Inst. 147 (1943) 145

3 and Jones, H. N. Ibid 142 (1940) 199

34 SNOEK, J. L. Physica 8 (1941) 734

35 Low, J. R. and GENSAMER, M. Trans. Amer. Inst. min. met. Engrs 158 (1944) 207

38 CoTTRELL, A. H. and BiLBY, B. A. Proc. phys. Soc. Lond. 62 (1949) 19

37 OrRowAN, E. Ibid 52 (1940) 8

38 FRENKEL, J. and KoNTOROVA, T. Phys. Z. Sowjetunion 13 (1938) 1

89 FRANK, F. C. Private Communication

40 Rep. Conf. on Strength of Solids Physical Soc. London, 1948 p 46

¢1 HeipENREICH, R. D. and SnockrLey, W. Ibid p 57

43 Sertz, F. and Reap, T. A. J. Applied Phys. 12 (1941) 100, 170, 470, 538

43 Bracg, W. L. Trans. North East Coast Inst. Eng. Shipbuilders 62 (1945) 25

4 TAYLOR, G. I. and QuiNNEY, H. Proc. roy. Soc. A 143 (1934) 307; 4 163 (1937) 157

48 OROWAN, E. Symposium on Internal Stresses Institute of Metals, London, 1947 p 47

4¢ ANDRADE, E. N. pa C. and Roscog, R. Proc. phys. Soc. Lond. 49 (1937) 152

¢? BurGers, W. G. and J. M. Second Report on Viscosity and Plasticity, Acad. Sci.
Amsterdam 1938 p 200

48 KOGHENDORFER, A. <. Phys. 108 (1938) 244

4° LAURENT, P. Rev. de Mét. 42 (1945) 79, 125, 156, 104, 230

125




PROGRESS IN METAL PHYSICS

80 BRAGG, W. L. Nature, Lond. 149 (1942) 511

821 Woopb, W. A. Proc. roy. Soc. 4 172 (1939) 231

L1 Proc. phys. Soc. Lond. 52 (1940) 110

s Smrra, C. L. Nature, Lond. 160 (1947) 466; see also CoTTrReLL, A. H. and
GiBBons, D. F. Ibid 162 (1948) 488

84 ZenER, C. Met. Tech. 13, Tech. Pub. No. 192 (1946)

88 Reap, T. A. Phys. Rev. 58 (1940) 371; F. Applied Phys. 12 (1941) 100; Trans. Amer.
Inst. min. met. Engrs 143 (1941) 30

8¢ RoseNHAIN, W. F. Iron Steel Inst. 70 (1g06) 189

$7 Reap, T. A. and TynpaLr, E. P. T. . Applied Phys. 17 (1946) 713

88 Ferz, E. Trans. Amer. Soc. Met. 25 (1937) 1030; 26 (1938) 961

8% MILLER, J. V., BANNISTER, L. C. and HinbE, R. M. Nature, Lond. 158 (1946) 705

¢° BurGers, W. G. Proc. roy. Acad. Sci. Amsterdam 50 (1947) 452, 595, 719, 858

1 SANDEE, J., MAy, W. and Burcers, W. G. Summarized in Nature, Lond. 157
(1946) 76

¢3 ANDERSON, W. A. and MenL, R, F. Amer. Inst. min. Engrs Tech. Pub. No.
1805 (1945)

$3 BurGers, W. G. Nature, Lond. 160 (1947) 398

¢4 GUINIER, A. F. phys. Radium 3 (1942) 124

¢8 MorT, N. F. and NaBarro, F. R. N. Proc. phys. Soc. Lond. 52 (1940) 86

i J. Inst. Met. 72 (1946) 367

¢? NaBARRO, F. R. N. Proc. phys. Soc. Lond. 58 (1946) 669

%8 OrRowaN, E. Discussion. Symposium on Internal Stresses Institute of Metals,
London, 1947 p 451

¢ ANDRADE, E. N. pa C. Proc. roy. Soc. A 84 (1910) 1; 4 9o (1914) 392

7¢ CoTTRELL, A. H. and AYTEKIN, V. Nature, Lond. 160 (1947) 328

71 OROWAN, E. F. West Scotland Iron and Steel Inst. (1947)

78 HansoN, D. and WHEELER, M. A. F. Inst. Met. 45 (1931) 229

73 KAuzMANN, W. Trans. Amer. Inst. min. met. Engrs 143 (1941) 57

74 SmrrH, C. L. Proc. phys. Soc. Lond. 61 (1948) 201

76 ANDRADE, E. N. pA C. Science Progress 30 (1936) 593

¢ OrRowaAN, E. Int. Conf. Phys. II The Solid State of Matter Physical Soc. London,

1934 p 81

126



3
CRYSTAL BOUNDARIES
R. King and Bruce Chalmers

KNOWLEDGE about the regions separating or joining the crystals of
metals has until recently been obtained mainly as a by-product of
experiments made for quite different reasons. There are still many
aspects of the subject that are not understood, but recent work, both
experimental and theoretical, has led to a clearer understanding of the
part which the crystal boundaries play in the resistance of metals to
deformation.

The purpose of this chapter is to review the most recent experimental
and theoretical work on the behaviour of crystal boundaries. It is
necessary to examine the new results in terms of the ideas and experi-
ments of the past in order to see whether the older facts as well as the
newer ones are accounted for.

Attention is focused in turn on the following aspects of the subject.
The first problem is the origin of the boundaries themselves, after which
the mechanical properties and effects of the boundaries are discussed,
and a short account is given of the work which has been done on the
melting of crystal boundaries. Crystal boundaries may for many pur-
poses be regarded as surfaces, and they possess surface energy which
may manifest itself as a surface tension. After considering the conse-
quences of this, the chemical behaviour of the boundaries is described.
The subject of intercrystalline corrosion has been excluded, as it throws
little if any light on the main problem, the structure of the boundary.
A final section summarizes the conclusions which may be drawn from
the available facts.

THE ORIGIN OF BOUNDARIES

When a liquid metal is cooled, a temperature is reached at which the
solid and liquid are in equilibrium; this is the freezing point. At lower
temperatures the solid form is the more stable and there is a tendency
for nuclei of the crystalline solid to form. As soon as nuclei are formed
they increase in size until the temperature has risen, by virtue of the
release of latent heat, to the melting point. Subsequent growth of the
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crystals can only take place if heat is abstracted from them. In relation
to crystal boundaries two cases may arise, a that in which the degree of
supercooling is such that the whole of the liquid freezes before its tem-
perature has risen to the melting point, 4 that in which the crystals do
not come into contact with each other until heat is being extracted
from the system. The two sets of conditions may occur in sequence in
neighbouring points of the same material. This happens when the
outer layer of an ingot freezes with an equiaxial structure (case @) and
the remainder with a columnar structure (case ). The equiaxial zone
that may form in the part of an ingot which freezes last is also due to
the formation of nuclei in a supercooled liquid. The reason for the
supercooling is different from, but the essential features in relation to
the crystal boundaries are similar to, those of the chilled zone. The
essential difference is that in case 4 an isothermal surface separating
solid and liquid is geometrically determined by the loss of heat from
the solidifying mass, while in case a external loss of heat is not involved.

It is necessary to consider whether there is any difference in the
detailed mechanism of the formation of the crystal boundaries in these
stages of solidification.

: I ’ ’
Q
S T
c d

a b

Figure 1. Diagrammatic representation of the successive stages in the formation
of boundaries

In the first equiaxial stage each crystal will grow extremely rapidly
and, in the first instance, according to its natural habit. As soon as
neighbouring crystals begin to impinge upon each other a boundary
will be formed. The situation is illustrated in Figure ra, in which two
crystals, A and B, are represented as growing spherically. It is possible
that when crystals are growing rapidly as a result of the nucleation of a
supercooled liquid they will grow spherically. In Figure 1b the crystals
have just touched at the point P. Figure 1c shows a subsequent state of
affairs in which the boundary PQ has been formed coincidentally with
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the growth of the crystals. The surface represented by SQT is the
instantaneous liquid/solid interface and is an isothermal surface at the
melting point. It is interesting to note that here the liquid is cooler
than the solid. The process continues until the boundary PQ meets
the boundaries between the crystals A and B and a third crystal C
(Figure 1d) at the point X. This stage of solidification can be reached at
a very high rate since it is not dependent on the extraction of heat from
the system. It is probable that there is not sufficient time available for
liquid to move into the spaces left by the shrinkage which in most metals
accompanies freezing. Itistobe expected, therefore, that the boundaries
will be ‘short of atoms’ and relatively weak.

In the second stage, that of columnar growth, the boundary is formed
between two crystals which are both subject to heat loss in a definite
direction. The surface of separation between solid and liquid
advances in a regular manner and the boundary is formed simul-
taneously in such a way that there is always a supply of liquid at the
point where the boundary is being formed. There should then be no
lack of atoms to fill all the available sites in the boundary. Therefore, it
may be concluded that there is probably a difference between the
‘equiaxial’ and the ‘columnar’ types of boundary. It is of interest to
note that no differences in the properties of the two types of boundaries
have been detected; the reason may be that experiments on the
specific properties of boundaries have been confined largely to
boundaries of the ‘columnar’ type.

The crystal boundaries found in ordinary samples of metals may
differ in two important respects from those we have been considering.
In the first place the metals of practical interest are nearly all alloys,
in which more than one type of atom is involved, and secondly any
metal that has been deformed in the process of fabrication is likely to
have undergone some degree of recrystallization or grain growth,
The boundaries, in these circumstances, are not in the positions in which
they were formed during solidification, and their properties may have
been modified by their movement or by their destruction and re-creation.

Recent experimental work?! has shown that the mode of formation of
the columnar type of boundary is influenced by the relative orientations
of the two crystals concerned, and in particular by the relative orienta-
tions of the crystal axes to the surface of separation of solid and liquid.
It has been found that for tin, lead, and zinc the boundary is formed
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in a direction perpendicular to the interface only when the crystals have
similar orientations i.e. when the crystallographic indices of the crystal
surface in contact with the liquid are the same for the two crystals.

When this condition is not satisfied, the dircction of formation of the
boundary is oblique. In extreme cascs the angle may be as high as
45°, The dircction of the boundary is such that the crystal which has
the closer atomic packing on the relevant surface encroaches on the
other crystal. In order to account for this phenomenon it was necessary
to postulate that the meclting point varied with the nature of the face
in contact with the liquid.

MECHANICAL PROPERTIES AND EFFECTS

It is perhaps in relation to thcir effects upon the mechanical behaviour
of polycrystalline aggregates that grain boundaries have received most
attention, and it is of interest to observe how theories concerning their
nature and bchaviour have grown in relation to knowledge of the
mechanism of deformation within the crystals themselves.

The first theory of the boundary which was developed in detail and
which with minor modifications was widely accepted for many years
was the amorphous cement theory, of which RosENHAIN was the chief
protagonist. The presence of a cement at grain boundaries had been
suggested by ecarlier writers. Quincki? and BriLrouin® both suggested
a form of boundary cement, and EwiNe and Rosennan® in 1901 had
referrcd to ‘the fusible and mobile eutectic forming the intercrystalline
cement’ even in pure mctals. However, the amorphous cement theory
took shape after the work of BeiLBy. Beilby’s® observations on the
flow of metals in the polishing of surfaces led him to suggest that during
plastic deformation localized melting and flow followed by solidification
occurred within the crystals. The melted material solidified in an
amorphous condition (it was a supercooled liquid) and had the charac-
teristics of a vitreous material, and the change in properties caused by
plastic deformation could be attributed to the presence of this amor-
phous material. Bencoucu® first identified the grain boundary
cement with Beilby’s amorphous metal. He had carried out a series
of tensile tests on a number of metals over a range of temperatures and
observed that at a certain tempecrature characteristic of the metal
there was an abrupt change in the curve relating strength to tem-
perature. To explain the generally observed fact that, at room
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temperature, fracture in metals and alloys was transcrystalline, which
suggests that the cohesion between separate crystals was greater than
that between different parts of the same crystal, he suggested that the
boundary material ‘must surely be none other than Beilby’s amorphous
material arranged in a thin, more or less continuous, layer round the
crystals’. He postulated that this layer existed in all metals and alloys
at ordinary temperatures, but above a certain temperature, at which
an abrupt change occurred in his experimental curves, it could not
exist even momentarily and fracture occurred between the crystalline
junctions. Rosenhain,” while accepting the existence of a cementing
film at room temperature, did not agree that the amorphous material
ceased to exist above a certain temperature. He suggested that
Bengough’s results could be explained by the behaviour of the grain
boundary material as a vitreous substance becoming a viscous liquid
at high temperatures. In a later paper by Rosennain and Ewen® the
mechanical behaviour was elaborated as follows. ‘An undercooled
liquid while very hard and brittle at the ordinary temperature becomes
soft and viscous at high temperatures, whilc the reduction of internal
friction which opposes slip within the crystals does not diminish with
such extremc rapidity with rising temperature. Up to a certain
temperature we should thus expect the course of the temperature/
strength curve to be governed primarily by the diminution of internal
friction, but at that point the softcning of the cementing liquid would
overtake the softening of the crystals and from that temperature
upwards the tecmperature/strength curve would follow the decrcase of
the viscosity of the liquid with increasing temperature.’

Following these early papers a number of observations were explained
in terms of an amorphous layer at the boundary. In the section on
‘Metals: the relations of strain and structure—amorphous mectal’ in the
1923 Dictionary of Applied Physics Rosenhain puts the case for the existence
of an amorphous cement. It is very clear how much the amorphous
cement theory of the boundaries was dependent upon the success of
the Beilby hypothesis of plastic deformation in the crystals, and much
of Rosenhain’s argument consists of the evidence for the existence of
amorphous material from these considerations.

Having established the plausibility of the existence of metal in an
amorphous condition Rosenhain’s argument for its existence at the
grain boundaries was that its presence could explain the following
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experimental facts. Bengough and subsequent workers observed that,
for rapid deformation and at ordinary temperatures, fractures in most
metals were transcrystalline except in cases where intercrystalline
weakness arose, such as in the presence of a weak constituent. For slow
deformation at higher temperatures, however, the fracture path tended
to be intercrystalline. In almost all metals at ordinary temperatures
superior mechanical properties were associated with a fine grained
structure. Microscopic examination of the slip bands in the neighbour-
hood of grain boundaries showed that the bands were distorted in a
manner that indicated that the crystal boundary interfered with the
slip within the crystal. Observations on iron by RosenHAIN and
HuMrrEY® showed that as the temperature of deformation approached
1,000°C the crystals showed less deformation by slip and there was
more deformation at the boundary. Rosenhain and Ewen!® showed
that under slight stresses a number of metals failed at the boundaries
a few degrees below the melting point, the crystals being pulled away
without appreciable deformation. All these observations could be
explained by the existence at the boundary of a material which was
strong, hard, and quasi-elastic at ordinary temperatures but capable
of softening relatively rapidly with increasing temperature and at
higher temperatures plastically deformed by very small stresses. Such
properties were known to characterize vitreous materials and had been
ascribed to Beilby’s amorphous metal, so the existence of a layer of such
material at the boundary was a reasonable conclusion.

‘Season cracking’ was explained as the result of the slow viscous
deformation of such a boundary material over long periods under the
action of internal stresses, and evidence suggesting that it could occur
more readily where boundaries were smooth was adduced in favour
of this argument by RoseNHAIN and ArcHBUTT,!! though as the smooth
boundaries were produced by a particular form of heat treatment it
could be readily argued that the susceptibility to season cracking
might be due to a change induced by the heat treatment rather than
the mere formation of straight boundaries,

Other chemical and physico-chemical evidence was put forward in
support of the amorphous cement theory of the boundary, but this is
referred to in other parts of this paper. Strong support was given by
JEFFRIES, ! who collected a considerable amount of information con-
cerning the relative properties of amorphous and crystalline phases.
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He concluded that the cohesion of an amorphous substance was
substantially zero at the melting point, though the cohesion of the
crystalline phase could be considerable. With decreasing temperature,
however, the cohesion of the amorphous phase increased more rapidly
than that of the crystalline phase. At a certain temperature (usually
about 0-35 to 0-45 of the absolute melting point) the cohesion/
temperature curves intersected. This he called the equicohesive tem-
perature. He noted too that this equicohesive temperature corre-
sponded closely to the lowest recrystallization temperature and argued
that this was consistent with the concept of amorphous material at the
boundary.

As a convenient measure of this equicohesive temperature Jeffries
determined the temperature at which specimens with large grain size
had the same strength as those of small grain size. In accordance with
the supposition that the grain boundary was amorphous he found that
the experimentally determined value of the equicohesive temperature
was dependent upon the rate of straining: the slower the rate of strain-
ing, the lower the equicohesive temperature.

The concept of the amorphous cement gradually changed. For
example, Rosenhain, who originally pictured it specifically as a
supercooled liquid, later spoke!® of an ‘irregular intercrystal layer’
rather than an amorphous cement and suggested that the boundary
layer might not be wholly amorphous but might for instance consist of
an amorphous matrix in which were dispersed minute crystallites. A
similar type of boundary layer was suggested by GoucH.'* From his
X-ray observations on fatigue he concluded that small but perfect
crystallites were produced at the slip planes, possibly dispersed in an
amorphous phase. These crystallites differed in orientation but not in
lattice parameter, and apparently provided a means of transition
between the two undeformed layers on opposite sides of the slip band.
He pointed out the possibility that such a system of crystallites could
form a means of transition from one lattice to another at the boundary
between two crystals.

Rosenhain!3 suggested in 1927 that the only two boundary struc-
tures possible were a smooth curving transition from one orientation to
another and a boundary in which an intermediate layer served to
connect the differing orientations. He dismissed the idea of curving
transition because, assuming that the allowable increase in distance
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between atoms was less than the elastic limit range, the radius of
curvature would be too large and the boundary in small crystals would
occupy the whole crystal, whereas for crystals of 10-4 cm x-rays had
shown a constant parameter over most of the crystal. On the other
hand, the amorphous layer he estimated at 10 to 100 atoms thick.
Nevertheless, in 1929 HarGREAVEs and HiLLs® proposed a transition
lattice for the boundary. They argued that in an aggregate of crystals
the forces which caused the atoms to assume the regular arrangement
of the crystal lattice must still be operative at the boundaries, causing
the atoms at the boundaries to take up positions dictated by forces
exerted by the crystals on either side. Thus in unstrained metals there
would be a definite pattern of atoms which was always the same for
the same two relative orientations and the same relative position of
the boundary. In considering the behaviour of such a boundary under
stress, they suggested that since it possessed a definite structure it should
possess an elastic limit and plastic flow should not take place until
the limit had been exceeded. Plastic flow would result in the middle
of the boundary having an amorphous structure which could be
considered to possess the properties associated with viscous undercooled
liquids. On each side of this amorphous layer there would be a zone
of transition to the crystalline lattice. The greater the amount of
mechanical working, the thicker the amorphous layer. The explanation
of the mechanical behaviour of metals then followed as for the amor-
phous cement theory. As evidence for the widening of the boundary
Hargreaves and Hills cited the work of TownsenD!® who found that
fatigue caused an apparent widening of the crystal boundaries in an
alloy of lead containing 1 per cent antimony. The widening had been
ascribed to the reduction in solubility of the antimony, but Hargreaves
and Hills pointed out that whatever the detailed explanation of the
fact it was evidence that some change took place which extended into
the crystals on each side of the boundary.

Annealing, it was suggested, resulted in either the disappearance of
the amorphous layer followed by grain growth as the transition zone
swept forward into the more distorted crystal or, with greater deforma-
tion and consequently wider amorphous layer, the formation of new
crystals at the boundaries.

Rosenhain considered that the arrangement of the atoms suggested by
Hargreaves and Hills in the unstrained metal did not fulfil the conditions
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necessary for stable equilibrium. In some cases the atoms would be
brought too close together and in others they would be too far apart
to fulfil the conditions of atomic linkage existing in metals. It may be
noted, however, that in describing the amorphous cement Rosenhain
himself had said that ‘in the irregularly arranged layers the atoms will
be found to lie at all manner of distances ranging from the minimum
to the maximum across which interatomic cohesion can occur, while
there will be many instances where adjacent atoms are too far apart to
be physically connected at all’.

Since those days the accumulation of knowledge, particularly from
x-ray investigations, concerning the structure and behaviour of metallic
crystals has made less plausible the concept of a separate amorphous
phase at the grain boundaries. The processes of deformation have been
studied extensively and there is no longer any need to postulate the
formation of a Beilby amorphous layer to account for the changes in
hardness which accompany deformation. On purely theoretical
grounds the existence of a stable amorphous state over relatively large
volumes in metals is extremely unlikely. BracG!? puts forward a
strong argument against its existence. He points out that interdiffusion
takes place quite rapidly in metals at relatively low temperatures,
and such diffusion implies the movement of atoms over relatively
large distances. On the other hand, the movements required to
transform the amorphous arrangement of metal atoms into a regular
crystalline pattern are very small and may be expected to occur at
temperatures considerably lower than those at which diffusion is
appreciable. Bragg states that ‘a macroscopic Beilby layer between the
crystallites is very difficult to conceive, for the atoms in the centre of
it, being quite free to move, would immediately take up a regular
crystalline form. An amorphous solid such as vitreous silica can be
frozen into a state of almost indefinite permanence because the bonds
between neighbouring atoms are so strong. Once formed in an irregular
way as the liquid cools they become permanent at lower temperatures,
since the chance of a thermal fluctuation being sufficiently powerful to
break all the bonds and permit rearrangement in any localized area is
vanishingly small. On the other hand, in a metal £T is sufficiently
great to permit rapid rearrangement right down to room temperature.’
Here Bragg is referring to cold worked material in which each grain
is pictured as consisting of a mass of differently orientated units or
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crystallites of dimensions of the order 10-¢ cm. The argument applies
equally to the case of the boundary between grains.

The study of solid solution and precipitation phenomena has provided
a considerable body of information concerning the elastic strains
which are possible within a crystalline lattice. The rapid and successful
development of the theory of dislocations?® has focused attention on
the distortions which can occur, and it is now clear that the strains
which would be associated with a comparatively rapid transition from
one crystal orientation to another at a grain boundary in a form very
similar to that suggested by Hargreaves and Hills would be in no way
incompatible with the properties of metal crystals. Thus a form of
transition layer is now widely accepted as the most likely boundary
structure on theoretical grounds.

BurGERs,!? in discussing the boundaries between ‘mosaic blocks’
in an imperfect crystal, describes how the transition of orientation from
one crystal block to another may be brought about by a system of
dislocation lines. The simple case of a cubic lattice is treated, illustrated
by reference to two crystal blocks which are rotated relative to one
another about one cubic axis. The dislocations are regularly spaced
with a period £, and for small angles the angle between the two crystal
blocks isA/#, whereA is the interplanar spacing indicated (see Chapter 2,
Figure 10). For crystalline blocks rotated relative to one another
about the normal to the boundary between them the transition from
one orientation to the other may be considered as a system of Burgers,
screw type, dislocations. The examples considered are the simplest
forms of boundary, but formally any boundary between two crystal
blocks may be built up from a combination of these two elementary
types of transition. While the treatment given by Burgers applies to the
transition regions between blocks within a single crystal, the picture is
equally applicable to intercrystalline boundaries. While such a formal
representation of the boundary contributes little towards the under-
standing of its mechanical behaviour, though it offers a means of
estimating the free energy of the boundary in simple cases, it clearly
indicates the plausibility of a transition picture of the boundary, and
it is of interest to observe how the picture of the grain boundary has been
associated with the theories concerning the methods of deformation of
the crystals themselves. When the Beilby hypothesis of work hardening
was popular it led to the hypothesis of the amorphous cement. The
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dislocation hypothesis of deformation has led to the formal representa-
tion of the grain boundary as a system of dislocations.

Before we consider how the transition concept of the grain boundary,
theoretically the most probable form, may be related to experimental
facts it is useful to compare the implications of the two pictures. In its
earliest form the amorphous cement theory postulated the existence of
a distinct phase at the grain boundary. This phase was of the nature
of a supercooled liquid, although later it came to be less closely defined
as an irregular arrangement of atoms. Whatever the detailed picture
of the atomic arrangement, the positions of the atoms were regarded as
random, the boundary phase having the properties of a vitreous
material. In the transition picture the atoms are again regarded as
irregularly arranged in the sense that they do not lie on crystal lattice
points, but there exists a regularity in that their positions are dictated
by the demands of the two crystals meeting at the boundary, and the
atomic arrangement will be the same for any two boundaries where
the orientations of the crystals and the direction of the boundary are the
same. On the transition hypothesis the degree of departure from
lattice positions will depend upon the difficulty of bridging the change
of orientations between the grains, and it would be anticipated that the
properties of a boundary would depend upon the relative orientations
of the grains meeting at the boundary and on the direction of the
boundary itself. If on the other hand there existed a truly amorphous
phase at the boundary, the properties of the boundary should not vary
with the orientations of the grains. Experiments designed to determine
differences in boundary properties with the orientations of the crystals
should give evidence concerning the exact nature of the boundary,
but so far such experiments have been somewhat inconclusive and
incomplete.

In discussing experimental observations on the mechanical behaviour
of grain boundaries it is necessary to distinguish between actual proper-
ties of grain boundaries and their effects, that is the interaction of
neighbouring grains across the boundary arising from the proximity
of two grains. These effects are clearly dependent on the nature of
the grain boundary material. It is impossible to transmit a stress of any
nature from one grain to another unless the boundary itself is capable
of withstanding a stress of that nature, but the result is not a measure
of the boundary properties themselves. Because polycrystalline
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materials in general show a higher yield strength than single crystals
it does not follow that there exists at the crystal boundaries a material
of higher yield strength than the crystalline materials themselves. All
that may be concluded is that the grains in a polycrystalline aggregate
cannot deform plastically as they would if they were isolated, because
if they did they would no longer conform with each other at the
boundary. The grains thus interfere with each other across the boun-
dary.

The inference which may be drawn concerning the boundary itself
is thus limited, we can conclude only that it is such as to allow this
mutual interference to take place.

The mutual interaction of grains has been observed by a number
of workers. CARPENTER and ErLaMm?® observed the supporting effect of
grains upon each other in the tensile deformation of coarse grained
aluminium, the grains being less deformed near the boundary than
elsewhere. This effect extended some distance into the crystal grains
and was observed as far as 0-25 cm from the boundary. Aston2! found
that the crystal grains suffered less change of orientation at grain
boundaries than within the grains themselves and concluded that
less deformation occurred in the boundary regions. BARRETT and
Levenson?? investigated the behaviour of aluminium in compression
and showed that the deformation within grains was far from homo-
geneous and depended upon the surrounding grains.

As an example of a straightforward investigation of such effects
of the grain boundary the experiments of CHALMERS?? may be quoted.
The variation of yield stress in tension of cylindrical specimens of tin
containing two crystals was examined. The boundary between the
two crystals was longitudinal and contained the axis of the specimen.
The specimens were grown so that in any given specimen one crystal
was the mirror image in the boundary of the other. In all specimens
the crystals had the same orientation relative to the axis of the specimen,
but the angle between the two crystals varied from specimen to speci-
men. Thus when the specimen was stressed longitudinally the stress
was in the same direction relative to the crystal axes of the grains, and
the only difference from specimen to specimen was in the angle
between the grains. The stress required to produce a definite small
increase in length was determined for a number of specimens covering
a wide range of angles between the crystals. It was found that this
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stress varied approximately linearly with the angle between the
crystals, and extrapolation to zero angle gave the value found for a
single crystal of the same orientation relative to the stress. The stress
varied from 400 gm/mm? for the single crystal to 650 gm/mm? where
the angle between the grains was 90°. This change in yield stress
cannot be attributed to the grain boundary itself. It arises from
mutual interference of the grains which is thus seen to be considerable.
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Figure 2. Hardness and local elongation of the grains of an aggregate after five per
cent elongation. Slip occurring at various points in the grain is shown schematically

More recent experiments of Boas and HARGREAVEs?4 demonstrate
in a convincing manner the interaction of grains in a polycrystalline
aggregate. Specimens of aluminium with a grain size of 1 to 3 cm were
electrolytically polished and lightly etched. Vickers Diamond Hardness
measurements were made in a straight line traverse across the grains
and the specimens deformed in tension. The elongation of different
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portions of each grain was determined from the change in distance
between the indentations, and the hardness at different points after
deformation was determined by a second traverse parallel to the first.
It was found that the elongation was different in different grains and
that deformation was not uniform within any one grain. Figure 2 is
typical of their results. Whereas before deformation the hardness was
constant within any one grain, it was found to vary considerably after
deformation. There was an obvious tendency to conform in elongation
at the grain boundary. A grain which on the average suffered little
deformation tended to show increased deformation in the neighbour-
hood of its boundary with a grain which suffered greater average
deformation, and vice versa. The hardness varied similarly and supported
this observation. Observations on slip lines and x-ray examination
confirmed the nature of the inhomogeneity of deformation. Following
Chalmers, 2% Boas and Hargreaves conclude that owing to this mutual
interference of neighbouring grains, regions of the grains near the
boundary must deform by a process which is not typical of the defor-
mation in the centre of the grain. TAvLOR?® considered the deformation
of a polycrystalline material on the assumption that the mutual
interference is such that each grain is constrained to deform in the same
manner as the aggregate as a whole, and showed that any arbitrary
deformation would require slip in five different slip systems. There
was, however, no evidence of fivefold slip in Boas and Hargreaves
experiments. They argue that if, as appeared, the deformations tend
to be continuous at the grain boundary, deformation by slip would mean
different stresses on opposite sides of the boundary. Since the stresses
must be continuous across the boundary, there must exist a mode of
deformation which is not ordinary slip.

The mutual interference of grains has been observed at elevated
temperatures and slow rates of straining. HansoN and WHEELER??
stressed in tension at 250°C a specimen of aluminium consisting of
two crystals. The boundary between the crystals was roughly perpen-
dicular to the direction of the stress, and while normal slip bands
appeared in both crystals, in one of the crystals there appeared wavy
distortion marks near the boundary and signs of slip in planes different
from those operating away from the boundary. The cross-section of
the specimen did not decrease at the boundary to the same extent as
in the crystal grains, and the specimen assumed a barrelled appearance
in this region.
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Plate 1V. Aluminium specimen after

210 hours under a stress of 1+4 tons|sq in

at 250°C. Elongation 21 per cent
(% 150)

Plate V. Specimen of 2 per cent
lead-tin alloy after 1,110 hours
under a stress of 1,000 lb/sq in.

Elongation 3% per cent ( x 400)




Plate VI. Shear movement at the grain boundary in a tin bi-crystal
after 50 hours under a shear stress of 590 gmlsq cm at 222°C (% 20)
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These then are typical effects of grain boundaries. Their importance
is obvious, but it is necessary to distinguish clearly between these and
the actual properties of the boundary material.

Although the transition picture of the boundary is the more attractive
on theoretical grounds, it is necessary to see how far it is possible to
relate it to experimental observations. It was seen that the amorphous
cement hypothesis fitted well qualitatively with the observed facts.
The facts which have to be explained are very much those which
Rosenhain quoted in support of his hypothesis in 1923. At ordinary
temperatures and speeds of straining below a certain temperature
characteristic of the metal, fracture is transcrystalline. At slower rates
and above that temperature there is deformation at the boundaries
and failure tends to be intercrystalline.

The technological importance of creep phenomena has led to many
investigations of the behaviour of metals at slow rates of deformation
at elevated temperatures, and a considerable amount of attention has
been paid to the role played by the grain boundary in the deformation.
The importance of the grain boundary has been stressed by many
observers, as for example Hanson and WHEELER,?” McKEownN,28
GreEeNwooD and WORNER,?? and some of the results of Hanson and
Wheeler may be quoted as typical. Specimens of aluminium were
polished and examined microscopically after various types of deforma-
tion. In an annealed specimen of uniform grain size, stressed at
1-4 tons/sq in at 250°C, after the initial rapid straining on application
of the load, when there was some slip in the grains, extension was very
slow and no marked changes occurred in the microstructure. Later,
however, the rate of extension increased, and after 210 hours the grain
boundaries appeared to be broadened, and there was much movement
in their neighbourhood (Plate IV). A specimen strained rapidly at the
same temperature to the same elongation showed only slight indica-
tions at the boundaries but very much slip within the grains. When
the specimen under low stress was loaded for a long time, cracks
appeared between the grains both on the surface and within the
specimen, and gradually extended with time until fracture occurred.
The fracture, as would be expected, was not entirely intercrystalline.
As the intercrystalline cracks developed the effective cross-sectional
area would be reduced and the stress would increase until it became
large enough to cause rapid fracture, which would then be trans-
crystalline,
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however, it is necessary to consider only very small displacements
as it is clear that, where a boundary is not straight or where there are
interlocking grains, after a very small shear movement at the boundary
further movement will be blocked by mutual interference of the grains.

Internal friction is a case in which deformations may be very small,
and the investigation of the variation of internal friction with
temperature and grain size by BARNEs and ZENER3® and ZENER,
VaN WiINkLE, and Niersen3® has yielded results consistent with the
hypothesis that boundaries behave in a viscous manner and allow
' the relaxation of shear stress
across them. The most com-
plete series of experiments
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Figure 4. Variation of internal friction with were. linear with re'spect ?0
temperature in polycrystalline (p) and ‘single  applied stress and prior strain

crystal’ (s) aluminium. Frequency of vibra- and could be correlated by the
tion = 0°8 cycle per second at room temperature .
application of the Boltzmann

superposition principle he concluded that they could be explained
on the assumption that the material consisted of two components,
one truly elastic and the other behaving in a viscous manner. As the
effects attributable to the viscous component were absent in single
crystal specimens he concluded that the viscous deformation in the
metal occurred at the grain boundaries. In the first instance he in-
vestigated four anelastic effects in torsion:

a variation of internal friction with temperature

b variation of dynamic rigidity with temperature

¢ creep under constant stress

d relaxation of stress at constant strain.
These phenomena would clearly be affected by viscous behaviour
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at the grain boundaries. For the investigations it was necessary that
stresses should be low enough for all effects to be entirely recoverable
after the removal of the stress, and that internal friction and dynamic
rigidity should be independent of amplitude of vibration. Thus the
deformations were limited to strains of the order 10-5.

With a frequency of vibration of 0-8 cycle per second the internal
friction varied with temperature as indicated in Figure 4. On the
assumption of viscous shear at the grain boundary the existence of a
maximum was to be expected. Since the internal friction is determined
by the product of the distance moved and the shear stress necessary to
cause the movement, it would be small at low temperatures where the
movement would be small and at high temperatures where the resistance
to slip was small. At an intermediate temperature, however, where
both slip and resistance to slip were not small, the internal friction
would be expected to be appreciable. The effect was observed in
polycrystalline specimens but not in single crystals.

The variation of rigidity with temperature is indicated in Figure 4.
The figure relates the square of the frequency, which is approximately
proportional to the rigidity, and the temperature. Compared with the
single crystal specimen the rigidity of the polycrystalline specimen
shows a marked drop above a certain temperature. Such a drop would
be expected if the boundary behaved in a viscous manner. As the tem-
perature was raised, so would the boundary become more mobile
until at a certain temperature appreciable boundary slip would occur
during the period of an oscillation. K& found that the value of the fully
relaxed dynamic rigidity obtained from his experiments was in close
agreement with that calculated in a manner similar to that of ZeNEr3®
for the value of Young’s modulus, on the assumption that boundaries
were incapable of supporting a shear stress.

Torsional creep under constant stress up to a maximum surface
strain of 2 X 10~ was observed at different temperatures. The creep
was proportional to the stress and was completely recoverable after
the removal of the stress. No such effects were observed in single
crystals. K& showed that the creep could be expressed as

djd, = A .f(te - HIRT) )

where d, was the deflection after time ¢, 4, the deflection immediately
after the application of the load, and 4 a constant independent of the

145



PROGRESS IN METAL PHYSICS

time or the temperature 7. The value of the activation energy H was
determined as 34,000 calorie/gm atom.

The relaxation of stress for a constant strain was investigated at
different temperatures and it was found that an activation energy for
the process could be determined. This was 34,500 calorie/gm atom, in
close agreement with the value calculated from the creep. The total
amount of stress relaxation produced was in accordance with the
observed reduction in dynamic rigidity with temperature.

Using the Boltzmann superposition principle, Zener has derived
relationships between the stress relaxation at constant strain and
each of the other effects: dynamic rigidity, internal friction, and creep
under constant stress. Using these relations Ké calculated values for
the stress relaxation for different times at 200°C, in turn from his
observed values of dynamic rigidity, internal friction, and creep. The
results calculated from each type of observation were all in close
agreement with the experimentally determined stress relaxation.
Thus all the observations gave a self consistent picture indicating that
the grain boundaries behaved in a viscous manner. On this assumption
Ké made an estimate of the coefficient of viscosity of the boundary.
The temperature dependence of viscosity was given directly by the
temperature dependence of the creep process, and the actual value at
one temperature (285°C) could be estimated from the maximum of
the internal friction temperature curve. The value estimated for the
coefficient will, of course, depend upon the effective thickness of the
boundary, and this is not known. K& assumed a value of one atomic
distance, 4A. This assumption led to the expression for the coefficient
of viscosity:

n = 1-2 x 10-20G, ¢ #45%RD )
where G, is the unrelaxed rigidity of the material. Extrapolation of
this expression to 670°C gave a viscosity value of 0-14 poise, in fair
agreement with the value determined experimentally by Poryak and
SErRGEEV?? for liquid aluminium.

Later experiments by Ké3% gave further strong support to the
conclusion that grain boundaries behave in a viscous manner. Such
behaviour should mean that if the frequency of vibration were
increased, the maximum in the internal friction/temperature curve
would be displaced towards-a higher temperature, and similarly an
increase in frequency should raise the temperature at which relaxation
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of the rigidity occurred (Figure 5). This is clear from the following
considerations. The internal friction due to relaxation across grain
boundaries is appreciable when the period of oscillation is comparable
with the relaxation time of the stress relaxation at the boundaries. If
then the period of vibration is reduced the maximum internal friction
will occur at a temperature

where the relaxation time is o7
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Figure 5. Variation of ‘rigidity’ with tem-

frequcnc.lcs conﬁrmed- these perature, for polyerystalline (p) and “single
expectations. Calculations of crystal’ (s) aluminium

the activation energy for

boundary slip from these observations gave in each case a value
32,000 calorie/gm atom, in good agreement with those obtained from
creep and stress relaxation determinations. Observations on the effect
of grain size are recorded and, it is claimed, are in good agreement with
the postulate of viscous behaviour. Ké considers that the relaxation
time associated with the stress relaxation across grain boundaries will
increase with grain size because, for a given average stress, with the
larger grain size, a larger relative displacement should occur before
slip is prevented by interference of the grains at grain edges and corners,
and thus a longer time will be required to reach the equilibrium state
at which further grain boundary slip is completely blocked. Thus an
increase in grain size should cause the internal friction/temperature
curves and the rigidity/relaxation curves to be displaced in the direction
of higher temperature. This argument is difficult to reconcile with
observations carried out by King, CAuN, and CHALMERs?! on boundary
shear in bicrystals of tin.  Here, apparently, there are straight boun-
daries with no corners or grain edges to block the shear movement and
yet such movement is limited, from which it is concluded that the limit
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to shear movement is probably set by small irregularities in the
boundary. Such irregularities should be present in the grain boundaries
in polycrystalline specimens, and there is no reason to suppose that
their spacing and hence the extent of movement is proportional to grain
size. However, K&s experimental results are in full accord with his
argument and with an activation energy of 32,000 calorie/gm atom for
grain boundary slip.

The observations of Ké have been considered in detail because they
constitute the only quantitative results which have been concerned
with the mechanical properties of the boundaries themselves as distinct
from boundary effects, and as such represent an important advance.

At first sight K&’s results might be taken as strong support for the
existence of an amorphous layer at the boundary. The fact that the
extrapolated value of the viscosity a little above the melting point
agrees with the experimentally determined value for liquid aluminium
suggests the existence of supercooled liquid. However, the temperature
dependence of the boundary viscosity is some 10 to 20 times greater
than that of the liquid metal, so some other explanation must be
sought. Morr3® has treated theoretically the behaviour of grain
boundaries under stress and has suggested a mechanism whereby a
region of transition from one crystal to another could behave in a manner
consistent with Ké&’s observed results. He suggests that the boundary
surface may be divided into regions or islands over which the fit
between the two crystals is reasonably good, separated by lines where
the fit is bad. The elementary process of slip is the relative movement
of the two crystal surfaces constituting one of these islands of good fit.
If the number of atoms constituting the island of good fit is » and the
activation energy per atom for relative movement to occur is U, the
activation energy for the elementary slip process is nU. In the presence
of a shear stress o the activation energy becomes (nU — }ola) for slip in
the direction of the stress, and (»U + }ola) for slip in the opposite
direction, a being the area of the island and / the distance moved in
one elementary slip process. The probability that thermal fluctuations
should supply an activation energy Q being e — 2%#7, the probable
number of times per second that slip occurs in the direction of stress is

ve — (U jola)kT

and in the reverse direction
ve — (nU + gla) kT
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where v is a constant of the order of magnitude of the frequency of
atomic vibrations. For small stresses the net velocity of movement » in
cm/sec in the direction of stress is shown to be:
v = (vi*ac[kT)e — "UKT R &)}
This expression is in qualitative agreement with Ké&s observations
in which the velocity could be expressed as:
— 180€ — 34.000RT )

The activation energy nU may then be identified with the experi-
mentally determined value. If Uis estimated on the assumption that the
two crystal surfaces forming the island simply slide over one another,
the value of n giving agreement with the observed activation energy is
approximately 23. This determines the value of 4 in the coefficient
vi2a/kT, which is then =6 X 10-% This value is very much smaller
than the observed value 18(cm/sec)/(dyne/cm?). Mott then suggests
that the elementary process which enables slip to occur is the disordering
of the atoms around the island. The free energy for this will vary with
temperature, and since it must be zero at the melting point it is suggested
that U = L(1 — T/T,,) is a plausible relationship, L being the latent
heat of fusion per atom and T,, the absolute melting point. Sub-
stitution for U in the expression for the velocity of movement gives:

v = (vi%ac/kT)e — "Lt~ TITmIkT

= (vi2ac/kT)e "/¥Tm ¢ — nLIT R )]

The number of atoms to be disordered to give agreement with the
observed activation energy is for aluminium about 14, and the
coefficient v/2a/k T is multiplied by a large factor e "“*7m  which brings it
more closely in line with the observed value.

Besides giving good quantitative agreement with the observed results,
this picture has the important merit that it shows that the behaviour
of the boundary approximates to that of a liquid layer at the melting
point, because the activation energy for melting small volumes dis-
appears at that temperature.

Thus the observed facts may be explained on the assumption that at
the grain boundary the atoms fit both crystal lattices as best they can.
There are regions where fit is good, separated by regions of bad fit.
Thermal fluctuations cause disordering of atoms equivalent to local
melting of small volumes, and in the absence of the applied stress
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relative movement of the surfaces in contact occurs in random direc-
tions. The presence of an applied stress exerts a small directing influence
on the relative motions which occur and the boundary deforms in a
viscous manner. At temperatures which are relatively low compared
with the melting point of the material the probability that such fluctua-
tions will occur is extremely small and the boundary is very resistant to
movement. When the temperature is sufficiently high for local disorder-
ing to occur to an appreciable extent, boundary slip will occur at a rate
proportional to the stress and appreciable deformation of an aggregate
will take place under small stresses, if sufficient time is allowed. There
exists a limit to the amount of relative movement that can occur
directly in this way. After a certain small movement, irregularities in
the crystal surfaces, crystal corners, and edges will interlock and prevent
any further simple slip. However, this interlocking will cause stress
magnification at the irregularities and corners, and although the average
stress applied to the specimen may be too small to cause plastic deforma-
tion within the crystals themselves, the magnification occurring at the
irregularities will be large enough to deform the neighbouring crystal-
line material, giving an overall deformation due to the viscous behaviour
of the boundaries. Such movements are no doubt responsible for the
comparatively gross relative movement at the boundaries observed by
Hanson and Wheeler and others. The manner in which this mechanism
may contribute to the viscous component of creep and to subsequent
tertiary creep is clearly apparent. It is not suggested that this is the
only mechanism in these phenomena, but there can be no doubt that
its contribution is considerable.

It is not difficult to see how, under these conditions of atomic
rearrangement and stress concentration, fissures may form and spread
at the grain boundaries, leading to the observed initiation of fracture
by intercrystalline cracking.

MELTING OF CRYSTAL BOUNDARIES

One of the few specific properties of the crystal boundary that have been
measured is the temperature at which it undergoes an abrupt change
in mechanical properties which can be described as ‘fusion’.
CHALMERs®® prepared specimens of tin consisting of two crystals
and one boundary. Since the two crystals were grown from separate
‘seed’ crystals it was possible to control the orientation of both of
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them. It follows that the relationship between the crystallographic
axes of one crystal and those of the other could also be controlled. The
experiments consisted in subjecting such a specimen to a tensile stress
across the boundary and raising the temperature slowly. The tem-
perature at which the two crystals separated was measured, and it
was observed that the difference between this temperature and the
melting point of the crystals themselves had a constant value of 0-14C°
over quite a wide range of conditions, independent of stress and rate
of heating. It did not change when the angle between the ¢ axes of the
two crystals was varied between 14° and 85°. It had a constant value
for tin of purities 99-998 per cent, 99-996 per cent and 99-986 per cent,
while its value only changed to 0-24C° when an addition of 0-2 per cent
of lead was made to tin of 99-986 per cent purity. The only type of
boundary which did not exhibit the depressed melting point was that
between twin crystals.

Fusion of the crystal boundaries at temperatures below the melting
point of the crystals has also been reported by CHaubrON, LAcCOMBE,
and YANNAQuIs*® for pure aluminium. The aluminium used in this
work had purities described as 99-99 per cent and 99-998 per cent.
It can be deduced from one of the illustrations to the paper that the
depression of the melting point of the boundaries is about 0-25C°. From
the photograph it appears that all the boundaries at the same tempera-
ture are equally affected. Further, it is stated that twin boundaries do
not share this property with the boundaries between crystals of unrelated
orientations.

The evidence available may be taken to show that there is a real
difference between the melting point of the crystal boundary and that
of the crystal, that this is not caused by impurities, and that it is inde-
pendent of the relative orientation of the two crystals between which
the boundary occurs.

All these experimental conclusions would be accounted for on the
amorphous cement theory, but the constancy of the boundary melting
point with varying relative orientation can also be explained on the
transitional lattice theory if it is assumed that an atom in the transitional
layer can have a maximum strain energy. Variation of the relative
orientations would merely change the number of atoms with the
maximum energy but would not affect the melting point, as this would
be controlled by the maximum strain energy. The strain energy
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corresponding to the observed depression of the melting point was
found to be of the order 10% ergs/cm?.

SURFACE EFFECTS

A considerable amount of information about crystal boundaries has
been obtained from a study of the region where they meet the surface
of the metal. The surface under discussion may have been formed
during the freezing of the metal or it may have been formed after
freezing, for example by polishing and etching.

Itis necessary to distinguish between two kinds of information that can
be obtained in this way. Firstly the examination of a surface at which
crystal boundaries terminate may reveal inherent characteristics of
particular boundaries or systems of boundaries, including their geometry
both as they are formed and as they are affected by mechanical and
thermal conditions. Secondly, evidence may be found of interactions
occurring between a boundary and a free surface at which it terminates.
Of these, only the second category can be described strictly as surface
effects. The most important of these is the phenomenon of thermal
etching. If a metal is heated to a suitable temperature, changes take
place in its surface configuration. These changesinclude the appearance
of a network of grooves, which coincide with the positions of the
boundaries.

The phenomena were first reported by RoseNnHAIN and HuMPHREY, 42
who observed the formation of two different networks on iron heated
at a pressure equivalent to 10-2 mm of mercury. The two networks
were later identified4? as corresponding to the boundaries of the « iron
and the y iron crystals. The earliest serious investigation of the
phenomena, however, was that of RoseNHAIN and EweN,8 who heated
polished specimens of copper, silver, and zinc at a pressure of
2 X 10~3 mm and found that grooves developed at the grain boundaries
but not at twin boundaries. Having demonstrated that more rapid
loss of weight occurred in fine grained than in coarse grained material
under the same conditions they concluded that the formation of the
grooves was associated with evaporation. The following argument
shows that the enhanced evaporation cannot be due to the excess
vapour pressure of the assumed amorphous boundary material. In
the first place, results of recent experiments on the relative movement
under stress of neighbouring crystals3! make it clear that the viscosity
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to be attributed to the boundary material must be much higher than
that derived by extrapolation of the viscosity of the liquid, and thus
the amorphous boundary material would have a much higher viscosity
than the supercooled liquid at the same temperature. The degree of
disorder of the actual grain boundary material must therefore be less
than that of the supercooled liquid, and it follows that the vapour
pressure is also less than that which can be calculated for the super-
cooled liquid. The calculation has been made for silver, and it is found
that the ratio of the vapour pressures of supercooled liquid to solid
changes from 1-000 at the melting point, 961°C, to 1-042 at 900°C,
1-130 at 800°C, 1-250 at 700°C, and 1-420 at 600°C. Thus at tem-
peratures which are high enough for appreciable evaporation to occur
the vapour pressure of the boundary material cannot exceed that of
the solid by more than an insignificant amount.

It was believed by Rosenhain and Ewen that the greater weight loss
of the finer grain material was enhanced by the exposure of a greater
area of metal due to the initial greater rate of evaporation at the grain
boundaries. Thus the two processes would combine to produce the
observed changes. It can be shown, however, that the formation of a
groove does not increase the total rate of evaporation, as it is the
projected rather than the actual area of the surface which should be
taken into account, if the asperities are not considerably larger than the
mean free path of the evaporating atoms.

It must be recognized, therefore, that the explanation advanced by
Rosenhain and Ewen is not tenable, although the existence of the pheno-
menon is confirmed by the more recent work of Fonpa43 on tungsten. No
acceptable hypothesis has been advanced, although the formation of
boundary grooves has been observed and studied by various workers.

CARPENTER and ELaM, % for example, found the same sort of marking
on an antimony-tin alloy, after heating to between 150°C and 200°C.
From observation of the behaviour in relation to grain growth they con-
cluded that the markings occurred during cooling. Boas and HonNEey-
coMBE#® account for their own similar observation, and for those of
Carpenter and Elam, in terms of the stresses introduced by the differen-
tial expansion of neighbouring grains which have different thermal
expansion coefficients parallel to their mutual boundary. Such effects,
although of great interest, do not contribute to our knowledge of the
crystal boundary, and cannot therefore be discussed here.
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The formation of a boundary network in silver during exposure to
elevated temperatures has been investigated by CuaLMERs, King,
and SHUTTLEWORTH.4® They showed that even at temperatures as low
as 300°C a well marked but incomplete boundary network appeared.
The pattern became complete at higher temperatures and after longer
times. A careful analysis of the possible mechanisms led to the con-
clusion that the boundary grooves represent an approach to the
equilibrium shape of the surface, which is depressed near the boundaries
by the tension they exert. This is a manifestation of their surface
energies. A knowledge of the angle at the base of a boundary groove
would reveal the relative surface energies of the boundary and metal
surfaces. Such measurements have not been made yet, but it is probable
that the energies are of the same order of magnitude. It is believed that
the shape of the surface approaches equilibrium by surface migration
of atoms rather than by evaporation. A further deduction from
observations on the thermal etching of silver is that twin boundaries
have much less energy than ordinary intercrystalline boundaries, since
the boundary grooves which are formed at the twin boundaries are
much feebler, but nevertheless visible.

Information about the positions and movements of boundaries can
be obtained from observations of the position of the intersections of the
boundary with a particular plane, i.e. a surface which is prepared for
examination. Thus it is observed that the traces of boundaries in such
surfaces are often straight, or nearly straight, and it is concluded that
the boundaries themselves are usually, although not necessarily,
approximately plane. Further, it is usual for the traces of three boun-
daries to meet at a point; this suggests that each boundary is normally
terminated by its junction with two other boundaries in a line. The
angles between three such boundary surfaces should indicate the
relative energies of the boundaries if equilibrium has been established.
In order to ensure that the angles between the traces of the boundaries
actually represent the angles between the boundary surfaces, it is
necessary that the boundaries should be perpendicular to the surface
on which the traces are examined. Experiments in which this condition
was observed were made by CHALMERs.! The specimens of tin con-
sisted of three crystals grown from seed crystals of the desired orienta-
tions which were so arranged that the three boundaries, at their
junction with the surface, met at a point. This allowed considerable
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freedom to vary the relative orientations of the crystals, and in par-
ticular it was possible to have a small difference of orientation,
corresponding to a relative rotation about one or two axes of a few
degrees, across one boundary while the differences across each of the
other two boundaries could be almost the maximum. The conditions
of growth and the shape of the specimen caused the boundaries to be
perpendicular to the surface of the specimen. The angles between the
boundary surfaces were therefore the same as the angles between the
traces of the boundaries on the surface. The results of the experi-
ments showed that when the specimens were examined without prior
heat treatment the angles between the boundaries were difficult to
measure because of their curvature near the common point, but it was
estimated that they were always between 100° and 140°. If the specimen
was subjected to a temperature a few degrees below its melting point
for periods of about a day, it was found that the boundaries had
become very nearly straight, and that the angles were always within
a degree of 120°.

It is concluded from these observations that the boundaries were able
to move at temperatures a little below the melting point, that their
movement resulted in a reduction of the total area, and therefore the
energy, of the boundaries and that the energies of all the boundaries
that were compared were equal although the differences of orientation
across the boundaries varied widely from one boundary to another.

These observations,-which were made with tin, have not so far been
repeated with other metals so it is not possible to generalize the results.

MortT 47 has pointed out that making certain assumptions based ona
transitional lattice theory of the boundary, it can be shown that the
energy of the boundary should be independent of the relative orienta-
tions of the crystals, unless the difference of the orientations is only a
degree or two. Thus observations on the variation of energy with
relative orientation do not discriminate between the amorphous cement
and the transitional lattice theories, although at first sight it would
appear that the experimental results quoted above offer some support
to the amorphous cement theory.

The extent of the grain boundary movement occurring during the
heat treatment of specimens of the type described above is small. On
the other hand, specimens have been produced! in which two
boundaries between the same two crystals were made to meet at an
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acute angle. Some ‘rounding off” of the angle occurred while the region
was still hot just after solidification, but very considerable shortening
of the boundary occurred during subsequent exposure to suitable
temperatures for longer times. The orientations of the crystals in speci-
mens of this type were adjusted so that there was no possibility of
stresses arising from differential thermal expansions.

It is inferred from these results that crystal boundaries can move as a
result of the tendency of the boundary area to become a minimum,
presumably as a result of the existence of a finite free energy of the
boundary.

The movement of the boundaries in a strain free metal appears to
contradict the accepted generalization that grain growth does not
occur in a metal ‘as cast’. The conditions under which considerable
movement took place, however, were artificial, and similar conditions
probably occur naturally only in rare instances.

The more general conditions for the movement of crystal boundaries
occur when a strained metal is heated. Here the reduction of area of
the boundaries is probably not the predominating influence. The
reduction in free energy which motivates the occurrence probably
arises from the fact that some crystals retain more strain energy than
others. A boundary between two crystals with different strain energies
will tend to move into the one with the higher strain energy. Thus
the less strained crystal ‘grows’ at the expense of the more strained one.
Local fluctuations of the position of the boundary, assumed to be a
transition lattice a few atoms thick, would be more probable, and would
therefore occur more frequently in the direction in which an atom
from the more strained lattice is pulled further from its equilibrium
position while an atom from the boundary is allowed to take up its
position on the more perfect lattice. The existence of an activation
energy for boundary migration supports such a mechanism.

MortT38 suggests that the movement of grain boundaries is a result
of a process that is essentially the same as that which is responsible for
grain boundary shear, namely the local melting of small ‘islands’ of
atoms. This process gives an activation energy of the right order of
magnitude. Such an explanation of boundary migration could not be
satisfactory in relation to an amorphous boundary layer, but an alter-
native explanation may be advanced as follows. It is necessary to
assume, in order to examine the amorphous layer hypothesis at all,
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that the amorphous material is in equilibrium with the crystalline
material; otherwise one or the other would disappear, for at any given
temperature, if the same amorphous layer were not in equilibrium with
both strained and unstrained crystals, it would be more stable than the
former and less stable than the latter and consequently would con-
tinuously ‘dissolve’ the more strained crystal while rejecting atoms on
to the less strained crystal.

The hypothesis that the amorphous material must be in equilibrium
with the crystals at any temperature below the melting point demands
that the free energy of the boundary material must vary with tempera-
ture according to a different law from that followed by the liquid.
Thus some property of the boundary material must change with
temperature. This cannot be the structure if this resembles that of the
supercooled liquid. It must therefore be some function of the thickness,
but since the thickness would have no effect on the free energy of the
atoms that are not very close to the limiting surfaces of the boundary,
it follows that the boundary must be so thin that the whole of it is
affected by the neighbouring crystals. It is difficult to see how a layer of
this kind differs from a transitional lattice.

CHEMICAL EFFECTS AT GRAIN BOUNDARIES

Considerable attention has been paid to the chemical effects of grain
boundaries. Descu* describes a number of phenomena, and a
great deal of information concerning intercrystalline corrosion, both in
the absence and in the presence of stress, has been gathered during
more recent years.

The literature on this subject is too extensive to be reviewed here
but a very brief general picture may be attempted, there being, of
course, exceptions to the generalizations made.

Whatever the exact nature of the grain boundary, it is clear that
there is a region where the atoms cannot be arranged on a regular
crystalline lattice. Consequently it is to be expected that, in general,
diffusion will occur at the boundaries more readily than elsewhere.
Similarly there will exist, at the boundary, regions where small foreign
atoms and others where large foreign atoms will fit more readily than
within the crystal lattice of the grains. In the normal process of
diffusion, foreign atoms arriving at these positions will tend to remain
and the concentration of impurities at the boundary wi‘ll be higher
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than that in the grains themselves. Similarly for precipitation from
a supersaturated solid solution it is to be expected that nucleation of
precipitates will occur more readily at the boundary than, in general,
within the grains. Most of the phenomena observed may be explained
qualitatively in_terms of these effects. Intercrystalline penetration by
other metals,%® and intercrystalline attack, where the impurities are
such as to react naturally with the corroding medium, are readily
explained. In the case of intercrystalline attack where precipitation
has occurred, and the precipitate is anodic to the grains, electro-
chemical corrosion explains the behaviour. Where the precipitate is
cathodic to the grains, intercrystalline attack is explained by the exis-
tence of a region, adjacent to the precipitate, which is depleted of
solute and is consequently anodic to both the precipitate and the body of
the grain, and which is therefore removed by electrochemical attack.

These phenomena, however, do not throw much light upon the
actual arrangement of the atoms at the boundaries, and it is from
observations upon pure metals and solid solutions of pure metals that
information on this point may be expected. The investigation is
complicated by the tendency for insoluble impurities to concentrate at
the boundary, as even in metals of high purity the impurity content is
sufficient to cause a relatively high concentration in the boundary
region if all the impurity is segregated there. In the experimental
observations discussed, however, this consideration does not invalidate
the conclusions drawn.

Discussing the attack of B brasses by mercury, Desch points out the
chemical difference between grains and grain boundaries in apparently
homogeneous solid solutions. More lately GrAr4® suggested that
changes in composition near the grain boundaries caused the inter-
crystalline stress corrosion to be observed in silver-gold solid solutions.
In an attempt to investigate whether in fact such a variation in com-
position does occur in solid solutions, PHrLLips and Brick5® determined
by x-ray measurements the lattice parameters of aluminium-copper
alloys of various compositions up to a maximum copper content of
5-65 per cent. The copper was retained in solid solution by quenching
after homogenizing. Parameters were determined for fine and coarse
grained polycrystalline wire specimens and single crystal wire speci-
mens. In addition coarse and fine powder specimens in which the
particles were in effect single crystals were examined. It was found that
the parameters determined for the single crystal wire and the powder
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specimens agreed closely, whereas those for the coarse grained poly-
crystalline specimens were smaller, and those for the fine grained
specimen were smaller still. As the lattice parameter of the aluminium-
copper solid solution decreases with increasing copper content, these
results could be interpreted as indicating that for any given average
composition there was more copper in solution in the body of the
grains in the polycrystalline specimens than in the single crystals, and
less at the grain boundaries. Investigation of the solid solubility of copper
in aluminium supported this observation in that copper appeared to be
more soluble in single crystals than in polycrystalline specimens. How-
ever, when the actual values are examined such an explanation is
impossible, as Phillips and Brick point out. In a polycrystalline alloy
of 4 per cent average copper content the measured lattice parameter
was the same as that of a single crystal containing 5-5 per cent copper.
If this means that the average copper content of the body of the grain
in the polycrystalline case was 5-5 per cent while the boundary region
was depleted, the boundary region, even if entirely free from copper,
would occupy about 27 per cent of the volume of the crystal. It was
concluded that the presence of the boundary modified the lattice
parameter, but no explanation of this was offered.

Dean and DavEy,®! however, suggested that there could be a marked
change in composition near the boundary in solid solutions. They
examined the copper content at grain boundaries in zinc-copper alloys
of varying composition up to 21 per cent copper. The specimens, of
fairly large grain size, were coated with a lacquer, and this was cut
through at the grain boundaries. Material from the boundaries was
removed electrolytically and spectrographically analysed. Material
was similarly removed and analysed from different parts of the grains.
In all cases the copper content of the material removed from the
boundaries was less than that of the material from the body of the grain.
The magnitude of the effect observed was surprising. For example,
in a specimen of average copper content 107 per cent they obtained
at the grain boundaries 0-8 per cent copper and in the body of the
grain 1-1 per cent. Although the width of the cut in the lacquer is not
quoted by Dean and Davey it must clearly have been many atomic
diameters, yet the results indicate that the composition of the grain
was affected by the boundary for a distance at least comparable to this,
It does not appear likely that such changes could be produced by a
simple transition at the boundary from one lattice orientation to another.
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Observations on precipitation, however,52 suggest that the boundary
structure is dependent on the relative orientations of the grains and the
boundary direction, as would be expected in accordance with a transi-
tion picture. It was observed in copper-beryllium alloys that there were
pronounced and abrupt changes in the precipitation at a grain boundary
when there was a change in relative orientation where twinning
occurred in one of the grains, and in an aluminium-magnesium alloy
the degree of precipitation between two grains depended upon the
orientation of the boundary itself. These observations were explained
by suggesting that nucleation for precipitation should be easier in those
cases where there was more irregularity at the boundary due to diffi-
culty of transition from one crystal lattice to the other.

Similar support is given to the transition from one orientation to
another by LacomBE and YanNaQuis,®® who observed that when
super-purity aluminium was attacked by a 10 per cent solution of
hydrochloric acid there was generally a rapid attack of the boundaries,
but the attack depended upon the relative orientation of the grains.
Boundaries where the two grains were of substantially the same orienta-
tion and those where the grains were in twin relationship were par-
ticularly resistant to attack. From this observation Lacombe and
Yannaquis suggested that the intercrystalline attack must be attributed
to the discontinuities at the junction of adjoining lattices, the discon-
tinuities being greater the greater the difference in orientation of the
grains, It is suggested that even with aluminium of such purity
(99-9986 per cent) there might have been sufficient impurity present
at the boundaries to effect the observed result. The variation with the
nature of the boundary, however, would still be significant, since it
would indicate that the concentration of impurity was greatest where
the transition from one lattice to the other was most difficult.

In the light of the evidence, both theoretical and experimental,
it may be concluded that the boundary between two crystal grains
represents a transition from one crystal lattice to another. There is no
reason to believe that there exists at the boundary a distinct amorphous
phase. The indications which appear to point to the existence of such
a structure may all be accounted for in terms of a transition region in
which the atoms are situated at defined mean points dictated by the
forces exerted by the crystals, although small regions may become
temporarily disordered under the action of thermal fluctuations.
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4
AGE HARDENING OF METALS
G. C. Smith

DurinG THE years 190311, the German scientist WiLm discovered the
alloy now known as duralumin. The unusual properties of this alloy
promoted subsequent work upon the ageing of metals. The first
detailed work was that of MEricA, WALTENBERG, and ScoTT in 1919,
and since then much literature has appeared on the subject.

The knowledge which has been accumulated deals not only with
duralumin but also with many other alloys, which like duralumin can
be strengthened by an ageing treatment. Theory and practice alike
have received detailed study, but the following article deals only with
the theory of the ageing process, tracing its development since the
earliest work.

WiLmb2? in his investigations developed a duralumin with the
approximate composition: copper 3 to 4-5 per cent, magnesium 0-4 to
1-0 per cent, manganese 0 to 0-7 per cent, silicon 0-3 to 0-6 per cent,
iron 0-4 to 1-0 per cent, and the balance aluminium. He found that
if a sample of such an alloy was quenched from high temperatures
below its melting point and then allowed to stand at room temperature
the hardness increased with time. It was found later that this increase
in hardness could occur on standing at other temperatures, but, as will
be seen later, the course of the hardening differed at different tem-
peratures. This process has come to be known as ageing, and the
change in hardness as age hardening. Though other properties of the
alloys are changed by ageing, Wilm was concerned mainly with age
hardening. Reference to other changes will be made later.

Merica, Waltenberg, and Scott® investigated in more detail the
effect of varying the heat treatment of duralumin on the properties
produced by ageing. Such variables as quenching temperature and
ageing temperature were studied. It had been noted previously by
BLoucH that the quenching temperature exerted a considerable effect
upon the hardening. Wilm used only one quenching temperature,
about 450°C, whereas Merica, Waltenberg, and Scott found that the
best mechanical properties were developed in duralumin by quenching
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from the highest possible solution temperature that could be used
without melting the eutectic. This temperature was taken to be around
520°C. The rate of hardening was found to increase as the ageing
temperature increased, and the maximum hardness obtained over a
period of ageing of fifteen days was found to occur at temperatures above
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Figure 1. Effect of ageing at different temperatures on the scleroscope hardness of
samples quenched from 515°C and 525°C (Merica, Waltenberg, and Scott)

100°C but below about 200°C. At 200°C and above the hardness/
time curve passed through a maximum, so that the alloy softened
at the longer times of ageing (Figure ). At the lower temperatures it
appeared that the hardness became more or less constant after the initial
increase. .

The mechanical properties investigated in this early work were
tensile strength, elongation, and hardness. It was found that the extent
to which good ductility could be combined with good strength was
dependent to some extent on the temperature of ageing.
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EARLY THEORIES

No theory had then been put forward to explain the changes occurring
during ageing. Merica, Waltenberg, and Scott considered that all the
available evidence seemed to indicate that the hardening was accom-
panied by a phase change in the alloy, or at least by profound altera-
tions in the atomic or molecular structure. The solid solubility of copper
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Figure 2. The aluminium-copper equilibrium diagram (After Hansen)

in aluminium was thought to be a factor of great importance. It had
been shown previously that the solid solubility of copper in aluminium
decreased rapidly with decreasing temperaturet (Figure 2). On slow
cooling of an aluminium-copper alloy containing four per cent copper,
precipitation of the intermediate compound CuAl, should therefore
take place from the uniform solid solution which existed at the solution
treating temperature. This would mean that the structure obtained in
the alloy at room temperature would consist of CuAl, particles embedded
in a matrix of the solid solution of copper in aluminium, of concentration
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predicted from the equilibrium diagram at room temperature. Should
the alloy be cooled rapidly from the solution temperature, however,
as in quenching, the precipitation of the CuAl, would be suppressed,
and there would be retained at room temperature a supersaturated
solid solution of copper in aluminium. It was believed that the sub-
sequent decomposition of such a solid solution led to the changes
observed on ageing.

The authors pointed out that if the solid solution was aged at the tem-
perature of liquid air (— 180°C) no hardening took place. They
attributed this to the fact that although the alloy was not in equilibrium
the rate of formation of CuAl, was then so slow that no precipitation
could take place. At room temperature or above the mobility of the
atoms would become great enough to enable precipitation of CuAl,
to take place and result in the formation of a very fine dispersion of
precipitate which was assumed to be colloidal. It was this fine pre-
cipitate which was proposed as the important factor causing age
hardening. In support of this, experiments were carried out to deter-
mine whether a phase change occurred during ageing.

It was shown by means of thermal analysis that an evolution of heat
took place in the range 250 to 275°C on heating a specimen of duralu-
min that had been quenched but not aged. The heat evolution was
taken to indicate the formation of a stable phase from an unstable
phase. No such evolution was found in a specimen which had previously
been slowly cooled from 520°C. Furthermore a specimen that had been
quenched and then aged at 100 to 150°C to obtain maximum hardness
showed little or no evolution of heat upon subsequent heating. Thus,
whatever change took place in a quenched specimen causing heat
evolution on subsequent heating, it must have taken place during the
time required for ageing in a specimen that had been quenched and
aged, t.e. the time during which the hardening of the alloy had taken
place. These results seemed therefore to indicate that a phase change
did in fact take place during ageing.

In an endeavour to check this more definitely, the microstructural
changes which took place on ageing were also investigated, since if
ageing was due to the decomposition of a supersaturated solid solution,
with resultant precipitation of CuAl,, some change in the micro-
structure could be expected. This might take the form of a visible
precipitate of CuAl,, but there was a possibility that the precipitate
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might be submicroscopic. Should this be so, however, the presence of
a very fine precipitate in the alloy might reasonably be expected to
exert some effect upon its etching characteristics. It was pointed out
that the etching properties of tempered martensite were known to be
different from those of martensite itself, a fact explained by the forma-
tion of a very fine dispersion of Fe;C from the martensite on tempering.
Specimens of duralumin which had been quenched and immediately
etched were compared with specimens that had been quenched and then
aged at 130°C in order to develop maximum hardness, but no difference
in structure was observed between the specimens, either in the general
appearance or the amount of precipitate present. In the alloys used it
was found that on solution treatment all the CuAl, did not dissolve,
and so some was always present in the as quenched structure. Particles
of FeAl; were also present and a constituent which was thought to
contain iron, silicon, and aluminium. The failure to observe a change
in microstructure during ageing meant, therefore, that Merica,
Waltenberg, and Scott had no direct evidence of precipitation. They
pointed out, however, that a difference in the general rate of etching
between the quenched and quenched and aged states might be obscured
by the presence in the specimens of some other fine dispersion of material,
which might perhaps be the constituent which was thought to contain
iron, silicon, and aluminium, called the X constituent. Thus a micro-
scopical examination of duralumin made from pure aluminium, free
from silicon and iron, might have yielded better results. It was also
found that even after annealing an alloy containing 3 per cent copper
for 20 hours at 300°C no precipitate was visible, after a treatment at
500°C which had resulted in the solution of all the CuAl,. From
this it was concluded that the velocity of coalescence of the CuAl, was
low.

The conclusion that the hardening constituent was CuAl, alone
of all the constituents present in the duralumin was reached as
follows. It was known that no phase change took place in pure
aluminium on heating from room temperature up to the melting point.
The heat evolution which had been observed in duralumin around
250°C to 300°C was taken, therefore, to be associated with some pre-
cipitation process. The possible constituents which could precipitate were
FeAl,, the X constituent, CuAl,,Mg,Al,, or Mg,Si. Aluminium con-
taining the same amounts of FeAl; and the X constituent as duralumin
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were known not to give any hardening effects or to show thermal
effects upon heating, thus excluding them as the cause of hardening.
Furthermore, alloys which contained magnesium in amounts up to
three per cent did not harden on ageing. Only CuAl, remained as the
possible cause, although the consideration given to Mg,Si seems to
have been rather brief.

By attributing the ageing effects to the precipitation of CuAl, in a
fine form, many of the known but puzzling facts about ageing could
be explained. The dependence of the extent of hardening upon the
solution temperature was explained by the greater solubility of copper
in aluminium at higher temperatures. More copper was thus taken
into solid solution in the aluminium, and on subsequent ageing a greater
amount of CuAl, would be precipitated, with the development of a
greater hardness. The shape of the time/hardness ageing curves which
at the higher ageing temperatures showed an initial increase in hardness,
followed by a decrease, was attributed to a variation in size of the
CuAl, particles. Initially the precipitate particles would be of an
extremely small size, but at fairly high ageing temperatures growth
and coalescence would take place. It was assumed that there was a
critical size of particle which would produce the maximum hardening
effect and that this size was larger than the size of particles formed on
first precipitation. Consequently, as growth to the critical size took
place, the hardness increased, reaching a maximum when the critical
size was attained and thereafter decreasing as the particles grew still
larger. The critical size was assumed to be submicroscopic, which would
then explain the absence of any microstructural evidence of precipita-
tion during hardening.

The mechanism whereby the fine precipitate caused an increase in
strength was attributed by Merica, Waltenberg, and Scott to surface
tension forces which would extend the influence of a precipitate particle
beyond its actual size, and thus exert a strengthening effect upon the
lattice in those regions where it was present. The smaller the precipitate
particles the greater would be the volume of the matrix lattice affected
by the surface tension forces, so that a greater strengthening of the
alloy would result.

Discussing Merica, Waltenberg, and Scott’s paper, however,
JEFFRIEs advanced another theory to explain the strengthening effect,
a theory later amplified by JEFFriEs and Arcuer.® They pointed out
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that by means of the fine dispersion of CuAl, in duralumin it was
possible to increase the hardness of pure aluminium by approximately
ten times. They reasoned that such an increase in strength must arise
from an increase in the inherent cohesion of the aluminium lattice
since it was inconceivable that the presence of small, hard, disconnected
particles of CuAl, could exert any specific effect by themselves. It
was assumed that the increase was accomplished by strengthening the
weakest regions of the lattice. These were taken to be the slip planes,
which were known to be the regions where deformation of material
took place. Jeffries and Archer postulated a ‘keying action’ upon the
slip planes as the mechanism by which the small particles were supposed
to act. The presence of the particles was assumed to make the slipping
of the planes over one another more difficult, thus increasing the
mechanical strength of the alloy. The larger the number of particles
present, then the greater the hardness and strength developed owing to
increased keying action. It was considered that the key formed by the
little group of aluminium atoms which would surround a copper atom
when the copper was in solid solution would be more easily sheared
through than a discrete particle of crystalline CuAl,. The conclusion
was therefore drawn that the maximum hardness would be obtained
when there was present in the alloy a dispersion in which each particle
was of the smallest size possible, consistent with the fact that it retained
the crystallinity characteristic of the CuAl, compound. With a given
amount of precipitate, larger particles would have less strengthening
effect because there would be fewer keys. This would explain why at
some ageing temperatures the hardness increased initially and then
decreased as the particles coalesced beyond the critical dispersion size.

MERicaA 6 criticized this theory on the grounds that if a given amount
of hard particles dispersed in an alloy was considered, then the same
shearing area would be exposed by the particles on the slip planes of
the matrix, independent of their actual size, and the keying action
should therefore be independent of the size of the dispersed particles.

Jeffries and Archer disagreed with this. They thought that the
keying action should not be taken as proportional to the area of the
slip planes which the particles intersected since the hard particles
were supposed never to be sheared through themselves. Hence the
presence on a slip plane of a hard particle of any size would prevent
slip upon that particular plane. The finer the precipitate became,
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therefore, the greater would be the number of planes of the matrix
that were keyed, so that the strength would increase, despite the fact
that precipitation of the solute element from solid solution would cause
the inherent resistance to slip of the matrix to be diminished. The
keying action set up by precipitate particles would more than compen-
sate for the decrease in inherent resistance involved in the precipitation.

RosensAIN introduced a different view. He interpreted hardness and
strength, i.e. resistance to deformation, as a function of the amount of
distortion existing in the lattice of a metal or alloy and considered that
the hardening of duralumin during ageing was due to an increase in
disorder and distortion in the lattice of the matrix brought about by
precipitation of the CuAl,. This idea was criticized by Jeffries and
Archer. According to Rosenhain, the hardness of a solid solution was
attributable to lattice distortion. It was therefore to be expected that
as the quantity of solute present in a solid solution increased, so would
the hardness, since the distortion present in the lattice would be
increasing. Consequently any process which resulted in a diminution
of the concentration of solute in the solid solution would result in a
decrease in hardness by reducing the lattice distortion, and precipitation
of CuAl, should therefore cause softening, not hardening. In support
of this it was pointed out that when duralumin was over aged it was
markedly softened due to the extensive rejection of atoms from the solid
solution. This being so, there was no reason why the softening should
not take place from the moment that precipitation began, since the
reduction of lattice distortion would be taking place, and it was therefore
necessary to assume that some other factor such as the formation of
particles of a critical size, caused the initial increase in hardness
observed on ageing.

Except for one or two isolated experiments there was little early
work carried out upon the changes of physical properties other than
those of strength, brought about by ageing. In 1922, however, Konno?
in Japan and FRAENKEL and ScHEUER® in Germany followed the varia-
tion of some of the electrical properties of duralumin, and found them
to be dependent on the temperature at which the ageing was carried
out. At room temperature the resistance increased as the strength
increased, but at higher temperatures the resistance sometimes
decreased while the strength was increasing. These facts were very
difficult to explain upon the ‘critical dispersion theory, since it was
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generally considered that the precipitation of a substance from solid
solution would result in a decrease in the electrical resistance. The
discovery that the resistance could increase at the same time as the
hardness seemed to mean, therefore, that the hardening effect could not
be caused by a process that involved simple precipitation.

In consequence the theory of ageing of duralumin was modified by
certain workers® who postulated the presence in the alloy of two solid
solutions of different resistivity and hardness, the slow transformation
of one into the other leading to the characteristic changes during
ageing. It was assumed by Honda that Mg,Si was essential to these
changes, the varying solubility of Mg,Si in what was termed CuAl,
solid solution being the governing factor. The Mg,Si was thought to
be more soluble in the CuAl, solid solution at higher temperatures
and to separate on cooling, zia an intermediate solid solution. Thus,
if the solid solution at high temperatures was known as A4, and the
equilibrium state at room temperature, ¢.e. when Mg,Si particles were
mixed with the CuAl, solid solution, known as C, then it was proposed
that the transformation of 4 to C normally took place through an
intermediate solid solution B, of Mg,Si in the CuAl, solid solution.
B was supposed to be very hard compared with the 4 or C states, and
it was assumed that 4, B, and C had different resistivities. Normally
on slow cooling the changes took place in the order 4 to B to C, so
that the final product was C, and the alloy was fairly soft. On quenching,
however, the transformation of 4 was suppressed and this was therefore
retained at room temperature. It would, however, be unstable and
tend to break down to the final stage C, but in so doing was assumed to
pass through the hard intermediate stage B. This would therefore
lead to the increase in hardness and resistance observed on ageing at
room temperature. The changes were assumed to take place only very
slowly at room temperature, so that the hard B state would remain
for a considerable length of time. At higher temperatures, however,
the final transformation into state ¢ would take place so that after the
initial increase in hardness the alloy would eventually soften and also
change in resistance. The actual way the resistance changed at any
temperature would be governed by the amounts of 4, B, and C present
at various times during the ageing.

That the above theory involved Mg,Si as an important factor was of
some interest, for in their original theory Merica, Waltenberg, and
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Scott had attributed the hardening during ageing entirely to the
precipitation of CuAl, and had assumed that any Mg,Si present in the
alloy had no influence.

In connection with the extent to which Mg,Si and CuAl, indi-
vidually influenced the ageing of duralumin some early work of
GAYLER!? should be mentioned. She concluded that the ageing could
not be said definitely to be due to one or the other of the two con-
stituents. The evidence available indicated however that the pre-
dominant constituent with regard to room temperature ageing was
Mg,Si.

THE PRECIPITATION THEORY

Gayler also studied the changes which took place when an alloy that
had been aged to maximum hardness at room temperature was
subsequently held at a more elevated temperature. From this an
important point arose. It was found that the hardness could in some
cases suffer an initial decrease at the higher temperature, and then
subsequently increase again. This was thought to be associated with
the manner in which CuAl, and Mg,Si tended to come out of solid
solution. It was suggested that the changes which took place during
ageing at room temperature were due to the precipitation of Mg,Si,
while the changes on further heat treatment at a higher temperature
were due to the precipitation of CuAl,. The initial softening produced
on heating at the higher temperature after the preliminary ageing at
room temperature would be due to the coalescence of precipitated
Mg,Si particles, but subsequently the precipitation of CuAl, would be
effective in causing another increase in hardness. The high temperature
necessary for the precipitation of the CuAl, was thought to be due to the
small difference in solubility of copper at high and low temperatures
in the presence of magnesium and Mg,Si.

In the ageing of duralumin the ageing effects were identified with a
change in solid solubility of a constituent with temperature. Aluminium-
zinc alloys represented another type of system which, it was known,
could exhibit ageing effects, and a certain amount of early work!1.12
was done on such alloys (Figure 3). The essential feature here is
the suppression of a eutectoid change by quenching, and hence the
retention at room temperature of the solid solution which is normally
stable at elevated temperatures. This would be the P phase in the
case of the aluminium-zinc alloys. Subsequent ageing of this phase,
resulting in breakdown to « + y, was shown to cause changes in
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properties resembling those taking place during the ageing of aluminium-
copper alloys. It was in connection with the hardening shown by these
alloys that RosENHAIN? extended his previous idea of the strain in the
lattice as the important factor by proposing that the formation of pre-
cipitate particles left the matrix lattice in a practically amorphous
condition, which gave the lattice an increased resistance to deformation.
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Figure 3. The aluminium-zinc equilibrium diagram (After Hansen)

The suggested mechanism of hardening by a fine dispersion of
precipitate attracted a considerable amount of interest, and other
theories to explain hardening were put forward. Colloidal behaviour
was regarded by some as being important, and according to its sup-
porters it could explain all the known facts about ageing. This theory
was based on the fact that the properties of a dispersed system change
periodically with the degree of dispersion, from which it was concluded
that there was a ‘maximum degree of colloidality’ at which a system
exhibited colloidal phenomena to the greatest extent, a certain degree
of dispersion being considered critical. Size of particles alone was the
important factor, and shape, internal structure, or orientation were
not considered to have any effect. This was considered to be a strong
point in favour of the colloidal theory, as the Jeffries and Archer
theory of slip interference had been criticized on the grounds that the
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keying particles would be expected to be inherently hard. It was
pointed out, however, that a finely divided dispersion of a weak con-
stituent was in certain cases capable of producing a considerable degree
of hardening.

There was as yet no direct evidence that precipitate particles did in
fact form during the early stages of ageing, though it was known that
they appeared after long ageing times when softening had set in. The
techniques employed in following ageing may perhaps have been
responsible for this, as little early work seems to have been carried out
in investigating ageing changes microscopically or by x-rays. The
majority of the early workers appear to have been concerned mainly
with the changes in mechanical properties and electrical resistance.

Sachs,* however, found for duralumin that aged crystals were
etched more quickly than annealed crystals. He also took x-ray
photographs of aged duralumin but found no evidence in the photo-
graphs of any internal stresses. He pointed out that such internal
stresses were known to alter the Laue photographs, and deduced that
the absence of any alteration meant that there were no internal stresses.

Further x-ray examination in 1929 by GGLER and Sacus!® showed
that in single crystals of a 5 per cent copper-aluminium alloy ageing
could be detected by means of tensile tests before any disturbance
of the quenched solid solution could be found by x-rays. Itwas therefore
concluded that there was a type of ageing that could proceed without
any detectable change in the solid solution lattice, and more particu-
larly without any detectable precipitation of a constituent from solid
solution. This meant that if precipitation was taking place it was very
limited in amount and finely dispersed.

An extensive investigation into ageing, which revealed much new
information, was carried out in 1929 by GAYLER and Presron,!®
who followed the changes in hardness, density, electrical resistance,
and made x-ray measurements. They concluded that the changes in
density and lattice parameter which took place during ageing at room
and higher temperatures indicated that precipitation from solid solution
was taking place. It was shown that at room temperatures hardness
and electrical resistance both passed through a maximum, although at
different times. With resistance the maximum was reached in from 1 to
3 hours but with hardness in from 2 to 3 days. At higher temperatures
of ageing, such as 200°C, the maxima coincided. The x-ray measure-
ments showed that besides a change in lattice parameter the crystals
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appeared to be in a disturbed state, which was gradually relieved by
further ageing treatment at higher temperatures. This was in contra-
diction to Sachs’ earlier experiments. Gayler and Preston concluded
that the precipitation of solute from solid solution during ageing took
place in two stages, first the rejection of atoms of the dissolved metal
from the lattice, a process which was thought probably to be accom-
panied by the formation of molecules, and secondly the coagulation of
the rejected atoms and molecules to form minute crystallites. The
two stages were considered to overlap somewhat and to have different
effects upon the properties of the material. The first stage was thought
to entail a considerable disturbance of the lattice, producing the
increase of electrical resistance observed during the initial stages, and
causing the broadening of the x-ray lines which occurred at the same
time. The second stage, coagulation, was thought to be a softening
process whereby the lattice strain was gradually relieved so that the
resistance, and eventually the hardness, began to decrease and at
the same time the lines on the x-ray spectrum became less diffuse.

Gayler and Preston also commented upon a problem of ageing which
has still not been fully investigated, namely the intensity of the harden-
ing effect. It was known that the extent of the hardening varied
considerably from system to system and appeared to depend to a certain
extent upon the nature of the precipitating phase. Thus, if the harden-
ing was due to the precipitation of a pure metal, it did not appear to
be as intense as that which occurred when a compound was precipitated.
For example, the copper-iron alloys did not harden as intensely as the
aluminium-copper alloys. This was explained by assuming that the
separation of a pure metal from solid solution did not entail as much
distortion of the lattice as the separation of a compound of the metal,
since in the former case no molecule formation took place. A more
intense hardening would occur when the compound was formed by
the combination of two or more solute elements with the solvent
than when only a single solute element combined with the solvent.
Thus a greater percentage increase in hardness was in fact found when
an alloy which precipitated Mg,Si was aged, compared with an alloy
which precipitated CuAls.

GwyER? in 1929 and GAYLER!8 in 1930 reviewed the state of the
theory of ageing. Both pointed out that the precipitation theory had not
met with universal acceptance, as it seemed unable in its simplest
form to explain some of the changes known to occur. Gayler
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mentioned that the two main objections to the theory at the time of
writing were the lack of any microscopical evidence of precipitate
particles during ageing and the anomalous changes in the electrical
resistance, i.e. the initial increase which took place under certain
conditions. Gayler mentioned that recent work which gave definite
microscopical evidence of the presence of CuAl, during the ageing of a
copper-aluminium alloy had been obtained, but made no reference
to the paper in question. In connection with the resistance changes,
she pointed out that the x-ray spectra became diffuse during ageing
and that if this indicated the strain existing in the lattice the initial
increase in resistance would be explained, assuming that the resistance
was dependent upon the lattice strain. Little differentiation was made,
however, between the strain causing electrical resistance changes and
that causing hardness changes, and it was apparent that since the
hardness and resistance did not always change together there must be
some difference between the two. Gayler mentioned that there was
no direct x-ray evidence of the precipitation of compounds from
solid solution during ageing. This was assumed to be due to the
difficulties of detecting very small percentages of separating phases by
such methods. For copper-beryllium alloys, however, it had been
found possible to detect the lines of the separating phase. These lines
were diffuse, which indicated that the initial size of the particles was
very small. Despite the above anomalies, however, Gayler concluded
that the facts then established gave strong confirmation of the idea
that hardening during ageing was due to the precipitation of highly
dispersed particles.

LATTICE DISTORTION THEORIES

It would appear that the effect of these particles was attributed largely
to the strain which their formation generated in the lattice. The
increase in hardness due to ageing was thus linked with the increase
in hardness due to cold working, which was also thought due to lattice
distortion. Certain workers, however, still favoured the keying
mechanism proposed by Jeffries and Archer.

A prominent advocate of the lattice strain idea was ROSENHAIN1?
who explained by this theory the phenomena observed when material
was aged first at low temperatures and then at higher temperatures.
(These have since been termed retrogressive phenomena.) It was known
that under such circumstances an initial hardening took place at
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room temperature and then, on raising the ageing temperature, a
softening occurred which was later followed by a fresh hardening. In
Rosenhain’s opinion this could be explained by referring to the two
stages which Gayler and Preston postulated, namely initial precipita-
tion of the solute in atomic or molecular form, followed by coagulation.
If it is assumed that the first stage brought about the extra distortion
of the lattice which caused hardening, while the second stage eventually
caused a softening by relieving the distortion, then a net hardening
of the alloy would necessarily be due to a predominance of the first
stage, and a net softening to a predominance of the second. Rosenhain
also assumed that the strain which was set up in the lattice by the
first stage inhibited the process of diffusion, which had to take place
in order that either of the above stages could occur. Thus the initial
strain set up by precipitation would inhibit diffusion, making pre-
cipitation more and more difficult until it stopped altogether. The
second coagulation stage would also cease, since this also would depend
on diffusion. Thus a stable state could be reached while the matrix
was still supersaturated with respect to the solute atoms. If, however,
the ageing temperature was raised, further diffusion would become
possible. The initial precipitation would be resumed until a new
stable state was reached at the new ageing temperature, due to
diffusion being once more inhibited. This would thus lead to a
new hardening. The fact that the new hardening was in general
preceded by an initial decrease was explained by assuming that the
first effect upon raising the temperature was to accelerate the coagula-
tion process so that a net softening would occur, and hardening would
not begin until the first initial precipitation process became appreciable.
This explanation of the retrogression effects did not, therefore, make
the assumption that two different ageing mechanisms were in operation
at the two temperatures involved. Advocates of this latter viewpoint
thought that in the case of aluminium-copper alloys the precipitation
of CuAl, was responsible for ageing effects at one temperature and the
precipitation of Mg,Si at other temperatures. Rosenhain did not
reject this idea altogether and thought that it might well be the true
mechanism of retrogression effects in the case of duralumin, but it
could not explain the effects observed in the case of aluminium contain-
ing only the one hardening component, copper.

The importance of lattice distortion in hardening was also stressed by
Kokusa and Honpa,?°whodiscarded theidea of precipitation altogether,

177



PROGRESS IN METAL PHYSICS

since it could not explain all the known facts, and advanced a theory
which attributed the changes on ageing to lattice distortion in the
supersaturated solid solution. TAmMANN2! also thought that ageing
was due to internal changes distinct from precipitation and that a satis-
factory explanation could be based upon the idea that the surplus
dissolved atoms in the solid solution accumulated upon distinct planes
and lines of the lattice, thus increasing the material’s resistance to glide.
Other properties, it was reasoned, would also alter, owing to the
change in the distribution of the atoms in the lattice. Thus the process
of precipitation and formation of crystallites would be associated with
a decrease in the resistance of the material to gliding.

The number of papers dealing with ageing phenomena increased
rapidly and dealt with a great variety of topics. .New systems which
exhibited ageing effects were discovered, and the effects of added
clements, mechanical deformation before and after ageing, and
different heat treatments, upon the properties of the already known
age hardening alloys received a considerable amount of attention.

THE KNOT THEORY

The subject was thus already becoming rather complex, and none of the
theories put forward to explain the various changes were really
satisfactory. However, MERr1cA22 in 1932 made an extensive review of
the whole field and considered the theoretical aspects of the subject
in the light of more recent information, which necessitated modifi-
cation of the original precipitation theory. The chief anomaly which
he cited as being inexplicable in the idea of simple precipitation was
that ageing could take place in copper-aluminium alloys at tem-
peratures below 150°C without the appearance of a visible precipitate
of CuAl,, or even a submicroscopic precipitate that could be identified
by some other experimental method. It was known that ageing could
be complete before visible precipitation occurred, and Merica therefore
postulated that ageing could occur either by the precipitation of very
fine particles or alternatively by structural alterations in the solid
solution other than those of actual precipitation, the former taking
place at elevated temperatures and the latter at lower temperatures.
This seems strange, as it would appear that there was no reason why
the same process should not have been considered operative at the
higher temperatures as at the lower temperatures. The fact that at the
high temperatures particles of precipitate were visible would be merely
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a secondary factor, and the actual changes responsible for the ageing
phenomena would be the same as at low temperatures, i.e. the changes
taking place in the lattice prior to actual precipitation.

In the idea which Merica developed to explain low temperature
ageing, however, he assumed from the work of HENGSTENBERG and
WasserMANN?® that diffusion took place during this process. The
basis for this assumption was that the above workers had found during
ageing a change in the intensity of the x-ray line spectra which resulted
in an increased line intensity and a decrease in the intensity of diffuse
radiation. On the assumption that diffusion did occur, Merica
postulated for aluminium-copper alloys that copper atoms concentrated
at those positions in the solid solution lattice which they would occupy
just prior to atomic rearrangement and precipitation as crystalline
particles of CuAl,. Other positions might have been possible such as
the formation of an interpenetrating lattice,?! or diffusion of the atoms
towards positions which they would occupy on the lattice of some
unstable molecule or compound, but Merica favoured the simplest
hypothesis. The localized concentrations of copper atoms which
would arise in the lattice at certain points he called knots, and thus
the so-called knot theory of ageing arose. The knot theory was used
to explain ageing changes which took place when no experimental
evidence of actual precipitation was available, such as with duralumin
aged at around room temperatures. The knots were not regarded as
separate particles but were assumed to be continuous with the solid
solution, so that there was no interface between the knot and the
solid solution. The size and shape of the knots were also held to be
variable, but each one had to contain at least two atoms of copper.
The presence of such locally high concentrations of copper would cause
solvent lattice distortion in their neighbourhood, and make slip more
difficult by the same mechanism as was thought to cause hardening
by a dispersion of precipitate particles, ¢.e. by the Jeffries and Archer
slip interference theory. Merica pointed out that certain difficulties
arose even in connection with the knot theory which were not
substantiated by all the experimental data available. One difficulty was
in connection with the results of x-ray investigations. If copper atoms
did indeed segregate to preferential places in the lattice, then since
copper was known to decrease progressively the lattice parameter of
aluminium as it went into solid solution, the knot regions, being richer
in copper, should exhibit a decreased spacing. x-Ray photographs
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gave no evidence to indicate the presence in the solid solution of regions
of different lattice parameter. The x-ray lines obtained were unaltered
in position and quite as sharp as those existing in fully aged aluminium-
copper alloy. The only change found was when CuAl, was actually
precipitating during ageing at 200°C, when a diffuseness appeared in
the x-ray line spectra. The x-ray evidence was thus not in complete
support of the theory, but Merica pointed out that x-rays were known
to be relatively insensitive for detecting local lattice distortion and so
the evidence did not prove definitely that knot regions did not exist.

A further difficulty was that the diffusion of copper atoms to localized
regions in the lattice to form knots would be essentially a process of
uphill diffusion, that is, diffusion taking place against the concentration
gradient rather than with it, as would normally be expected. No
explanation of this was offered. Nowadays there would be no serious
objection to this, since diffusion is now known to be controlled not by a
concentration gradient but an activity gradient.

Merica also mentioned a so-called incubation period, i.e. the time
which elapsed from the moment ageing began until the hardness
showed any change. Although the hardness did not change during this
time, changes in other properties such as the electrical resistance and
the density took place, and it was therefore assumed that these latter
changes were brought about by the diffusion of atoms to the places in
the lattice where knots were about to form, but that until the knots had
actually formed no changes in the hardness would be observed.

Of all the points in connection with ageing theory that remained
unsolved, however, in Merica’s opinion the most awkward related to
the retrogression effects. He thought that these might be explained by
assuming that the type of knot which formed prior to the formation
of an actual precipitate particle at high temperatures was different
from that at low temperatures. This would therefore mean that upon
suddenly changing the temperature of ageing from room temperature
to a higher temperature a period of time would have to elapse before
the type of knot which applied to high temperature ageing replaced
the type which was already present in the alloy and which was
characteristic of the lower temperature. During this time a softening
of the material could take place. Merica was thus inclining towards
the view that high and low. temperature ageing involved essentially
different states in the solid solution.
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The action of cold working, which had been found to speed up age-
ing, was explained simply by assuming that such working led to
increasing instability in the lattice, which led to an increased rate of
diffusion, so accelerating the whole process.

Merica also mentioned the effects associated with the presence in
an aluminium-copper alloy of additional elements such as iron and
magnesium, which could retard and accelerate the rate of ageing
respectively. These effects could be brought about by the presence of
only a relatively small amount of the element in question. Little
explanation had been offered for such effects, although it was thought
that the distortions which would be introduced into the solid solution
lattice by the presence of a third element might be an important factor.
Merica himself considered that such foreign elements might affect
the initial knot formation by supplying more centres for the formation
of knots, or alternatively might cause local distortions which would
render knot formation more difficult.

From the above it can be seen that Merica largely rejected the idea
of hardening by a large number of fine discrete particles and attached
considerable importance to the changes prior to precipitation which
have so often found their way into later theories.

Support for the knot theory was given by JEnkINs and BucknNALL,24
who found that there was a logarithmic relationship between the time to
reach the maximum on the hardness/time curve at constant tempera-
ture and the temperature itself. Thus, plotting the logarithm of the
time to reach maximum hardness in an ageing alloy against the
reciprocal of the absolute ageing temperature gave a straight line. A
similar relationship was also found for the logarithm of the time
required to reach maximum electrical resistance when plotted against
the reciprocal of absolute temperature. The relationship could be

expressed:
t=_Ce™T

where ¢ is the time of ageing in hours (to maximum hardness or resis-
tance), T is the absolute temperature, and m and C are constants. This
relationship was found to hold for a range of ageing systems (Figure 4).

It was pointed out that formation of knots in the ageing alloy would
be in essence a diffusion process, as postulated by Merica. The effect
of temperature upon the rate of intermetallic diffusion was known to
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be logarithmic in nature, the rate increasing markedly with tempera-
ture. If the knot theory were correct, the rate of formation of knots
would control the whole of the ageing process, so that it would not be
surprising to find a logarithmic relationship between the time taken to
reach a definite stage in the ageing process, in this particular case
the point of maximum hardness, and

aQ 85°C
J the reciprocal of the absolute tem-
perature. The observed relationship
120 °C © thus supported the theory.
2 N\ 10 PorTEVIN and CHEVENARD?® also

found a logarithmic relationship to

é apply to the expansion of an alloy of
g, \Q 175 °C aluminium from which Mg,Si was
. precipitating, and though the form of
S 200 °C the relationship was not exactly the

220°C same as that found by Jenkins and

° Bucknall, it could be reconciled.
Portevin and Chevenard considered
that ageing took place in two stages,

B ey the first of which they regarded as a

1000 x Reciprocal of Absolute Temperature disturbance of the homogeneityOfthe
Figure 4. Attainment of maximum  SOlid solution, due to the migration of
tensile strength during ageing of the  atomstothe point where precipitation
aluminium alloy ‘Lautal’ (Bohner)
would eventually take place, and the
second stage being one of true precipitation.

Jenkins and BucknALL2?® also discussed the actual mechanism of
ageing. Their ideas were in essence very similar to the knot theory,
involving the formation of localized segregate zones prior to actual
precipitation. Even in those cases where hardening took place with
the concurrent formation of precipitate particles it could well be that
the observed hardness phenomena arose solely from changes prior to
precipitation, i.e. the formation of the localized segregates rather than
the actual formation of the precipitate. This could come about since
even when some precipitate particles were visible there would probably
be others present having sizes down to the smallest possible, and also
localized regions where precipitation had yet to take place; these latter
would lead to the hardness changes.
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TWO STAGE MECHANISMS

GavLEr?? commented upon the significance of the logarithmic
relationship and stated that it seemed that the point of maximum hard-
ness obtained on ageing at constant temperature had not a very funda-
mental meaning. If the theory which she and Preston had put forward
were accepted, then in an ageing alloy there would be two stages,
namely the rejection of atoms from solid solution with possible forma-
tion of molecules, and the coagulation of these to form definite crystal-
line particles which would grow to larger sizes. It was assumed that the
lattice strain caused by the first stage would eventually be removed
by the second, and the point of maximum hardness would therefore be
the point at which the coagulation had begun to overtake the initial
rejection, and would have little physical meaning. If, however, one
considered electrical resistance rather than hardness, there was more
significance to be attached to the maximum found on ageing at certain
temperatures since it was assumed that the resistance changes were
connected almost entirely with the initial stage of the ageing. Resistance
measurements should therefore be more fundamental and preferable
to hardness measurements which were, however, much simpler to
make and therefore more frequently used.

Jenkins and Bucknall considered that the maximum hardness
attained during ageing decreased as the ageing temperature increased.
This was contrary to other viewpoints, in which it was considered that
the maximum hardness was attained at some intermediate ageing tem-
perature since the hardness/time curve at low temperatures was found
to increase and reach an approximately constant value, less than the
maximum value which could be obtained at some higher temperature,
where, however, after long times the hardness decreased. Jenkins and
Bucknall suggested that the reasons for these observations could be
that the time required to reach maximum hardness at room tempera-
ture would be very long since, as they had shown, a logarithmic rela-
tionship connected hardness and temperature. Hence it would appear
that if the experiments at low ageing temperatures had been conducted
for much longer times then maximum values would in fact have been
reached, which would have been higher than those reached at more
elevated temperatures.

A point of considerable interest noticed during ageing was that the
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various mechanical properties of a material were by no means all
affected in a parallel manner. Thus although in certain cases the hard-
ness of an alloy showed marked changes, it did not always follow that
the other mechanical properties, such as tensile strength, showed
similar changes. This was a point which had been discussed earlier
by Rosenhain,?® who had quoted several examples. Pure copper, for
instance, containing 0-7 per cent iron, could have its hardness raised
from 35-8 to 52:5 V.D.H. by quenching and ageing. In spite of this com-
paratively large increase in hardness, however, the tensile strength was
only raised from 13 to 15 tons/sq in. With copper containing phos-
phorus a similar effect was observed; with 0-95 per cent phosphorus,
quenching and ageing produced a change from 43 to 52 V.D.H. in the
hardness, while the tensile strength showed no appreciable alteration.
In copper-beryllium alloys, on the other hand, the hardness and the
tensile strength both changed markedly along similar lines during
ageing treatment.

Rosenhain had discussed the phenomenon at length and concluded
that the reason for the observed variations was that the ageing treat-
ment had a different effect upon the strength of the grain boundaries
and the strength of the interior of the crystals. This, coupled with the
fact that the type of deformation imposed in the tensile test was not
the same as in the hardness test, had led to an explanation. In the light
of present knowledge it seems that a very exact correlation between
the results of tensile and other mechanical tests could not be expected,
as in nearly all cases the types of deformation imposed in the tests
are very different, and the behaviour of the alloy under test at
different stages of ageing would be expected to show corresponding
differences.

In 1935 Fink and Swmrru?® demonstrated an important fact in
connection with lattice parameter measurements during the ageing
of an aluminium-magnesium alloy containing 10 per cent of mag-
nesium. This had been solution treated at 425°C, quenched, and then
aged at 100°C and 300°C for different times. On subsequent micro-
scopical examination it was found that with an ageing temperature of
100°C precipitate was visible under the microscope at a magnification
of 500 after four hours ageing but x-ray examination revealed no
change in lattice parameter, nor was it possible to detect any change
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even in specimens aged for as long as thirty days. At 300°C precipitate
was visible after ageing for one hour, but a change in the lattice para-
meter did not occur until after approximately five hours (Plate VII).
These results clearly indicated that lack of alteration in the lattice
parameter of ageing alloys could not be regarded as definite evidence
that precipitation was not occurring, as had been formerly assumed.

THE 6 PHASE

A very important discovery in connection with the ageing of aluminium-
copper alloys was made by WasserMAN and WEERTs?® in 1935,
They found that the phase which first precipitated from solid solution
on ageing such alloys was not the equilibrium phase of CuAl, but a
similar one which, however, differed in the size of the unit cell. They
did not determine the full crystal structure of the phase but found that
the amounts of the equilibrium and non-equilibrium phases of CuAl,
present in aged alloys varied with the ageing time, the non-equilibrium
phase being gradually transformed into the equilibrium one as ageing
was prolonged. At high temperatures transformation to the equilibrium
phase was rapid and practically complete, whereas at lower tempera-
tures the non-equilibrium phase was very persistent. This was a
discovery of some importance as the different stability of the phases
at low and high temperatures could possibly be adduced to explain the
different behaviour found on ageing aluminium-copper alloys at low
and high temperatures.

This was in fact done by Fink and Smrta®! in the following year.
They pointed out that the simple precipitation theory of ageing, i.e.
the theory which attributed all the ageing phenomena to the formation
of small particles of precipitate alone, required modification to take
into account certain anomalous facts. However, anomalies such as
the manner in which the lattice parameter, density, and electrical
resistance changed only arose if it were assumed that the precipitation
of very fine particles throughout an alloy led to the same effect upon
ts properties as the formation of much larger particles taking place
inder equilibrium conditions. It had already been shown that the
attice parameter could not be taken as a criterion of precipitation,?®
and now Fink and Smith dealt with the case of aluminium-copper
alloys in which the presence of precipitate particles and a change in
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the lattice parameter had only been found formerly when the ageing
of the alloy was in such an advanced state that softening had set in.

Together with other methods, microscopical examination was used;
and a special technique was developed consisting of very careful
polishing followed by consecutive etching treatments in two different
solutions, which had to be carried out very carefully as slight variations
in the polishing or in the time of etching led to different appearances
of the specimens under the microscope. The technique when carried
out correctly, however, enabled evidence of precipitation to be detected
in the very early stages of ageing. This evidence was not the revelation
of precipitate particles but of certain regions of the crystal grains
along which it was assumed that precipitation had occurred in a very
fine form. These regions took the form of faint lines crossing the crystal

grains, and appeared to be the traces of crystallographic planes, which
were thought to be the (111) set (Plates VIII to XI). Evidences of
precipitation could be observed in the alloy after only very short ageing
times, but lattice parameter measurements showed no change until
much later. Furthermore, when the lattice parameter did begin to
change it did not do so uniformly throughout the whole of the
material, as only a small percentage underwent a change while the bulk
retained the original parameter value. The amount which underwent a
change in parameter increased as the time of ageing was increased, but
some of the material of the original parameter still remained even after
relatively long periods of time. x-Ray analysis was used in order to
check the nature of the precipitating phase, and CuAl, and the non-
equilibrium phase were found to be present in amounts depending
upon time and temperature of ageing. (CuAl, was called 6 by Fink and
Smith, and the non-equilibrium phase 6’. Later workers have used
a CuAl, and B CuAl, to denote the non-equilibrium and equilibrium
phases respectively.)

The fact that the amounts of the two phases varied with time led
Fink and Smith to put forward an explanation for the changes in density
which occurred on ageing. It was known that the observed changes
in density were not in agreement with those to be expected if CuAl,
were merely being precipitated. The density of a solid solution of
5 per cent copper in aluminium being 2-803, and that of CuAl, 435,
the aged alloy should have had a density of 2:796, but the actual
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density observed after ageing at 220°C was less. On the other hand,
if the density of 6’ was taken as 3-99, and if this was formed upon
ageing rather than CuAl,, then the density of the alloy would become
2-787, which would be much closer to the actual experimental figures
though slightly low. An exact agreement could, however, be obtained
by assuming that the alloy contained a mixture of the two phases
or that the precipitation of 6 was not complete. The fact that the
density changes observed were dependent upon the temperature at
which the ageing was carried out would be explained by the more ready
transformation of the alloy to the equilibrium phase at the higher
temperatures, so that the actual change in density at the higher tem-
peratures would be less than the change at low temperatures, a
deduction in agreement with the observed facts. It would also be
expected that a minimum density would be reached during ageing,
since this would represent the point at which the transformation of
6" to CuAl, was taking place
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seemed highly pI:Obab.le that Figure 5. Time for visible precipitation and change in
the actual preapitatlon of lattice parameter, yield strength, and elongation on

ageing an aluminium-copper (517 per cent Cu) alloy

particles could account for at 160°C (Fink ond Sith)

the changes in these pro-

perties, and that there was therefore no need to complicate the
theory of ageing by postulating that pre-precipitation changes such as
the' formation of knots were responsible for ageing phenomena.

The behaviour of the electrical resistance of the alloy, which was one
of the outstanding anomalies, was attributed to the fineness of the
particles formed at lower ageing temperatures, for according to Fink
and Smith the behaviour of the fine particles in their effect upon the
properties of the alloy might not be the same as that of larger particles.
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Thus at low temperatures, where the particles were very fine to begin
with, the resistance might increase initially, whereas at higher tem-
peratures, where coarser particles would form, it might decrease from
the start. This would then be in agreement with the observed facts.

Fink and Smith drew attention to the fact that in the aluminium-
copper system ageing appeared to reach completion in certain parts
of the crystal grains before it had begun in other portions. This
followed from their observations concerning the way in which the lattice
parameter of the alloy changed. NorToN pointed out that there
appeared to be two distinct types of ageing systems, namely those which
behaved as outlined above and those in which the precipitation appeared
to take place throughout the entire crystal structure at the same time
and rate. Prior to Fink and Smith’s work it had been thought that the
aluminium-copper alloys belonged to the class showing uniform
precipitation, but it seemed that either the earlier view was incorrect
or that the same system could under certain conditions exhibit two
different behaviours.

LOCALIZED PRECIPITATION AND LATTICE DISTORTION

The localization of precipitate upon certain crystallographic planes in
the material could have two explanations. Either the alloy had an
inherent tendency for such localization, or alternatively, for some
reason connected with the treatment of the alloy, certain places became
more suitable for precipitation. Fink and Smith mentioned that the
planes upon which preferential precipitation appeared to take place
were the (111) planes, and RHINEs pointed out that these were the
planes upon which it was known that slip took place when an
aluminium-copper alloy was deformed. Thus it was possible that the
treatment of the alloy prior to ageing so as to cause plastic deformation
to take place caused certain regions of the crystals, that is the slip
planes, to suffer plastic deformation. Since it was known that the rate
of ageing of alloys was in general increased by plastic deformation,
Fink and Smith’s microscopical observations could be due to the fact
that deformation had occurred on the slip planes with consequent
acceleration of the ageing at such places. Though the work of Fink and
Smith was important from several points of view, it did not settle which
changes in an ageing alloy were responsible for the observed effects.
The fact that it had been shown that precipitation could take place
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without change in the lattice parameter did not affect the knot theory,
for it was assumed by most supporters of the theory that the formation
of the knots would lead to no detectable change in the parameter
values of the alloy. Fink and Smith argued however, that since the
presence of precipitate particles could be shown in an ageing alloy
before any appreciable change could be observed in the properties,
then any pre-precipitation processes such as the formation of knots
could not exert any very large effect upon the properties of the material,
and should therefore be ignored in explaining ageing changes.

Since precipitation appeared to be highly localized in the alloy, it
would seem that there was insufficient evidence to indicate that it
would alone suffice to explain the changes in properties of the alloy
as a whole, and it would have seemed more reasonable to suppose that
though the localized precipitate could cause the changes, it was possible
that pre-precipitation changes taking place in the large bulk of the
material were actually responsible. Thus knots could have been
forming inside the crystal grains at those points which had not suffered
any deformation, and such knots could have been responsible for
the ageing changes. At the points where distortion had taken place
in the crystals knot formation would take place much more rapidly
and pass into the stage of the formation of minute precipitate par-
ticles. No effect of the initial formation of these knots would have
been felt upon the properties of the material, however, due to their
localized nature. It is reasonable to assume that local stresses were in
fact set up on the (111) planes in Fink and Smith’s work, since the act
of quenching the material from the heat treating temperature into
cold water would be sufficient to have caused plastic deformation.
Later this was shown to be so.

The following year GAYLER3? put forward a new theory which
involved pre-precipitation ideas. In an earlier paper Gayler and
Preston had concluded that ageing was essentially a two-stage process,
both parts of which involved the formation of precipitate particles,
although the size of the particles varied in each. Gayler’s later theory
retained some of the previous ideas but differed in several important
respects. Ageing was again considered a two-stage process, but in the
first stage the diffusion of solute atoms was supposed to take place in
such a way that they concentrated upon certain crystallographic
planes in the solid solution, the planes on and about which precipitation
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would eventually take place. This resulted in a distortion of the lattice,
which in turn resulted in an increase in the hardness and the electrical
resistance, but no change in lattice parameter was supposed to occur.
In the second stage, which occurred either immediately after the first
or occasionally almost concurrently with it, molecules were formed by
the interaction of the diffused solute atoms with either solvent atoms or
sometimes, and depending upon the actual precipitating phase, with
other solute atoms. This formation of molecules would proceed and at
the same time there would be an agglomeration of the molecules to
form small particles of precipitate. The agglomeration would result
in a decrease in the strain in the lattice, and consequently also a decrease
in the electrical resistance and in the rate of hardening. The growth
of the small precipitate particles however, would generate localized
stresses which would cause diffuseness in the x-ray spectra. Up to this
point in the ageing it was considered that the particles were still on
the lattice of the solid solution, but eventually, as they grew in size,
they would come to the point at which the lattice was no longer able
to withstand the stresses set up and consequently the particles would
break away from the lattice and precipitation proper would have
begun. The point of actual precipitation would be accompanied by
the release of the stresses which had been set up as the particles grew.

In the new theory, Gayler thus explained ageing as being due both
to the actual precipitation of fine particles of almost molecular
dimensions, as had been postulated in the earlier theory, and also to
the changes in the lattice which took place prior to precipitation proper.
The two stages were assumed to take place more or less together, and
their relative amounts were considered to be governed by the ageing
temperature and time.

TEMPERATURE CONSIDERATIONS

It was considered that for all ageing systems there existed a range of
temperature over which the changes characteristic of ageing could be
made to take place. This temperature range was thought to be governed
by the character of the solid solution at the lower temperatures, and by
the solid solubility line at the higher temperatures. This would mean
that for some alloys, such as the aluminium-copper, ageing effects
could be produced at around room temperature, whereas for others,
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such as copper-beryllium, they could only be produced at higher
temperatures. The two stages of ageing would take place in varying
amounts at different temperatures within the range, and depending
upon their relative predominance at any temperature the behaviour
of the alloy would differ (Figure 6). At low temperatures the ageing
would proceed very slowly, so that the second stage would not occur
for a very long time, if at all. The behaviour of the alloy at such
temperatures would thus be governed almost entirely by the first stage. At
higher temperatures, how-

ever, thefirststage would take
place rapidly, and the overall
behaviour would be con-

Horadness

trolled by the changes charac-
teristic of the second stage. It

[——-vY

wasfurtherassumed thatboth
stages would give rise to
changes in the properties of
the alloy, and that those
characteristic of the second
stage would gradually re-
place those characteristic of
the first as ageing proceeded.

Time

Figure 6. Curuves representing time[hardness changes
at different ageing temperatures. A Upper temperature
limit of ageing. Both stages of ageing take place
excessively quickly. B Second stage of ageing, perhaps
slight indication of first stage. C and D First and
second stage of ageing both apparent. E First stage of
ageing and perhaps entry of second stage at an
excessively slow rate. F Lower temperature limit of
ageing. Both stages of ageing may take place ex-
cessively slowly (Gayler)

Thus the properties of an

alloy, as a function of ageing time at constant ageing temperature,
could be represented by the sum of two curves, one of which would
represent property variations due to the first stage, and the other
variations due to the second stage. A series of schematic curves could
then be drawn to indicate the overall property changes which could
be expected in an ageing alloy at various temperatures within its
ageing range. At high temperatures both stages would be rapid, so
that for instance after an initial rapid increase in hardness there would
quickly be a coagulation of the precipitate, resulting in a rapid soften-
ing. At very low temperatures only the first stage would be effective,
taking place only slowly, so that there would be a gradual change of
the properties with time. At intermediate temperatures the property
changes due to the first and second stages would succeed each
other. The point at which the second stage began to become
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appreciable would occur sooner the higher the temperature, but if it
did not take place until after the changes due to the first stage had
passed their most effective point, there could be a fall in the property/

time curve before it rose again due
to the onset of the changes due tothe
second stage. Thus there would be a
maximum valuefora propertysuch as
hardness, both for the first stage and
the second stage, the actual values
being dependent upon the tempera-
ture (Figure 7). The curves obtained,
showing the variation of properties
as a function of time at various tem-
peratures, would differ in shape due
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as others could show two maxima,
joined by a rather flat portion.

This theoretical consideration of
the possible types of curve resulting
from different ageing treatments was
found to be in agreement with experi-
ment. For duralumin, experimental
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Figure 8. Aluminium-copper alloy
heat treated at temperature indicated

afler quenching from 550°C (Gayler)
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~1 curves showed evidence of the two
-1 processes, each one of which gave a

maximumin the property/time curves
(Figure 8). The first stage of ageing
caused an increase in hardness, which

50 60 reached maximum value at tempera-

tures slightly above room tempera-
ture. It was not known whether the
second stage of ageing occurred at
room temperature or not, but it was

thought that this could be checked by using a method of measurement
known to be very sensitive to internal changes taking place in a metallic
lattice. Electrical resistance measurements were thought to besatisfactory.
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Plate VII. Precipitale in a cast aluminiun

magnesium alloy (10 per cent Mg) heated

eighteen hours at 425°C, quenched in waler and

aged four hours at 300°C. Etched five seconds

in 0’5 per cent HF solution (> 500) (Fink
and Smith)



Plate VIII. Aged 3 months at room Plate IX. Aged } hour at 160°C
temperature (X 100) - ( x 100)

Plate X. Aged 2} hours at 200 Plate X1. Aged 256 hours at 160 C
(x 500) (% 500)

Plates VIII to XI. All aluminium-copper alloy (517 per cent Cu) heated 20 hours at 540°C,
quenched in water and aged. Etched in 25 per cent HNO, at 70°C, washed, and then etched
in a solution containing NaF, HNO,, HCl and H,OQ (Fink and Smith)
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The resistance of an alloy containing 4 per cent copper, 0-5 per cent mag-
nesium, 0-3 per cent silicon, and 0-11 per cent iron showed on ageing at
room temperatures an initial increase and then remained constant. Whilst
other results showed that with an alloy containing 4 per cent copper
and 0-5 per cent magnesium

the resistance remained ap- =0 — —

100 -
proximately constant over a 8o e e R

period of from three to %0 190" -
eightdaysand then gradually o

. 4
decreased. This seemed to 20 =%
indicate that the second stage g/oo — L~ — S—
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of the ageing was eventually § 6o T
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and other results thereforein- 70 1
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. . e e s
in the region of room tem- P t

. o /10 20 30 40 50 60
perature most of the ageing Time  Hours

changes were probably due Figure 9. Aluminium-copper alloy age hardened at
to the first rather than the 700m temperature and then heat treated at various

temperatures (Gayler)
second stage.

In connection with retrogression effects (Figure 9) Gayler quoted
some of the results which had been obtained by Masing and Kocg,33
who had shown that the initial decrease in hardness which took place
on the second ageing was always associated with a pronounced decrease
in electrical resistance. Masing and Koch had sought to explain these
effects using the theory of VoLMER and WEBER,34¢ which had been put
forward in connection with crystallization and nucleation. The theory
indicated that for a given temperature there was a minimum size
for stable crystal nuclei, and that this minimum size decreased with
temperature. Initially, on ageing at room temperature, small nuclei
would form and result in a change in properties. If the ageing tempera-
ture was then raised, the smallest particles would be unstable and
dissolve, a process which would result in a decrease in hardness. On
continued ageing at the higher temperatures, however, more nuclei of
the size stable at the new temperature would form, and these would
cause the hardness to increase again before it eventually decreased due
to extensive coagulation.
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Gayler, however, offered an alternative explanation based upon
the extent to which the stages of ageing proceeded at low and high
temperatures. It was postulated that raising the temperature after
ageing at low temperatures would first increase the rate at which the
second stage proceeded. This initial rapid increase would cause a
decrease in hardness and at the same time a decrease in the resistance.
As the second stage became more pronounced the stresses in the lattice
would be increased again, which would lead to the observed subsequent
increase in hardness.

WAVE MECHANICAL INTERPRETATION

Mot introduced modern wave mechanical ideas in discussing
Gayler’s theory and pointed out that, according to wave mechanics,
the resistance of a solid solution was regarded as being due to the wave
associated with the electrons being scattered and diffracted by the solid
solution lattice, and therefore unable to penetrate the lattice at all
easily.

If one considered the distribution of copper atoms in a solid solution
of copper in aluminium, the maximum resistance would occur when
the atoms were arranged in such a manner that they exerted the
maximum possible scattering effect upon the electron wave. This
would occur when the size of the points scattering the waves were of
the order of a wavelength. Assuming a wavelength of about four to
five interatomic distances, maximum resistance would occur when any
copper groupings occurred of approximately such a size. Maximum
resistance would therefore occur only after there had been some
segregation of the atoms, and the maximum resistance would not be
expected in a uniform solid solution as previously assumed. According
to Mott, it was possible that the segregates in the aluminium-copper
alloy responsible for the scattering of the electron waves were the
same segregates postulated by Gayler in the first stage of her ageing
mechanism, though this could not be taken as proved, since strains
present in the lattice could possibly exert a considerable effect.

Several objections3® were put forward to the idea of the segregation
of solute atoms to specified planes, on the grounds that such a process
would be akin to the formation of a superlattice which, it was well
known, resulted in a decrease and not an increase in the electrical
resistance. The parallel did not, however, seem to be very exact, and
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in view of Mott’s conclusions it was not a very serious criticism of the
theory.

FURTHER THEORETICAL DEVELOPMENTS

It should be noted that Gayler did not attribute the effect of the initial
stages of ageing upon the mechanical properties to the same mechanism
as Merica in his knot theory, that is, to the slip blocking action of the
localized segregate regions in the lattice. Gayler thought the
hardening was due entirely to the state of strain set up in the lattice by
the growing segregate regions. A type of strain hardening would
result which would give an increased resistance to slip.

During the discussion of Gayler’s paper, others suggested mecha-
nisms of age hardening some of which are now of considerable interest
in view of Rohner’s recent theory of ageing. It was suggested3? that
in the initial stages of ageing of aluminium-copper alloys the aluminium
lattice would be in a highly disorganized condition and perhaps
contain imperfections of a localized nature. There was a possibility
that such imperfections were the cause of the high yield point, and
possibly electrical resistance, obtained by ageing since Taylor had
shown that a lattice possessing a large enough number of imperfections
(dislocations) was stronger than one which contained a lesser number.
This could therefore correspond to the first stage of ageing and the
second stage would be due to the formation of actual precipitate
particles perhaps of a critical size.

Another idea®® related to the relative sizes of the aluminium and
copper atoms and the fact that dislocations were known to be regions
in the lattice where the spacing was abnormal due to solvent atoms
being more tightly packed together than in a perfect lattice. It
was suggested that the copper atoms, being smaller than the aluminium
atoms, might diffuse so that they went into those regions of the lattice
which exhibited this smaller spacing. This would produce a better fit
in the lattice, which might therefore result in an increase in strength.
These theories were thus tending to the idea that the making or
repairing of defects in the matrix lattice produced by the movement of
copper atoms prior to the formation of precipitate particles was the
cause of the increased strength during ageing.

CoHEN,3? investigating the ageing of silver-copper alloys, arrived at
conclusions similar to Gayler’s. Before Cohen’s work the silver-copper
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alloys were thought to be clear cases of alloys which hardened by
the formation of distinct precipitate particles. Cohen, however, deduced
that there was another possible mechanism of ageing, which he identified
with knot formation. It appeared that the mechanism changed at
different temperatures, a fact which was explained by assuming that
the rates at which knot formation and actual precipitation took place
were different at different temperatures. He suggested, therefore, that
all the other systems which were thought to be definite cases of harden-
ing by means of precipitate particles might also harden by the same
pre-precipitation mechanism which had now been found to occur in
the silver-copper alloys. Definite evidence was found in the hardness/
time curves of the silver-copper alloys for two stages in the ageing,
since the curves showed two maxima, the first of which was attributable
to knot formation and the second to the formation and growth of
precipitate.

It was pointed out that even if it were assumed that these two
stages were present in all ageing alloys it did not necessarily follow
that they would be easy to detect. It might happen that the nature of
the material was such that the pre-precipitation stage took place very
rapidly, so that the net ageing changes would be dependent almost
entirely upon the second precipitation stage. In such a case it would
be extremely difficult to show that ageing could take place without
precipitation unless the correct low temperature were found.

Gayler and Cohen regarded the existence of two maximum values
in the hardness/time curves as being in no way extraordinary, but
rather to be expected on the two-stage mechanism postulated. Many
investigators were, however, of the opinion that the curves which showed
two maxima were due to faulty experimental technique, probably
connected with inhomogeneous material, and this view was considerably
strengthened in 1938 when Fink and SmrTH4? put forward a most
ingenious explanation of such effects and confirmed their ideas experi-
mentally. Their explanation was based upon the assumption that
plastic deformation could accelerate ageing, an assumption which was
borne out by the experimental results of previous workers. It was
further suggested that plastic deformation could originate in specimens
purely from the act of quenching, and experiments showed that this
was so. Polished specimens were subjected to solution heat treatment
followed by quenching, and were then examined before repolishing
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(Plate XII). The grain boundaries and slip planes were clearly defined,
indicating that plastic deformation had occurred and had produced
slight relief effects. The specimens were then repolished after ageing
at 200°C, and on etching, precipitate was found in just those regions
which had suffered plastic deformation during the quenching (Plate
XIII). Specimens quenched in boiling water, or in oil at 153°C,
showed no slip lines or grain boundary relief due to the quenching
(Plates XIV, XV), and on ageing such specimens the precipitation was
general over the surface of the crystal grains rather than in localized
regions.

Plots of tensile and yield strength curves as a function of ageing time
showed the presence of an initial peak, attained after a relatively short
time, followed by a decrease and then a further peak.

The results were explained by assuming different rates of ageing
of the deformed and undeformed regions of the crystal grains. The
deformed portions would suffer a more rapid rate of ageing, so that the
overall behaviour of the alloy would be represented by the sum of two
curves, giving the variation of properties with time in the deformed
and undeformed regions respectively. Ageing would proceed rapidly
in the deformed regions, so that they could age past their maximum
before a maximum was reached in the undeformed regions. There
would thus be a decrease in properties after a certain ageing time,
representing the point at which the softening of the deformed regions
was taking place before the undeformed regions had reached their
maximum. The magnitude of the first ageing peak would depend on
the amount of plastic deformation to which the alloy had been
subjected. '

Experiments on water quenched specimens showed that two peaks
could be distinguished on the ageing curves, but with specimens
quenched into oil at 153°C two peaks were not observed and the
hardness was found to change continuously in a manner similar to the
second part of the curves obtained for water quenched specimens. An
anomalous effect was found in specimens quenched and aged in oil
at 153°C, which did not show hardening until after approximately
one hour, while specimens quenched and aged in oil at 100°C started
to harden almost immediately. Since a higher ageing temperature
should cause more rapid hardening, the specimens aged at 153°C
should have aged more rapidly. An explanation offered was that the
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specimens quenched in oil at 100°C received a greater amount of
plastic deformation than those quenched in oil at 153°C. This
larger amount of plastic deformation was sufficient to cause a more
rapid ageing despite the lower ageing temperature.

Fink and Smith thus explained the double ageing peaks, which were
an integral part of Gayler and Cohen’s theory, as being an experimental
effect, and not in any way related to the fundamental mechanism of
ageing. The appearance of precipitate in localized regions of grains
had of course been observed earlier, but the effect upon the properties
of the alloy had not been considered.

CoHEN*! pointed out that if plastic deformation was significant,
certain portions of the specimens might over age before the bulk of the
material reached maximum hardness. The net maximum hardness
attained by such specimens would not be as great as the hardness
which would be attained when the ageing rate was uniform. It was
to be expected, therefore, that the rate of quenching would exert a
significant effect upon the maximum hardness attained by an alloy.
Fink and Smith’s data showed no such effect; this would therefore
seem a criticism of the explanation they offered. Neither could
accelerated precipitation explain the contraction which was known
to take place when aluminium-copper alloys were aged at low tempera-
tures. Precipitation of any kind, whether of a transition phase or the
equilibrium phase, would result in an expansion. WASSERMANN42
questioned whether the lines produced in Fink and Smith’s specimens
were slip bands and suggested that they might be twins formed during
quenching in the manner suggested by Schmid. It would appear, how-
ever, that they were in fact slip bands, as Fink and Smith found no
evidence of their presence after repolishing. In reply to discussion, they
expanded considerably their ideas on ageing, and gave a more detailed
picture of the processes which they believed to be involved.4?

They assumed that a random arrangement of atoms would exist
at high temperatures in a solid solution but that there would be a
variation with time in the concentration of solute atoms at any point.
Some points might have locally high concentrations, but such arrange-
ments would not be stable, and they would be removed by thermal
agitation and diffusion. On quenching, the high temperature structure
would be retained, and for aluminium-copper alloys, for instance, any
localized high concentrations of copper having structures similar to the
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arrangement in the non-equilibrium or equilibrium structure, which
should precipitate, would be stable. On probability grounds, the
precipitate formed would be the smallest stable particles at the ageing
temperature, and this size would decrease with decreasing ageing
temperature. This theory was similar to that developed by Einstein
for the formation of a disperse phase in a colloid system, but in ageing
systems a modification had to be introduced to take account of the fact
that the substances taking part were crystalline, and had therefore to
obey the rules relating to the formation of precipitate particles, eluci-
dated by Mehl and his co-workers in their work on Widmanstatten
mechanisms. Growth of the & or 6’ phases would take place by the
diffusion of atoms up to the interface between the precipitate and the
solid solution, and these atoms would subsequently become attached to
the lattice of the precipitate. Such diffusion would be of the normal
downhill type, since the atoms would be removed from the solid
solution in contact with the precipitate, and thus leave the adjacent
regions of the lattice clear for further diffusion to occur. In the early
stages of ageing it was assumed that there would be only a few small
localized precipitate particles, which would have little effect upon the
properties of the material. As the particles grew, the point at which they
began to exert an appreciable effect on the properties of the material
would depend upon the system concerned. For example, in the
aluminium-magnesium system it was found that in some parts of the
grains the particles grew to sizes which were clearly resolvable under
the microscope before any change in the yield point or the lattice
parameter could be measured.

The actual changes in properties on ageing were then considered.
Changes in resistance were explained by reference to wave mechanical
considerations similar to those mentioned by Morr3® in connection
with Gayler’s paper, but instead of postulating that the diffracting
regions were local segregations within the matrix lattice it was
assumed that they were actual particles of precipitate, the initial size
of which would vary with the temperature of ageing. A critical size
was assumed to give maximum resistance, so that depending upon
whether the initial size was less or greater than the critical, the resistance
would increase or decrease at the beginning of ageing.

The changes in density which took place on ageing were regarded
as due to two factors: the actual densities of the precipitate particles,

199



PROGRESS IN METAL PHYSICS

and the way in which the lattices of the precipitate and solid solution
fitted together at the interface. In the initial stages the particles would
be very small and the register between the two lattices would be good
so that there would be negligible change in the density of the alloy as a
whole, but as the particles grew, the increasing quantity of precipitate
would begin to exert an effect upon the density due to increasing
lack of register. Both factors would tend to cause a decrease in the
density in aluminium-copper alloys. There was no explanation, how-
ever, of the initial increase in density known to occur during the room
temperature ageing of aluminium-copper alloys, other than a suggestion
that it might be due to impurity.

Fink and Smith considered that hardening was due not only to
those particles visible under the microscope. They postulated that
the maximum hardening effect was caused by a critical size of dis-
persion of colloidal dimensions, a proposal somewhat similar in manner
to the original proposals of Merica, Waltenberg, and Scott. The
important factor governing the extent of the hardening was thought to
be the total number of particles present within a certain range of
sizes; the total amount of phase precipitated as such was unimportant.
Alloys of aluminium and nickel containing only 0-03 per cent nickel,
and of aluminium and beryllium containing only 0-07 per cent beryllium,
were known to show the same relative increase in hardness as aluminium-
copper alloys containing 4 to 5 per cent copper. Thus the quantity of
precipitate did not appear to be the most important criterion of the
extent of hardening. Retrogression effects could be explained by the
fact that the smallest particles stable at room temperature would not
be stable at higher temperatures, so that the first effect of raising the
temperature would be to destroy the smallest particles, a process which
would result in softening. Growth to larger size at the higher tem-
perature would then give a subsequent increase in the hardness.
Differences in corrosion behaviour of aluminium-copper alloys after
different ageing treatments could also be explained by depletion of
copper in the solid solution due to precipitation. The depleted regions
would have a different solution potential from those which had not
undergone any depletion. At low temperatures of ageing the depleted
regions could be much smaller than the distance between the precipitate
particles; thus there would be no continuous depleted layer. At higher
temperatures, however, extension of the depleted layer would take
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Plate X1l Polished, as-quenched in Plate X111. Same as Plate XI1I after
water at 25°C — © being aged 2 hours at 200°C, lightly
' polished and etched

Plate X1V. Quenched in boiling water, Plate X1'. Quenched in oil at 153°C,
aged 2 hours at 200°C, polished and etched aged 2 hours at 200 C, polished and etched

Plates XII to XV. Aluminium-copper alloy (517 per cent Cu) heated 16 hours at 540°C
(% 100) (Fink and Smith)



Plate XVI. The x-ray diagram of an aluminium-copper alloy aged
at 100°C for 16 days and showing long and well deﬁnea’ streaks
(Calvet, Jacquet and Guinier)
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place due to growth of the particles. In general, growth would be most
rapid at the grain boundaries, giving rise to a continuous depleted layer
which would result in intergranular corrosion. On still further ageing,
the growth of the precipitate particles at the boundaries and the
appearance of particles in the interior of the grains would result in a
uniformly depleted solid solution throughout the whole of the material.
There would then be no tendency for attack at the boundaries. It
was thus explained why serious intergranular corrosion arose only
after ageing at certain temperatures.

Fink and Smith did not deny that there would be some stage pre-
liminary to actual precipitation. They thought that such a stage
would take the form of internal segregation of solute atoms. Their
main argument against the knot or allied theories was that such
theories had been put forward originally only as an explanation of the
changes which took place in the properties of alloys before any visible
precipitate appeared. If the precipitate could, however, be revealed
before the properties changed, there seemed no reason for the retention
of the idea that pre-precipitation changes produced the changes of
properties; the simplest theory would be that the changes were due to
particles of precipitate. According to Fink and Smith, no evidence
showed that any pre-precipitation process was exerting an effect.

CoHEN, 4 however, had pointed out that attempts to distinguish
between the precipitation and the knot theories could only be made
in those cases where ageing took place uniformly throughout an alloy,
for if precipitation was localized, knot formation or allied effects
taking place in those regions where precipitation was not visible might
be masked. In Fink and Smith’s work the ageing was not uniform, so
that according to Cohen it was not possible to deduce any definite
conclusions about the relative importance of the pre-precipitation and
precipitation stages.

THREE STAGES OF AGEING IN DURALUMIN

The question as to the fundamental nature or otherwise of double
ageing peaks was one which received further attention from Cohen in
an investigation of the ageing of duralumin in 1939.4¢ Measurements
of hardness, electrical resistance, dilation, and lattice parameter gave
evidence of three stages in the ageing of duralumin. This was observed
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only in specimens aged within the temperature range 150° to 200°C
(Figure 10). At lower temperatures, 65° to 100°C, only the first two
stages were detected, and at still lower temperatures, 30°C, only the
first stage.

The different stages appeared to obey the original logarithmic
law discovered by Jenkins and Bucknall. The initial hardening
was found to be accompanied by a large increase in the electrical
resistance, the increase being greater at lower temperatures. Dilation
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Figure 10. Ageing curves of duralumin alloy at 150°C (Cohen)

curves showed at low temperatures an expansion followed by a con-
traction, whereas at higher temperatures the initial expansion dis-
appeared, and an initial contraction was followed by an expansion. At
still higher temperatures the curves showed an expansion from the start.
These results seemed, at first sight, to be somewhat anomalous. The
initial expansion at the lowest ageing temperatures could not be due
to the formation of CuAl,, as it was considered most unlikely that it
would form at such low temperatures. Furthermore, pure aluminium-
copper alloys were known to show a contraction on ageing at room
temperature. To check the nature of the low temperature expansion
Cohen overaged specimens at 191°C, heated them rapidly to the
solution treatment temperature, and quenched them immediately,
giving no time for any solution of precipitate to take place. The speci-
mens were then aged at room temperature in the same manner as those
which had been quenched after the normal length of solution treatment.
The former specimens showed little increase in hardness on ageing,
since a negligible amount of solute had been taken up before quenching.
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Nevertheless an expansion took place upon ageing; no contraction
occurred as with specimens subjected to full solution treatment prior to
ageing. It seemed, therefore, that the initial expansion was not
connected with the hardening of the alloy but was due to the relief of
quenching strains. The contraction which normally followed the
expansion appeared to be intimately connected with hardening, and it
seemed highly probable that it was connected with the same effect
that produced a contraction in the ageing at room temperature of pure
aluminium-copper alloys. Cohen believed that the pre-precipitation
stage was followed by actual precipitation of a non-uniform nature,
beginning in certain localized regions which might be either the grain
boundaries or the slip planes. In duralumin it appeared that only the
grain boundaries were concerned, as no evidence of slip plane precipi-
tation was found. This localized precipitation was thought to be
responsible for the changes in the alloy following the changes due to
the pre-precipitation stage. Thus the resistance decreased and the alloy
expanded slightly, but no change in lattice parameter was found. The
slight expansion came about as a result of the slight amount of pre-
cipitation balancing the effect of nucleus formation which would take
place over the majority of the grains.

The third stage of ageing was marked by the occurrence of general
precipitation and was accompanied by a large expansion, a further
decrease in the electrical resistance, and a change in the lattice
parameter.

No change in the microstructure was observed during the first stage
of hardening; a darkening of the grain boundaries occurred during
the second stage; and in the third, a general darkening of the whole
microstructure took place.

Cohen suggested that these three stages represented behaviour
general in all ageing systems. Individual systems might differ as a
result of the suppression of one or more of the stages, depending on
the nature of the alloy under investigation and the conditions under
which ageing was carried out. In certain cases localized precipitation
could proceed so rapidly that all traces of the pre-precipitation stage
would be obliterated, when the overall behaviour of the alloy would
comprise two stages: first localized and then general precipitation.

GAYLER,*5 discussing Cohen’s ageing peaks, suggested that the first
two might be due to two pre-precipitation processes occurring at
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different rates. In a complex alloy such as duralumin the precipitation
of several phases might occur and the segregation of the two types of
solute atom concerned in certain crystallographic planes in the alloy
might produce two separate hardening peaks. Cohen regarded this as
unlikely, for it did not appear that the amounts of impurity present in
the material would be large enough to affect the hardness in the way
observed.

Cohen emphasized that it might be very difficult to detect all three
stages of ageing in some alloys, as the alloys might be very sensitive to
variables such as the presence of slight strains, which might be sufficient
to accelerate the precipitation at certain points. This seemed to be so
with aluminium-copper alloys, and in such circumstances the initial
pre-precipitation effects would be masked, and the behaviour would
appear to be due entirely to precipitation.

The initial expansion found by Cohen on ageing at low temperatures
was not connected with any internal changes of solute atoms prior to
precipitation, and the correct sequence of volume changes connected
with ageing at room temperature appeared to be an initial contraction
followed by an expansion. At higher temperatures the initial contrac-
tion became less marked, and disappeared at higher temperatures still.

In spite of the evidence presented by Cohen’s and Gayler’s work,
the double and treble ageing peaks were still attributed by many to
experimental technique. The peaks were difficult to reproduce,
indicating that they might be controlled by external variables.

THE GUINIER-PRESTON ZONES

Evidence was obtained in 193846 and 1939, however, to show that in the
ageing of aluminium-copper alloys there was a definite segregation of
copper atoms to certain regions of the matrix lattice prior to the actual
formation of precipitate particles of 8’ and CuAl,. This was provided
by Guinier and Preston3? and then again by Calvet, Jacquet, and
Guinier, and was an important step forward in elucidating the method
by which precipitate particles formed.

Calvet, Jacquet, and Guinier investigated the ageing of a high
purity aluminium-copper alloy by metallographic and x-ray means.
In their paper they summarized previous results obtained on alu-
minium-copper alloys by these techniques. They concluded that
considerable doubt was to be attached to some of the x-ray work.
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Schmid’s and Wassermann’s claims to have shown actual precipitation
of CuAl, during ageing at 150°C and Hengstenberg’s and Wasser-
mann’s?3 indications of internal movement of copper atoms were thought
to be not above criticism. The weight of evidence showed that it had not
been demonstrated with certainty that any migration of copper atoms,
or precipitation, took place upon ageing before the mechanical changes
had reached an advanced state. Most metallographic examinations
also showed that no precipitation was visible until hardening was well
advanced. About the only case to the contrary was that described by
Fink and Smith, but this was regarded as difficult to accept because of
discrepancies between the microscopical changes and the yield point
changes, the latter lagging considerably behind the former. Fink and
Smith’s parameter and density measurements upon € were also
regarded as being open to criticism.

Calvet, Jacquet, and Guinier used electrolytic polishing in order to
obtain as good metallographic results as possible, and, in their x-ray
work, a very careful technique. Initial tests were made to determine
the rate of solution of the copper rich phase at the solution heat
treatment temperature, by microscopic analysis of material treated for
different lengths of time. Since precipitate was not visible after 16 hours
treatment, it was taken that 24 hours would suffice to ensure that the
alloys were homogeneous. In interpreting the appearances of their
specimens under the microscope, only those precipitates which could
be seen under a magnification of X 1,850 when the specimen had been
electrolytically polished were regarded as being present in the alloy.
The x-ray transmission photographs of certain specimens showed a
series of streaks (Plate XVI), which varied in size and intensity with the
temperature and time of ageing and were correlated with internal
movement in the solid solution prior to precipitation, as will be
mentioned later.

A specimen was first aged at 20°C and the hardness found to
increase over a period of 340 days. During this time no evidence of
precipitation was detectable either within the grains or at the boun-
daries. Some x-ray photographs were taken of specimens after ageing
for varying lengths of time at room temperature. During the exposure
the specimen was kept at — 60°C in order to avoid any further
transformation. Immediately after quenching, and with a 1} hours’
exposure, no streaks were visible on the x-ray photograph. Ageing for
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a further 2 hours followed by a 2 hour exposure again produced no
streaks. A 6 hour exposure after a further ageing of 5 hours produced
very weak streaks upon the photograph, and these became much
more prominent after another 4 days of ageing. Experiments were
also carried out at 100°C, and at this temperature it was found that
precipitate was very faintly discernible in the grain boundaries of the
material after 120 days’ ageing. Streaks were also visible upon the
x-ray pictures and were found to be stronger and more well defined
than those which had been found in the samples aged at 25°C. At
150°C the first signs of precipitation could be seen inside the grains of
material aged for 24 hours, and the amount steadily increased with
time of ageing until after 32 days it was present in considerable
quantity, although even after that time the particles were extremely
small so that their shape was not clearly discernible. The general
effect seemed to be that the particles occurred upon parallel lines
throughout the crystals, although there were some local aggregations.
Streaks were visible upon the x-ray transmission diagrams, but their
appearance varied with the time of ageing. After one minute they
resembled those seen in the samples aged at 100°C, but with longer
times they became narrower, and after still longer, spots corresponding
to 8" appeared, but there was no sign of any spots due to CuAl,. At
200°C the precipitate was visible after 2 hours, and after 24 hours
appeared as thin particles forming clusters of various sizes. Streaks
were visible upon the x-ray photographs, and spots corresponding to
the ©' phase first occurred after 2 hours and became more pronounced
with longer ageing. No signs of CuAl, could be seen, even after 41
days. At 250°C precipitate could be seen after five minutes; later well
formed needles appeared, followed by small rounded particles and after
52 days the needles had thickened considerably. The orientation of the
needles was different in different crystals, appearing to be in two
directions in some of the crystals and in three directions in others,
that is, in conformity with cubic structure. Streaks did not appear on
any of the x-ray photographs, but spots due to 6’ appeared faintly
after five minutes and became more intense as ageing was continued.
Weak lines due to GuAl, appeared after 32 days, and their appearance
was such as to indicate the presence of very small precipitate particles,
which were not completely randomly orientated. At 300°C precipitate
was seen after thirty seconds and rapidly developed into needles. No
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streaks were visible on the x-ray photographs, but weak spots due to
@' appeared after thirty seconds, and CuAl, was first seen after one hour.

The streaks in the x-ray photographs were shown to be due to small
diffracting areas within the metallic crystals, and the size and thickness
of the regions could be estimated by analysing the intensities of the
streaks. Itappeared that these small elements were dispersed at random
throughout the lattice and were composed of atoms which differed from
those of the main lattice, and assumed by Calvet, Jacquet, and Guinier
to be copper atoms. Guinier and Preston had shown previously that
the small elements were parallel to the cube planes of the lattice. It
was therefore argued that an alloy that showed the streaks possessed a
lattice structure similar to that of aluminium but having a slightly
different parameter, in which the copper atoms were not situated in
the normal random manner characteristic of a solid solution but were
concentrated on certain crystallographic planes, namely the cube
planes. The dimensions of the randomly orientated groupings were
estimated as very small and less than 50A at 25°C, and 150 to 200A
at 100°C. At 150°C the initial size would be the same as at 100°C
but would grow to 600A after a time. At 200°C the groups would
reach a size of 800A. The larger aggregates also appeared to have an
increased thickness, a fact which could be deduced from the different
density of the streaks in such cases. As the aggregates became larger
there would be a tendency to acquire a more stable configuration, so
that they would gradually form a crystal which would be flat and
orientated at first with respect to the solid solution. This would corre-
spond to the €' phase.

In connection with the metallographic examination, Calvet, Jacquet,
and Guinier mentioned the striated structures reported by Fink and
Smith which had been attributed to localized precipitation upon
planes that had suffered plastic deformation. It was found possible to
reproduce such striated appearances in specimens by varying the
conditions of electrolytic polishing, even using specimens which had
been aged only for short periods. It was concluded that the striations
did not afford evidence of precipitation but appeared at certain stages
in the ageing process according to the polishing treatment. It was pos-
sible to obtain from alloys which had partly aged specimens which did
not give such striations, although the polishing conditions required care-
ful control. In such cases the x-ray diagrams showed the characteristic
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streaks but no evidence of precipitation of € or 6. With alloys
aged to a greater extent the striations could be seen whatever the
polishing treatment, and examination under high power revealed
an actual precipitate. At this stage of ageing the x-ray diagrams also
showed the presence of §’. The striations thus appeared to be an etching
effect not necessarily connected with precipitation and for which
quenching stresses could well have been responsible.

The hardness of the specimens was also determined as a function of
the time of ageing, and maxima were obtained at 100°C and 150°C.
At room temperature hardening was appreciable, although there was
no evidence of the formation of aggregates. However, the hardening
might be due to the beginning of the formation of aggregates. The
softening of the alloys at high temperatures appeared to be associated
with transformation of the 6’ into 6, a process which appeared to be
complete at 300°C. At intermediate temperatures the aggregates and
the © existed together. A logarithmic relationship appeared to hold
between the time at which precipitate first became visible under the
microscope and the reciprocal of the absolute temperature of ageing.

This work was a considerable advance in the theory of ageing, as
it showed without much doubt that a definite pre-precipitation
segregation of solute atoms occurred in the case of the aluminium-
copper alloys, very similar to that suggested in Merica’s original knot
theory.

THE MECHANISM OF PRECIPITATION

In 1939 MEeHL and JETTER®? analysed in some detail the nature of the
precipitation process and the evidence for and against the precipitation
and pre-precipitation theories of ageing. The formation of a particle
of precipitate was first considered by analogy with the VoLMER and
WEBER®¢ theory of nucleation, which had been developed for the
condensation of a vapour to a liquid and indicated that nucleation
could only begin when chance fluctuations in the vapour provided a
nucleus greater than a certain critical size. This critical size arose
owing to the fact that the formation of a nucleus of liquid required the
formation of an interface between the nucleus and the vapour, involving
an increase in energy which had to be provided by the vapour to liquid
transformation. Only if the free energy of the new phase was less than
that of the original phase could growth of the nucleus take place. The
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theory indicated that smaller nuclei would be stable the higher the
degree of supersaturation and undercooling. At the equilibrium
temperature for transformation the stable nucleus would be very large,
and with decreasing temperature it would become smaller.

This type of theory was applied by Becker to precipitation from
metallic solid solutions, and similar ideas were found to be true. For
each degree of supersaturation in the solid solution there was found to
be a definite size of nucleus which must be formed by local fluctuations
in concentration before growth of the precipitating phase could take
place. The rate of formation of nuclei was also calculated for the
beginning of precipitation, and it was found that the rate of nucleation
was very small both at the equilibrium temperature and also at tem-
peratures considerably below this, but reached a maximum in between.

The calculation of stable nuclei sizes proved more difficult in metal
systems than for the vapour to liquid transformation, since the nucleus
is crystalline and hence the work required to generate an interface
differs for different crystal faces.

Mehl and Jetter pointed out that Fink and Smith*® had assumed the
distribution of atoms in solid solution to be statistically random and
used the Poisson equation to calculate the probability of the occurrence
of various numbers of solute B atoms in certain size groups in a solid
solution composed of A and B atoms. They had applied the calculation
to the finding of the number of chance groupings of different sizes
formed in a solid solution which would have the correct number of
copper and aluminium atoms to form CuAl,. The total number of
such groupings was found to be very large, but the number of any one
size decreased rapidly as the size of group was increased.

The changes expected to occur during precipitation were considered
in detail by Mehl and Jetter. They pointed out that precipitation could
be of several types, depending upon whether the matrix concentration
of solute atoms was uniformly decreased during ageing or whether the
depletion was complete in one portion of the crystal before it had
begun elsewhere. These two types were referred to as continuous
general and localized respectively, and a third type, namely continuous
localized, was described where the solute concentration in the matrix
diminished continuously in certain regions butdiscontinuously asa whole.

The changes of property expected to occur during what was termed
ideal precipitation were then discussed. In such precipitation it was
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assumed that the changes taking place were those accompanying the
transformation from a uniform solid solution to a heterogeneous
mixture, and that the initial and final properties could be obtained by
considering the properties of solid solutions and mixtures. In such an
ideal case no account was to be taken of any effects which might arise
in the final product owing to the particles being very small or to the
interfaces created between the particles and the matrix etc. This and
other effects would arise in practice, however, and modify the actual
changes observed on precipitation.

The changes in microstructure, electrical conductivity, density,
magnetic properties, mechanical properties, and x-ray diffraction
effects which would take place during ideal precipitation were com-
pared with those which were observed in practical precipitating
systems. In connection with microscopical examination the marked
difference in type of precipitation in various systems was mentioned in
some detail. Alloys of aluminium and copper showed no preferential
grain boundary precipitation although the precipitation might become
localized due to strain. In copper-silver alloys rich in copper, however,
precipitation appeared to take place preferentially at the grain
boundaries and spread inward in an advancing wave, the decom-
position reaction taking place only at the interface between the
transformed and untransformed regions. Mehl and Jetter regarded
continuous precipitation as the simple type and discontinuous as being
anomalous, and mentioned that the nickel-beryllium system could
show either type, depending upon the solute concentration and
temperature.

It was pointed out that microstructural changes had been found to
occur at the same time as hardening in several systems such as copper-
beryllium, iron-tungsten, and copper-silver, but for aluminium-copper
and duralumin no precipitate had been observed at the point of maxi-
mum hardness although Fink and Smith claimed that their striated
structures were evidence of submicroscopic precipitation. The localized
nature of the precipitate indicated, however, that it had been formed
preferentially owing to an accelerating factor such as strain.

It was pointed out that the difficulty arising from Fink and Smith’s
work, which had been discussed previously by other investigators,
was that although traces of" precipitate had been found from the
beginning of ageing, this in itself was not proof that the hardening and
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other changes were caused by the precipitation. Pre-precipitation
changes taking place in the matrix at the same time as the localized
precipitation was occurring may well have been the factors causing
hardening. Mehl and Jetter held, however, that the absence of visible
precipitate in the undistorted region of the grains could not be taken as
conclusive evidence that precipitate was not present, as it might be of a
submicroscopic character. The action of the distorted regions would
be to concentrate the precipitate and make it visible.

In any discussion of theories of ageing it is necessary to arrive at some
definition of a nucleus of precipitate if any real distinction is to be
drawn between pre-precipitation and precipitation ideas. Mehl and
Jetter considered that a nucleus of precipitate had formed when the
atoms of a solid solution had begun the movements which would
eventually lead to the production of the equilibrium phase demanded
by the phase diagram. The Guinier-Preston zones which were known
to precede the formation of & and CuAl, in aluminium-copper alloys
were regarded in this light as being true nuclei in the precipitation
process. If this was not so, then it was difficult to see why the zones
should appear in a definite plate-like form along those very planes
upon which the 6’ and finally CuAl, would form. If they were not true
nuclei, then it would be expected that they would take the form of
random shapes, similar to those caused by concentration fluctuations.
Furthermore, the variation of the size of Guinier-Preston zones with
temperature as determined experimentally was the same as indicated
by the theoretical considerations which had been developed for
nucleation, and the actual sizes were within the expected range. It
was therefore considered that Guinier-Preston zones were nuclei of
precipitate, and that once the formation of such zones had begun it
might also be said that precipitation had begun.

Working upon such an assumption, Mehl and Jetter explained the
changes in the various properties which took place during ageing.
The observations of Fink and Smith on the striated structures produced
in aluminium-copper alloys were assumed to result from the formation
of Guinier-Preston zones, which would effect the etching characteristics
of the alloy. These regions would then subsequently grow and form
6’ and 6 so that definite particles would become visible under the
microscope. Resistance changes could be explained by Mott’s sug-
gestion regarding the diffracting action of small particles on the
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electrons. It was considered, however, that other factors would be of
importance in determining the resistance, such as the state of strain
present in the alloy, particularly at the junction between the precipitate
particle and the matrix. This strain would be the greatest when the
precipitate particles were smallest, since the total amount of strain
present would be dependent upon the relative surface areas and
volumes of the particles. Small particles formed at low temperatures
would thus give the largest strain, an additional effect contributing to
the initial increase of resistance during room temperature ageing.

The inability of x-rays to detect parameter changes was regarded as
being in no way incompatible with the idea that Guinier-Preston zones
were actual precipitate particles. Parameter measurements had been
shown to be no criterion of precipitation, and certain small anomalies
in parameter measurements could probably be put down to strain.

The volume changes during ageing of aluminium-copper alloys at
room temperature or at high temperatures could also be explained.
Fink and Smith had pointed out that by the formation of 8 of greater
density without a change in volume of the matrix a contraction could
result. At higher temperatures the nuclei would become larger and less
numerous, and their growth by diffusion from the matrix, with a
corresponding increase in volume of the matrix, would lead to an
overall expansion. The interfacial regions were also regarded as
regions of low density which could perhaps also contribute to the
observed volume changes.

An interesting anomaly to which reference was made was that of the
copper-iron system, where despite the fact that iron was known to
precipitate during ageing the alloys did not become ferromagnetic.
It was thought that this could be due to two effects: either the ferro-
magnetism would be difficult to detect when the precipitate particles
were fine, or alternatively the lattice structure of the iron was altered
during precipitation by conforming to a certain extent to the matrix
lattice. This straining of the iron lattice would alter its magnetic
properties, and it would not be until the lattice reverted to its true
form by increased growth or mechanical shock that the expected
magnetic properties would be observed.

Mechanical properties were not regarded by Mehl and Jetter as
being of much use when attempting to formulate theories of ageing,
owing to their complex nature and the difficulty of interpretation.
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They pointed out that double ageing peaks were difficult to reproduce
and that the explanation of Fink and Smith seemed to cover all the
experimental data. Nevertheless there was a possibility that the
succession of stages involved in precipitation, that is, Guinier-Preston
zones, 9’, and finally CuAl,, would be in themselves sufficient to give
more than one maximum on a property/time curve. All these stages
were now regarded as post-precipitation rather than pre-precipitation
stages so that their presence or otherwise did not invalidate the theory
that ageing was due to precipitation.

Discussion of Mehl and Jetter’s views indicated that the gap was
closing between those who believed the pre-precipitation processes
were responsible for ageing changes and those who believed actual
precipitation to be the most important. MErica?® pointed out that the
original supporters of the precipitation theory were those who argued
that there was no evidence during the room temperature ageing of
duralumin of anything present in the structure which answered to the
known tests for CuAl,. The changes causing ageing must have been of
a homogeneous nature which did not involve any local lattice alteration
of a definitely discontinuous kind. It appeared from Mehl and Jetter’s
paper, however, that precipitation was assumed to take place in stages,
the first stage being the formation of Guinier-Preston zones. The
structure of the zones was not known, but could be either very similar
to the aluminium lattice or to the 6’. Since the zones were intimately
associated with the hardening, then it seemed that the correct theory
of hardening was half-way between the pre-precipitation and precipi-
tation theories, as the Guinier-Preston zones did not appear to be
homogeneous with the aluminium lattice in the strictest sense, nor did
they appear definitely to be particles of tetragonal CuAl,,.

CoHEN®? considered that much of the controversy in ageing theory
was only a question of terminology. Originally the idea of a pre-
cipitate particle was thought to involve a definite phase boundary
with the matrix lattice, even though it was realized that prior changes
would go on in the solid solution. Mehl and Jetter, however, were
using precipitation in a very much broader sense to cover both initial
and final stages. It seemed, therefore, that there was very little signifi-
cant difference between Merica’s original ideas of knots and the
present idea of a Guinier-Preston zone nucleus. In both cases the
boundary with the matrix would be equally indistinct. The important
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consideration, according to Cohen, was not whether one spoke in
terms of knots or precipitated nuclei, but with what changes one asso-
ciated the alteration in properties on ageing. Practically all were in agree-
ment that it was the lattice distortion caused by the straining of atomic
bonds which resulted in the hardness, density, resistance changes etc.

Cohen pointed out, however, that despite the partial reconciliation
it was untrue to say that double ageing peaks were not of fundamental
significance as they could be reproduced quite readily and were not
to be attributed to experimental error. There were many examples of
them in the literature, and it was important to investigate them in
detail as there might well be two stages of hardening during ageing,
the first being due to lattice strain and the second to a mechanical
keying of the matrix slip planes. ‘

Fink and Smith®! referred to the structure of Guinier-Preston zones
and thought that the zones were platelets of 8’ produced by the forma-
tion of a small & nucleus and the subsequent growth of the nucleus
along the cube planes of the matrix lattice. The flat method of growth
was due to the fact that the atomic planes in contact between the ¢’
and the lattice were similar so that the register between the lattices
was good, and therefore extension sideways would be the easiest method
of growth.

PuiLLips5? raised the important point that in considering ageing
changes attention should be concentrated not only on the direct effect
of the products formed by pre-precipitation or precipitation mechanisms
but also to any changes which might be produced in the matrix lattice
by reason of the formation of pre-precipitate or precipitate regions.

Mehl and Jetter®® further discussed their proposed ageing theory
and pointed out how little it differed from Merica’s original theory;
that the distinctions drawn between various theories appeared to
hinge upon the question of definitions. This was illustrated by means
of the aluminium-copper system where the sequences of changes leading
to precipitation were known to be

a the solid solution state,

b Guinier-Preston zone formation,

¢ © formation, and

d final formation of CuAl,.
Earlier investigators had drawn the demarcation line, so far as the
onset of precipitation was concerned, at the beginning of stage d,
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though since €' could be recognized under the microscope as precipitate,
probably it would be more accurate to say that the beginning of stage
¢ had been used. The main change in opinion which seemed to have
resulted was that with the new viewpoint the formation of Guinier-
Preston zones was regarded as definite precipitate formation. The
anomalies found during ageing were all associated with stages 4 and c,
which thus resulted in the pre-precipitation versus precipitation dispute.
The stages during precipitation would, however, be of a continuous
nature and nothing very much could be gained by attempting to define
rigorously terms such as ‘phase’ or ‘interface’.

One difference which did exist, however, between the ideas of
Mehl and Jetter and those who favoured pre-precipitation ideas such
as knot formation lay in the fact that the latter workers postulated that
diffusion of solute atoms to certain crystal planes took place to form the
knots or Guinier-Preston zones, whereas the former did not think any
special diffusion processes were necessary but that the localized aggre-
gations would always exist in solid solutions as a result of normal
fluctuations in concentration.

Mehl and Jetter did a very great deal to clarify the theoretical basis
of ageing changes. The outcome of their paper was in effect that the
dispute between the precipitation and pre-precipitation advocates was
largely resolved as it became clear that it had become merely a matter
of terminology. The changes leading from a random supersaturated
solid solution to a final stage, consisting of a mixture of precipitate
particles and solid solution, demanded by the equilibrium diagram,
had been described in detail for the aluminium-copper alloys. It
was realized that the important task from the point of view of ageing
theory was to clarify which particular stages in the sequence of steps
leading to precipitation were responsible for the observed experimental
changes in properties. It appeared that the formation of Guinier-
Preston zones and §' were the steps which led to the most marked
changes in properties, but this was by no means certain and could
merit further investigation. Furthermore, though the changes taking
place prior to precipitation were well known in aluminium-copper
alloys, it was not known whether similar changes always preceded
precipitation in other systems. Fink and Smith% had shown that for
aluminium-magnesium alloys the phase which first precipitated when
the alloys were aged at low temperatures was not the equilibrium
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phase but one which had a slightly different crystal structure. They
had pointed out that there was a possibility that for all precipitate for-
mation the initial precipitate that formed was not the equilibrium
phase, as predicted from the equilibrium diagram, but a transition
non-equilibrium phase which later transformed to the equilibrium
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Figure 11. Hardness|time curves of an aluminium-copper alloy (Gayler)

structure. No evidence was brought forward, however, which indicated
the formation of regions in the lattice similar to the Guinier-Preston
zones in the aluminium-copper system.

MICROSTRUCTURAL INVESTIGATIONS

The microstructural evidence obtained during ageing, particularly of
aluminium-copper alloys, was also rather unsatisfactory because the
only work which had revealed early traces of precipitate was that of
Fink and Smith, and this work could be criticized because of the
strain which was present in their specimens. In 1940, however,
GAYLER,%® and GAYLER and PARkHOUSE®® carried out a detailed
microscopical examination of the ageing of a 4 per cent aluminium-

216



Plate XVIL Aged Goo days at voom lemperature. Plate XV Ay Plate NV 25000
Etched 1 minute with 25 per cent HNO, at 70°C
and 1 minule with Keller's reagent ( x 150)

Plates XVII and XVIII. Showing staining of grains and elch pits

Plate X1\, dged 290 days at 50°C. Etched as  Plate XX. As Plate XIX. Only etched with 25
Plate XVII ( % 150) per cent HNO; at 70°C (X 1500)

Plates XIX and XX. Showing staining of grains and elch pits



Plate XX1. dged 2 days at 130°C. Etched Plate XXII. As Plate XXI but etched as well
1 minute with 25 per cent HNO, at 70°C with Keller’s reagent for 1 minute ( < 2000)
(% 2500)

Plates XXT and XXI11. Showing etch pits but no precipitate

Plate XX1IL. Aged 7 days al 130 (. Elched Plate XXIV. As Plate XXIII, but etched as
1 minute with 25 per cent HNO, at 70°C. well for 3 minutes with Keller's reagent. Showing
Showing etch pits ( X 2500) etch pits and precipitate ( X 2000)



AGE HARDENING OF METALS

copper alloy; this was supplemented with hardness measurements and
a certain amount of x-ray work.

Ageing at room temperature was continued for 600 days, and no
increase in hardness was observed until after eight days. It appeared,
however, from this and experiments at higher temperatures that the
ageing took place in the stages that had been postulated earlier (Figure
11). At ageing temperatures up to 50°C only the first stage was found
to be present, whereas between 100°C and 190°C two maxima were
found. At still higher temperatures it was not possible to observe the
first hardness maximum and only the second was found. Ageing at
the quenching temperature resulted in an immediate softening to the
as quenched state.

On the time/hardness curves flat portions were found between the
first and second hardness maxima, which extended for a period of time
that became greater at lower temperatures of ageing. If the times
between the first hardness maximum and the beginning of the increase
due to the second hardening were plotted against the reciprocal
of the absolute temperature, a straight line was given. Similarly,
when the time taken to soften by 10 Brinell units immediately after the
second hardness maximum had been reached was plotted against the
reciprocal of the absolute temperature, another straight line resulted.
From such curves, results of considerable practical value, relating to
the time taken for various stages of the ageing to be reached or for
various amounts of softening to set in, could be obtained. Plots of the
logarithm of the time to attain the second maximum hardness and the
reciprocal of the absolute temperature were also made, and a linear
relationship was found for temperatures between 100°C and 400°C.
This temperature range was limited, since on ageing at the temperature
of quenching no increase in hardness took place, and on ageing at low
temperatures the second maximum would not be observed because
the ageing would not proceed so far. No such linearity existed at all
when the time to reach the first maximum hardness was plotted; the
curve showed a marked inflection.

A plot of the maximum for each stage against the ageing temperature
showed that, within the limits of the experiment, the maximum hard-
ness during the first stage of ageing increased up to an ageing tempera-
ture of about 50°C and then decreased. For the second stage the
maximum hardness increased with the ageing temperature until a
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maximum was reached at about 100°C to 150°C. It was thought
that the curves should become asymptotic to the temperature axis, as
no ageing would occur at temperatures around 0°C. The probable
form of the curves would be, in each case, an increase with tem-
perature up to a maximum followed by a decrease.

In the microscopic work carried out by Gayler special attention was
paid to the ageing temperatures below 150°C as it was believed that
below that temperature the first stage of ageing played a predominant
part. The results of previous workers on ageing at low temperatures
were conflicting. Fink and Smith claimed to have shown definitely
the presence of precipitate, whereas Calvet, Jacquet, and Guinier
found no precipitate on ageing at room temperature for as long as 340
days. It appeared, however, that Fink and Smith worked with
specimens that had received a considerable amount of plastic deforma-
tion during the quenching, and that the etching effects which they
found were connected up with this rather than the presence of actual
precipitate particles. The striations probably appeared because the
surfaces of the crystals were deformed, and the experiments of Calvet,
Jacquet, and Guinier on the production of such striations tended to
confirm the point. High magnifications were used by Gayler, generally
X 2,500, and the etching was carried out with 25 per cent nitric acid
alone at 70°C or followed by Keller’s etch.

At room temperature no precipitate was visible even after 600 days’
ageing. On etching the grains of the solid solution were not all of the
same colour, some appearing to be much more heavily stained than
others (Plate XVII). This variation in the grain staining appeared to
be associated with the first stage of the ageing, and it could be observed
in specimens which had been aged for only a short time at room tem-
perature e.g. 15 minutes. On further ageing, however, other changes
became visible. Nitric acid, followed by Keller’s etch, caused etch
pits to appear in the grain boundaries and also within the grains
(Plate XVIII). This was only to be seen in specimens which had been
aged for a considerable time at room temperature. No striae such
as described by Fink and Smith were seen. At higher ageing tempera-
tures again no precipitate was seen, but the preferential staining of
certain grains was still noticed (Plate XIX), and the grain boundaries
again appeared to have become more reactive as etch pits were pro-
duced by nitric acid after ageing for 250 days (Plate XX). The pits
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appeared as either rhombohedral shapes or small round areas. At
130°C ageing produced etch pits after only 2 days (Plates XXI, XXII)
which were of a definite triangular shape and were present in the
interior of the grains as well as the boundaries. No precipitate was
observed in any of the specimens aged at the above temperatures. It
thus appeared that the formation of the etch pits was connected with
the initial hardening of the alloy and with the portion of the hardness/
time curve connecting the initial hardness maximum with the second
maximum. The specimen which had been aged at 130°C for two days
was aged for a further five days, when the increase in hardness due to
the second stage of the ageing should have begun to appear. No
precipitate was visible in the unetched condition, but when etched
with nitric acid etch pits were seen (Plate XXIII) and etching with
nitric acid and Keller’s etch showed marked precipitation (Plates
XXIV, XXV). The preferential staining of the grains was still present;
precipitation was not visible in the unstained grains though in some
cases etching pits were found (Plate XXVI). No precipitate seemed to
be present in the grain boundaries, although there was a considerable
number of etching pits. Further ageing at 130°C resulted in a still
greater amount of precipitate becoming visible, even in the unstained
grains. After fifty days ageing a further effect was distinguished: a small
amount of a white material appeared in the grain boundaries, associated
with etching pits (Plates XXVII, XXVIII). The alloy had been aged to
a point just past the maximum hardness. It was thought that the
white material could possibly be the intermediate phase of Wassermann
and Weerts. In any case it was not CuAl,, as its etching characteristics
showed. The x-ray analysis of specimens aged for 50 days at 130°C
showed no shift of the lines. This indicated that precipitation proper
did not take place until after the second hardness maximum. At higher
temperatures of ageing, above 190°C, the changes due to the first stage
were masked by general effects. It had been shown previously by
Wassermann and Calvet, Jacquet, and Guinier that at such high
temperatures the formation of ¢’ preceded the formation of 6. It was
possible, according to Gayler, to detect the change of 6’ into 6 by means
of microscopical examination after suitable etching, and it was noticed
that upon etching a definite boundary always appeared between the
0 and the aluminium matrix, while in the case of 8’ there was no such
definite boundary, the phase seeming to run on into the aluminium
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lattice (Plate XXI1X). This was regarded as evidence in support of the
conclusion reached by PresTon®7 that ' was related to the aluminium
lattice, so that the (100) planes of the aluminium lattice were in contact
with (001) planes of the 6. A plane of polish which deviated only
a small amount from being parallel to the (100) plane of the aluminium
would show plates of the intermediate phase, some edges of which would
stand out in relief from the matrix due to hardness differences, while
other portions would run on into the aluminium lattice due to the small
difference in orientation.

Gayler showed that the staining of the grains in the initial stages of
ageing was related to the orientation of the grains with respect to the
plane of polish of the specimen. The deepest staining occurred when the
(100) planes were parallel to the plane of polish, while unstained grains
appeared to have the (110) planes parallel to the plane of polish.
Intermediate degrees of staining were probably due to orientations
lying between these two. The staining was due in all probability to
the fact that copper atoms segregated upon the (100) planes of the alloy
and thus affected the action of the etching reagent.

This metallographic work indicated that the various stages of ageing
in aluminium-copper alloys were characterized by different responses
to etching reagents. During the first stage, up to the first maximum
hardness, no visible precipitation was seen, but the preferential staining
was regarded as characteristic. On the flat portion between the first
and second maximum the chemical reactivity of the interior of the
grains and the grain boundaries increased, as evidenced by the formation
of etch pits. The increase to the second hardness maximum was asso-
ciated with the appearance of 8’ within the grains, but no precipitation
appeared in the grain boundaries until after the second maximum
hardness was attained when the white material appeared. After
the second maximum hardness the change from 8’ to CuAl, took place
gradually. It was questionable whether the phase appearing in the
grains before the second maximum hardness was reached was to be
regarded as definite precipitate or not. The fact that it was still attached
to the aluminium lattice was regarded as evidence against this.

An extension of the work, with further detailed microscopical examina-
tions,%® was reported in 1946. The changes in microstructure which
occurred on ageing at 130°C up to the second increase in hardness had
already been dealt with, but the white material which had been revealed

220



AGE HARDENING OF METALS

had not been studied in detail. To investigate whether its growth took
place on prolonged ageing, specimens were aged for 50, 80, 200, and
400 days at 130°C. Etching with hot 25 per cent nitric acid followed by
4 per cent hydrofluoric acid revealed the material (Plates XXX, XXXI),
but no appreciable growth in the boundaries appeared to have taken
place in the 200 day specimen as compared with the 50 day.

An increased amount of the material was, however, present in the
interior of the grains. Etching pits were found to be associated with
it, and it was thought that these indicated segregation of copper to
form copper rich areas. In support of this it was pointed out that
25 per cent nitric acid attacked copper rich areas but not grain boun-
daries in pure aluminium or a dilute solid solution of copper in
aluminium. Half per cent hydrofluoric acid, on the other hand, attacked
grain boundaries in pure aluminium or a dilute solid solution of copper
in aluminium, but attacked CuAl, only very slightly. The etching
pits were therefore taken to be the traces of the copper rich regions.
Simultaneously with the formation of such regions, adjacent areas
nearly copper free would be formed.

In the specimen which had been aged for 400 days and which was
past the second hardness maximum it was found that on etching with
half per cent hydrofluoric acid alone the white material was revealed,
and also small areas in the boundaries and grain interiors were
darkened. In previous specimens the hydrofluoric acid had revealed
only the former phenomenon, and it was thought that the new areas
which were being attacked were particles of €. Previous to 1940 the
light material was thought to be 8, but it was now postulated that it
was the aluminium-copper solid solution stable at the temperature of
ageing. The material was given the name crystallite. It appeared that
as the time of ageing was prolonged there would be an increase in the
number of copper rich areas, and it was postulated that when these
reached a critical size the stresses generated in the surrounding matrix
would be relieved by local recrystallization of the matrix with con-
sequent formation of crystallites. The number of crystallites would
therefore increase with time of ageing. They did not grow but merely
increased in number with increased time and temperature of ageing.

The rate of cooling from the solution treatment temperature was
found to exert an influence on the microstructure obtained on sub-
sequent ageing. Decreasing the rate of cooling led to the formation of
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an increasing amount of crystallites during ageing. This was assumed
to be due to slower rates of cooling, allowing segregation of copper
atoms to occur. This would give an explanation of Preston’s observa-
tion that streaks were to be seen on x-ray photographs taken immediately
after quenching, for these streaks would be due to the slight segregation
of copper atoms during quenching.

The assumption that nitric acid attacked copper rich areas was
confirmed by using a selective tarnish of hydrogen sulphide. An
air cooled specimen was polished and exposed to very dilute dry
hydrogen sulphide after ageing for 426 days at room temperature. No
change was observed after 41 days, but after 34 months the grain
boundaries were seen to have been etched up and the solid solution
grains were selectively tarnished (Plate XXXII); probably this arose
from their differing orientations, grains with (100) planes parallel to the
surface being most heavily stained. Crystallites were seen in the grain
boundaries and the adjacent darkened areas were taken to be copper
rich areas which had been selectively tarnished. These darkened areas
occurred in those positions in which etch pits appeared when the
specimens were etched with nitric acid. It appeared, however, that the
nitric acid etch could reveal the copper rich regions when they were
submicroscopic, as one specimen showed no darkened regions when
exposed to hydrogen sulphide but showed pits with nitric acid. It was
ascertained that CuAl, was unaffected by hydrogen sulphide, and also
that 8’ and CuAl, in the transition stage were not darkened.

Slower rates of cooling prior to ageing were found to result in longer
time delays before an increase in hardness was observed. This was
thought to be due to localized segregation taking place to a greater
extent during slower cooling.

The segregates formed on slow cooling would be large, and as soon
as ageing began they would probably precipitate out, thus producing a
decrease in hardness which would balance the tendency to hardening
arising from the formation of new copper rich areas. The initial
incubation period therefore represented the time during which the
aggregates formed during cooling were growing past their critical size
and then precipitating.

The time/hardness curves obtained on ageing specimens at room
temperature after different rates of cooling were all found to be different,
due to the differences in the amounts of segregation that had taken place.
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On ageing at 130°C, however, the curves were all found to be similar
after the first twelve hours or so of ageing. This was explained by
assuming the initial differences to be due, as at room temperature, to the
size of the aggregates formed on cooling. The secondary portions of
the curves would become similar, due to a resolution of the copper
rich areas followed by rediffusion to form new aggregates. The resolu-
tion was confirmed by ageing a slowly cooled specimen for five hours
at 130°C and then comparing the new microstructure with the
original, after exposing both to hydrogen sulphide. No stained patches
were seen in the specimen that had been aged at 130°C though they
were present in the original specimen, thus indicating that resolution
of the copper rich areas had taken place. Gayler pointed out that the
presence of double ageing peaks on the curves at 130°C after the
various rates of cooling was a contradiction of Fink and Smith’s state-
ment that the first ageing peak was due to plastic deformation and that
it could be eliminated by cooling at a slow rate.
It was concluded that the various stages in the ageing of aluminium-
copper alloys could be related to changes in behaviour of the material
on etching. The initial increase in hardness was not accompanied by
an etching change, but the flat portion between the first and second
maximum marked the point at which minute etching pits were formed
when the specimens were etched in nitric acid. These were not shown
by hydrogen sulphide and were assumed to be submicroscopic copper
rich regions. During the increase to the second hardness maximum
the copper rich regions could be detected by hydrogen sulphide,
which indicated that they had grown, and furthermore etching with
hydrogen fluoride revealed the crystallites of aluminium solid solution.
As the hardness increased to a maximum the number of crystallites
increased, and after the maximum a new phase associated with the
crystallites could be detected by etching with hydrofluoric acid. The
needle-like particles of the new phase were €', which subsequently
transformed to CuAl,,.

GAYLER’S THEORY

Gayler enumerated the changes in properties associated with the
various stages of ageing and advanced a complete theory in explanation.
In the initial stages, segregation of copper atoms was thought to take
place on the (100) planes of the solid solution lattice. The segregation
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would cause an increase in density, due to the local contraction of the
lattice, the copper atoms being smaller than the aluminium atoms.
A change in lattice parameter would also be expected if the views of
Guinier and Preston were accepted, but no change had been found,
due perhaps to the localized nature of the segregation. Strain hardening
would be produced by the segregation and cause an increase in the
electrical resistance and the hardness. It was postulated that the
strain hardening hindered the process of diffusion, so that the migration
of copper atoms would cease. A certain amount of strain relief would
come about, however, by the precipitation of submicroscopic particles
of copper rich aggregates, and of submicroscopic crystallites of the
solid solution stable at the ageing temperature. The local copper
segregates would be increased in size by localized diffusion until they
reached a critical size, at which point they would break away from the
matrix lattice, relieving strain and enabling further diffusion to take
place. The flat stage on the ageing curve would then appear, due to
the balancing between diffusion of atoms leading to segregation
and strain hardening, and precipitation which would cause a relief
of strain. At this stage the electrical resistance would decrease. The
process of formation and precipitation of segregates would go on and
at the same time the first precipitated copper rich particles would
grow, leading to a second increase in hardness, thus producing the
second maximum.

The next stage would be the reorientation of copper atoms to form
©’, and it was suggested that this would only take place in strain free
regions, since no 6’ could be detected microscopically, even under
high magnifications, until some time after the second hardness maxi-
mum, nor had ©" been observed on x-ray photographs until the ageing
was well advanced. Furthermore 6 was known to separate directly
from the lattice at high ageing temperatures, where the lattice would
be practically strain free, and 6 particles were first observed associated
with crystallites which would be strain free regions.

The change from § to CuAl, was thought to take place slowly,
depending upon the temperature and time of ageing, but it would
not lead to increase in hardness.

Gayler therefore concluded that ageing was due to the formation
and precipitation of copper or copper rich aggregates, accompanied by
the formation of crystals of the solid solution stable at the ageing
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temperature. The formation of 8’ did not lead to an increase in
hardness, as formerly assumed.

An investigation®® was also carried out on the effect of working a
4 per cent copper in aluminium alloy, at various stages of the ageing
process. Cold working was found to accelerate the rate of ageing to
an extent which depended on the amount of cold work given. Thus
a specimen which had been quenched and given a 50 per cent reduction
before ageing at room temperature was found to increase considerably
in hardness immediately after the working, and then to remain constant
for a period of at least several days. Microscopic examination, after
etching with 25 per cent nitric acid, revealed that the specimen after
two months was in an advanced state of ageing corresponding to the
end of the ‘flat’ on the time/hardness curve. Quenching and then cold
working prior to ageing at different temperature revealed similar
effects. A specimen aged at higher temperatures showed an increase
in hardness which corresponded to the second increase on the normal
time/hardness curve, the cold working having been sufficient to take
the alloy initially to an advanced state of the first stage of the ageing.

It was further demonstrated that when the condition of the alloy
before working and the ageing temperature were favourable, the lattice
strain resulting from the cold work was relieved by the formation
of submicroscopic or microscopic copper rich precipitate particles
together with the aluminium solid solution crystallites.

It was concluded, therefore, that the strain relief thought to take
place during ageing, namely by the formation of crystallites, might
also apply to the relief of strain caused by cold working. Crystallites
would be formed in the localized highly strained regions at tempera-
tures which could be below the recrystallization temperature. This
idea was substantiated by experimental work which had been carried
out by other investigators.

In discussing Gayler’s papers, Guinier referred to further work which
he had carried out on the initial stages of the aluminium-copper ageing.
An intermediate stage had been found between the initial arrangement
of copper atoms on the (100) planes and the formation of 6'. The
expansion of the segregate of copper atoms was thought to be associated
with an internal ordering process, resulting in a kind of superlattice
being formed by planes of copper atoms or planes rich in copper atoms
alternating with planes of aluminium atoms. The superlattice was
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thought to be an individual crystal but to remain imperfect, as evidenced
by the diffuse nature of the diffraction spots. Where 6’ appeared its
diffraction spots were at first weak but sharp, and superimposed
upon the diffraction pattern of the superlattice phase. It was thought
that the change to 8 took place suddenly, and only when the super-
lattice had reached a certain size and the proportion of copper to
aluminium atoms present was roughly one to two. Additional spots
were found on the x-ray diagrams which seemed to indicate that the
6’ was in a strained region, a state of affairs which was not in agreement
with Gayler’s ideas. The latter thought, however, that the presence
of small strain free areas might not be detected with x-rays.

ROHNER’S THEORY: LATTICE DEFECTS

Gayler’s theory of ageing, like those advanced by practically all other
investigators, was based upon the idea that the strain introduced into
the lattice by the segregation of solute atoms or the formation of
precipitate resulted in the observed changes in properties. In 1947,
however, ROHNER®® put forward a new theory of ageing in aluminium-
copper alloys which attributed the changes in properties, in the main,
to alterations in the lattice of the solid solution, independently of the
effect of segregated regions of copper atoms or precipitate particles.
Rohner pointed out that the precipitation theory was unable to explain
retrogression effects or the electrical resistance changes. (In fact,
theories had been put forward to explain these effects.) According to
Rohner, most investigators took the available evidence to indicate that
there were two stages in ageing, which followed one another closely
or overlapped, and in each of which the mechanisms were different.
The second stage was regarded as the precipitation of particles of
CuAl,, but the evidence for the nature of the first stage was scanty.
Theories for this stage, however, included the rejection of solute atoms
from solid solution with the possible formation of molecules and the
formation of localized segregate regions of solute atoms along certain
lattice planes. Rohner considered that the evidence for the two stages
was not very strong, and suggested that there was evidence for two
counteracting processes, governing one simple kind of ageing. He
differed from most investigators in that he thought it highly improbable
that the precipitating phase should itself cause the hardening, con-
sidering it more likely that the state of the parent lattice was altered
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during ageing, and that this led to the observed changes. In other
words, the process leading to the precipitation of CuAl, would cause
an alteration of the solid solution lattice.

Experimentally Rohner followed ageing by means of electrical
resistance and yield strength changes, Brinell hardness being rejected
as too complex a property to study. In making up the alloys very pure
material was used, and silicon was excluded in order to avoid any
complications. He used alloys of four per cent copper in aluminium,
some of which contained small amounts of manganese and magnesium.

In developing his theory Rohner recognized as proven facts, first
that the ageing reaction involved an alteration of the parent lattice,
and secondly that ageing must consist of two counteracting processes.
It was assumed that solute atoms would migrate from a lattice in which
they did not fit very well to the interstitial lattice spaces. Precipitation
was regarded as being dependent upon a limited solubility of the
solute atoms, i.e. a low affinity between the solute atoms and the parent
lattice. It was reasoned that any diffusion preceding a rejection or
precipitation of solute atoms would take place chiefly by migration
into the interstitial spaces of the lattice, hence the solute atom would
necessarily have an atomic radius less than that of the solvent atom.
Rejection of atoms was assumed to take place at grain boundaries or
mosaic element boundaries, where the detachment of solute atoms
would involve a smaller change of energy and the solute atoms were
postulated to reach the localized areas by diffusion through the inter-
stitial lattice spaces. The migrating solute atom would leave a lattice
site vacant. The vacancy thus formed could move through the lattice
by virtue of the self diffusion of aluminium atoms, and if it reached a
position near a grain boundary it might be filled up and eliminated
by the entry of a solvent atom from the boundary. The life of a vacant
site would thus be determined by the rate of self diffusion of the solvent
atoms. It was thought that vacant sites could also be eliminated by
migrating solute atoms moving in from interstitial space. Working
upon these assumptions, Rohner derived an expression for the manner
in which the concentration of vacant lattice sites changed during ageing
at room temperatures. Further assumptions were then made as to the
dependency of tensile and resistance values upon the concentration
of vacant sites, and equations were developed which would enable the
correctness of the reasoning and the assumptions to be checked.
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Agreement between theory and experiment was good if it was
assumed that the resistance increased directly with the concentration
of vacant sites, while the elastic limit increased with the cube root of
the concentration. It was pointed out that a vacant site would have
a similar effect but more pronounced on the resistance as a stranger
atom in solid solution. The rate of increase of resistance was shown to
be proportional to the rate of passage of copper atoms from the lattice
to the interstitial spaces, that is, nearly proportional to the rate of
formation of vacant sites. The theory also accounted for the small
rate of decrease in resistance at room temperature after long times
of ageing.

To explain the increase of strength during ageing Rohner developed
a new theory of hardening, based upon the effect of vacant sites on slip,
which led to a formula for the elastic limit very similar to that developed
by Bragg for the work hardening of pure metals. According to Rohner
this was not surprising, since in ageing the lattice would be broken up
into slip elements by the vacant sites in a similar manner to which a
lattice was broken up into mosaic elements by cold work. Work
hardening and age hardening were thus ascribed to the same funda-
mental mechanism.

Rohner extended the above conceptions to the more complicated
problems of direct ageing at higher temperatures, including retrogres-
sion effects which appear where ageing continues at a high temperature
after being initiated at room temperature.

In high temperature ageing two difficulties must be explained:
the initial increase in resistance continues for only two hours or so
at 160°C as compared with about 100 hours for the increase in
strength, and the retrogression effect results in an increase of strength
after a preliminary softening. Rohner assumed that at elevated tem-
peratures some of the vacant sites could become electrically neutral
regions which could no longer be filled by solvent atoms and which
would in fact no longer act like vacant sites but more like grain
boundaries. Precipitation would thus be able to take place at those
points located inside the grains. The neutral regions were assumed to
increase the strength similarly to the vacant sites. It would be possible,
however, that vacant sites might join up with neutral regions to form
enlarged regions which would have less influence on the strength
than the sites and regions separately. The effect of neutral regions upon
the resistance was considered to be very much less than that of vacant
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sites, since the former would be electrically neutral, and this effect
would thus be slight, being due only to the decrease in the conducting
cross-section area.

By assuming the formation of neutral regions at the higher tempera-
tures of ageing Rohner was able to explain the hardness retrogression
effect and also the fact that retrogression was not observed in resistance
measurements.

It was thought that the concentration of sites in the alloy would be
limited because the mutual attraction between a negatively charged
vacant site and an electropositive ion in interstitial space might cause
them to associate. At room temperature, where the conditions would
be unfavourable for discharge, a dynamic equilibrium would be
attained. This would result in a constant concentration of vacant
sites, and the supersaturation in the lattice would not be relieved. At
higher temperatures, however, the sites would be discharged con-
tinuously, so that the whole supersaturation could be relieved.

Rohner concluded that though the existence of vacant sites could
not be directly demonstrated, they were to be regarded as the
important factors governing hardness and resistance changes et
during ageing.

Some of Rohner’s assumptions have been criticized as being of
doubtful validity. The idea of interstitial diffusion and the significance
of the agreement between the derived theory and the experimental
results were questioned, and many considered that the theory was not
sufficiently substantiated by experimental data.

CURRENT VIEWS AND FUTURE WORK

Some of the main developments in the theory of ageing have now been
summarized, and in conclusion there remains to be indicated the
present status of the theory.

There is general agreement that the changes observed during ageing
are the result of the decomposition of a supersaturated solid solution.
Subsidiary effects introduced by the heat treatments employed are
generally regarded as being unimportant so far as the mechanism is
concerned. Thus stresses generated during quenching may modify
the subsequent course of ageing but do not affect the fundamental
nature of the process, and should not be taken as the cause of ageing.
This is also true for other similar variables.
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Opinions, however, differ as to which of the alterations in the atomic
structure during the breakdown of the supersaturated solid solution
actually give rise to ageing. Most workers have attributed importance
to distortion effects produced in the solid solution lattice in the vicinity
of localized segregate regions or precipitate particles. Nevertheless
t has been pointed out several times, most recently by Rohner, that
it may not be the localized distortions which give rise to the ageing
changes but rather the alterations which in the parent lattice arise
from the formation of the localized segregates or precipitates. This
problem should be investigated further since it is obviously important
to decide which factors really affect the behaviour of an alloy. It is
a problem intimately connected with the atomic factors governing the
strength and electrical resistance efc of metals. It becomes of impor-
tance to know, for instance, whether defects in the lattice such as
Rohner’s vacant sites have a greater strengthening effect than the
localized distortions postulated in other theories. It may be that both
play a part, but further elucidation would be very welcome.

There are many points which are unexplained by Rohner’s ideas,
but even though some of his assumptions are somewhat doubtful this
thould not be allowed to bias opinion against his theory as, incomplete
though it may be, it has raised a point of much importance.

However if one accepts temporarily the more conventional ideas on
ageing changes, that is, that they are caused by the direct influence of
segregates or precipitates, the problem still arises of relating changes
on an atomic scale to changes in properties which are actually measured.
For the aluminium-copper alloys a fairly complete picture has been
established of the stages leading to the eventual formation of a pre-
cipitate particle of CuAl, via the intermediate stages of Guinier-
Preston zones and 6’. Nevertheless, complexity has been recently intro-
duced even into this sequence, since Guinier now postulates a type
Of superlattice structure in the zones prior to the formation of €',
and Gayler has brought forward evidence for the formation of copper
or copper rich aggregates at a certain stage of the ageing. The exact
nature of the sequence leading to the formation of CuAl, is still,
therefore, not clear. If one turns to systems other than the aluminium-
copper, then there is some evidence to indicate that the breakdown
of such solid solutions is similar to that in the aluminium-copper
alloys. In the aluminium-magnesium alloys Fink and Smith claimed to
have shown that during precipitation the equilibrium phase was
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preceded by a transition structure which gradually transformed to
the equilibrium phase. This paralleled the later stages of the aluminium-
copper alloys, but it was not known whether any stage corresponding
to the formation of Guinier-Preston zones occurred.

A transition structure has also been identified in the aluminium-
silver system by Barrett, Geisler, and Mehl,®! and streaks on x-ray
photographs, similar to those in the aluminium-copper system, were
found. It would appear, therefore, that in this system there is a pre-
precipitation aggregation process similar to Guinier-Preston zone
formation. Streaks have been observed in the aluminium-magnesium®2
system, where it has been concluded that they are due to an alteration
in the structure involving new atomic sites and not merely a shifting
of atoms to certain of the existing sites. Despite this knowledge,
however, relatively little is known about the changes leading to
precipitation, and this lack of knowledge is an obstacle to the formu-
lation of any complete theory of ageing. (But see also note on p.
233.)

If the aluminium-copper alloys are considered as being those about
which most is known, then of the observed changes in properties
formerly classed as anomalous, the majority have been explained.
Unfortunately, however, the correlation between atomic structure and
measurable properties such as hardness and electrical resistance is poor,
and the fundamental reasons for the observed hardness and resistance
changes are still obscure. Mott’s explanation of resistance changes on
the basis of a critical size of segregate or precipitate exerting the
maximum diffracting influence upon the electrons seemed at the time
the only possible explanation though strains present in the lattice
might exert a considerable effect. Mehl and Jetter have also pointed
out the possible importance of strain. It still remains to be proved
whether a critical segregate or particle size has more or less influence
than lattice distortion, and in what proportion. More knowledge is
required about the effect of lattice strain on hardness and resistance and
about the distinction if any, that can be drawn between lattice strain
generated in different ways.

Owing to the difficulty of correlating observable and measurable
changes in properties with changes on an atomic scale, it would
seem advantageous to follow ageing by the simplest possible methods,
enabling observed results to be related accurately to atomic behaviour.
Thus mechanical tests such as hardness and tensile strength should
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give way to measurements of say the elastic limit, as the latter quantity
would seem easier to interpret in terms of atomic behaviour.

Gayler’s recent microscopical work has opened up a new method of
study which when used in conjunction with electron microscopy
should, in skilled hands, be capable of yielding further information.

There are many additional points upon which relatively little
work has been carried out and which are still in need of explanation.
The extent and the intensity of the changes produced by ageing and
the rate at which they are produced are both questions of considerable
importance which merit further attention. In some systems small
quantities of solute can produce considerable changes in properties,
whereas in others comparatively large amounts of solute exert little
effect even though the condition of decreasing solid solubility with
decreasing temperature may be fulfilled. The effect of small amounts
of additional elements upon the ageing of binary alloys can also be
quite marked at times. The reasons for such effects are not known with
any certainty, though various theories have been advanced. More
work upon such topics would therefore be very useful.

The tendency, in the latest ageing investigations, to use very pure
binary alloys represents a considerable improvement on some of the
early work where the compositions used were not very carefully
controlled. Composition would appear to be an important variable,
and careful control is essential in order to ensure results of a funda-
mental and reproducible nature. An element of doubt as to the
validity of any particular theory must always arise if the evidence
upon which the theory is based has been obtained by several experi-
ments, each of which used a slightly different composition of alloy.

In conclusion one can say that a great deal has been achieved in
working towards a general theory of ageing, but much yet remains
to be done. The dispute between the precipitation and pre-precipitation
theories largely disappeared when it was realized that the argument
was mainly a question of terminology. The problem now to be faced
is that of the continuous series of changes involved in the breakdown
of a supersaturated solid solution. This breakdown must be studied
in a variety of ageing systems by means of techniques which are readily
related to fundamental atomic behaviour, so that any common
behaviour which is found can be integrated into a general theory of
ageing.
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NOTE ADDED IN PROOF

A recent review by HArRDY®® contains an excellent summary and
analysis of the information available on the changes leading to the
eventual formation of equilibrium precipitate phase, by the decomposi-
tion of supersaturated solid solutions in various systems. He mentions
two different interpretations that can be put upon streaks on x-ray
photographs, i.e. that they are due to localized segregations as has
been commonly assumed, or that they are due to actual formation of
thin plates of transitional precipitate. He attempts a reconciliation of
the two viewpoints in terms of the particular nature of the atoms in
different systems.
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HARDENING RESPONSE OF STEELS
E. H. Bucknall and W. Steven

THERE 15 in metallurgy no subject which is at once so old and so new
as the hardening of steel by heat treatment. Practice in hardening
steels goes back to remote antiquity, but only within the closely
circumscribed limits imposed by the shallow hardening response of
plain carbon steels. Until eighty years ago, when the first useful alloy
steel was introduced, it is doubtful whether full hardening had ever
been achieved throughout the section of any piece of steel much over
one inch thick. Since the introduction of alloy steels both the practice
and theory of hardening have advanced rapidly, and it is to be expected
that within a few years a basis will have been established for the rational
selection of steels for engineering applications and that full advantage
will invariably be taken of their hardening capacity. The following
account of recent investigations of the hardening depth and trans-
formation mechanism of carbon and alloy steels gives encouragement
for this view.

It is well known that the hardening of steels arises from the breakdown
of an interstitial solid solution formed by carbon in gamma iron
(austenite), the breakdown being associated with the passage of the
iron to alpha iron (ferrite) in which carbon is much less soluble than
in gamma iron. The iron-carbon phase diagram as usually drawn
indicates that in pure iron-carbon alloys the maximum carbon content
of austenite is 1-7 per cent by weight at 1130°C, but it is unusual to
harden high carbon (hyper-eutectoid) steels from above about 780°C
and it is therefore rare for the carbon level of austenite to approach
closely to this maximum. The solubility of carbon in austenite falls
steadily from 1-7 per cent at 1130°C to 0-8 per cent at 723°C, the
eutectoid temperature, with the rejection of iron carbide, Fe,C (cemen-
tite), from austenites of higher carbon contents under normal (meta-
stable) equilibrium conditions. Under the conditions represented by
the phase diagram, ferrite separates from hypo-eutectoid steels along
a line joining the eutectoid point to the gamma/alpha transition
temperature of iron, 910°C. Below the eutectoid temperature the
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phase diagram indicates the coexistence of ferrite and cementite, which
occur in slowly cooled steels as mixtures of the eutectoid (pearlite)
and ferrite or cementite, according to composition. Since cementite
is a hard constituent, of approximately 840 D.P.N., decomposition of
austenite as indicated by the phase diagram can imply considerable
hardening, but it is the ability of austenite to supercool below 723°C
and to yield metastable phases in fine states of aggregation or to
transform to martensite, which opens up the opportunity of securing
great increases of hardness in iron-carbon and related alloys.

Hardening steels to good advantage involves securing a satisfactory
approximation to the maximum hardness of which the steel is capable
and obtaining this degree of hardening to a required depth, without
setting up in the steel either distortion or severe internal stresses likely
to lead to immediate or delayed cracking.

Since commercial steels, apart from tool steels and case-hardened
steels, are rarely employed in the fully hardened state, a further factor
is generally involved, namely tempering.

Tempering tends to obscure evidence of unsatisfactory hardening,
and those who handle only finished components are therefore often
unaware how common is the failure to secure full hardening in com-
mercial heat treatment. GriFriTHS, PFEIL, and ALLEN! have published
photomicrographs of commercial forgings sectioned after oil quenching
but before tempering which showed failure to obtain complete trans-
formation to martensite on oil quenching. The structure of one of
the components examined by them consisted entirely of a dark-etching
intermediate transformation product formed above the martensite
range, while others comprised mixtures of martensite and intermediate
transformation products, apparently distributed according to a den-
dritic segregation pattern in the forgings. The areas of intermediate
transformation products were associated with inferior mechanical
properties, including a lowered fatigue ratio, and are therefore liable
to be the areas in which fatigue cracking starts. From the same paper
the photomicrographs reproduced in Plate XXXIII are taken, showing
the structures developed in oil quenched bars, 1} inch in diameter, of
four steels, any of which might be thought suitable for use in that
section. As the depth hardening characteristics of these steels improve
(from right to left in the illustration), success in achieving a fully
martensitic, light-etching, structure is progressively approached, but
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even in the left hand picture a small percentage of dark-etching
intermediate transformation product is still present. This observation
accords with OLIVER’s view in his résumé of the activities of the Harden-
ability Sub-committee,® that the largest bar diameter of many of the
B.S. 970 En steels which can be fully hardened on oil quenching is
surprisingly small and considerably less than the (maximum) diameters
in which the steels are recommended for service.

HARDENING IN PLAIN CARBON AND ALLOY STEELS

When dealing with steels other than certain high carbon types which
are extremely liable to quench cracking when martensitically hardened
and which therefore may be deliberately ‘austempered’, i.e. subjected
to isothermal transformation in the lower intermediate ranges, or
otherwise only partially hardened, it is the intention when hardening
to cool the steel from the austenitizing temperature in such a way that
it transforms completely to martensite. This constituent is hard and
rather brittle, but on tempering its toughness increases more rapidly
than its strength falls off, and it shows, when tempered, better com-
binations of mechanical properties than higher temperature breakdown
products of austenite. The transformation of austenite to martensite
occurs over a range of temperatures. In iron-carbon alloys the tem-
perature at which martensite starts to form (A4,) is about 460°C at
0-1 per cent carbon, 330°C at 0-5 per cent carbon, and 160°C at
1 per cent carbon,® °1-?2 and there is a corresponding depression with
increasing carbon contents of the temperature at which the reaction
ends (My) which is below room temperature at the higher carbon
levels, so that sub-zero treatments are necessary if retained austenite
is to be avoided.

Rates of cooling intermediate between those which are responsible
for pearlitic structures and for martensite give rise to the intermediate
transformation products already mentioned. These are not so hard as
martensite, and except when formed at low temperatures in highly
alloyed steels have lower toughness than martensite when tempered
to a given hardness. Figure r indicates the general dependence of the
hardness of non-martensitic transformation products on their tem-
perature of formation and on carbon content. The results quoted*
refer to a wide range of steels. The hardness of the transformation
products increases with falling transformation temperature and rises,
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rather slowly, with carbon content. There is considerable scatter of
results at the high transformation temperatures due to compositional
factors, but this becomes small at low transformation temperatures.
The lattice cell of martensite is tetragonal and intermediate in
dimensions between the body-centred
g TTI. tetragonal cell which can be used to
represent the lattice of austenite and
the body-centred cubic cell of ferrite.
The centre and corners of the cell are
occupied by iron atoms, and the mid-
points of the long edges and the
centres of the square faces all provide
S5 oy o7 o o5 o5 o5 oo possible sites for carbon atoms, but a
Corbon Content Per Cent maximum of only one twelfth of these

Figure 1. Hardness of isothermal . e ge e
transformation products in relation to SIS €an be occupied in view of the
temperature of formation and carbon  limited maximum carbon content of
content austenite of 1-7 per cent.’ The tetra-
gonality of martensite is evidently caused by the carbon in solution.
There is direct evidence in the composition range above 0-6 per cent
carbon that the tetragonal ratio is proportional to the carbon content.®
Rather surprisingly, the hardness of martensite is not directly related
tothetetragonalratio. Figure2 7o

60 Tronsformotion

Hordness, Rockwell C

(8]
shows that hardness increases s v
. . 3 &7
rapidly at first with carbon ¥ ,, P
content but beyond about 0-6 ¢ zﬁvg
per cent is practically con- g.ro L?" o ally
7,93—05 .8 o Cor
s'tant.. ) The form of rela- ¢ I Ix McQuaid, Sykes & Jeffries
tionship raises doubts as to § " &34 Grossmann l
whether the structures con- /° l |

(o) 020 0-40 0-60 0-80 10

cerned are in reality a con- Per Cent Carbon
tinuous series of martensites, Figure 2. Hardness of fully hardened steels in relation
but the flattening of the curve bo carbon content

is unlikely to be due to retained austenite, since treatment below zero
does little to alter the position. WRrAzEJ® has recently expressed the
view that austenite is not a uniform solid solution and that only one
of the three sub-phases of which it consists breaks down to form mar-
tensite. Wrazej’s sub-phases are gamma G, which is carbon free iron,
gamma S, which has the eutectoid composition and transforms readily
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to martensite on quenching, and gamma E, which contains 1-7 per cent
carbon and is retained as austenite. In his view the eutectoid composi-
tion is 0-888 per cent carbon and contains exactly one carbon atom per
twelve unit cells of austenite.?

Special attention is drawn to the high values of hardness which may
be secured in appropriate sections at low carbon levels in plain carbon
steels. These are equivalent to tensile strengths of 80 tons/in? (126
kg/mm?) at 0-1 per cent carbon, 110 tons/in? (173 kg/mm?2) at 0-2 per
cent carbon, and 130 tons/in? (205 kg/mm?) at 0-3 per cent carbon,
rising to 160 tons/in? (252 kg/mm?) at 1 per cent carbon. The hardness
figures quoted in Figure 2 can only be attained if the steel is fully
austenitized and all the carbides are in solution. Where carbides
remain undissolved at the austenitizing temperature, the effective
carbon content of the austenite is, of course, correspondingly reduced.

All commercial steels, whether rated as alloy or plain carbon types,
contain other elements in addition to iron and carbon. WEVER!?
showed, as long ago as 1931, that the action of added elements is depen-
dent on their position in the periodic table and on their atomic radius.
For instance, the alkali and alkaline earth metals, which have large
atomic radii, are insoluble in iron, while the elements with small
atomic radii give binary diagrams with iron having open gamma fields
(i.e. they promote austenite formation), and the transition elements
together with certain others give gamma loop diagrams (i.e. they
promote ferrite formation). The width of the gamma loop is 11-6 per
cent for chromium, 4-8 per cent for tungsten, 3 per cent for molybdenum,
2:5 per cent for silicon, 1-1 per cent for vanadium, about 1 per cent
each for aluminium and titanium, and 0-55 per cent for phosphorus.
When the content of gamma loop elements is progressively increased
an increasing proportion of the structure becomes occupied by stable
ferrite, which is not convertible to austenite on heating and therefore
affords no possibility of transformation hardening on cooling. A
similar inability to transform can be induced by addition of austenite
promoters, ¢.g. nickel, manganese, nitrogen, copper, and cobalt. Car-
bon is often listed with the austenite stabilizers, but its main effect is
indirect, arising from its strong tendency to combine with ferrite
promoting elements.

Figure 3 shows the effects of alloying elements on the maximum solu-
bility of carbon in austenite. All elements lower the solubility, the
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ferrite promoting elements acting strongly. As pointed out earlier,
lower carbon content of the austenite in hardenable steels is usual
in practice, so that the eutectoid carbon content may prove a more
important figure than the maximum solubility limit for austenite. At
one time it was believed that the eutectoid composition was reduced
by all alloying elements, but it is now established!! that the carbon
content of the eutectoid is raised

19
steadily by those elements which form
AN lcg —T—Co| stable single carbides, while other
N, ) elements, including molybdenum,
g \\\ chromium, tungsten, manganese, and
N \\/A \c nickel, at first lower but afterwards
2 /0 R <L . .
§ \ raise the figure. Itis also well known
8 \ that alloying alters the temperature
o5 S of the eutectoid formation, which
\‘Mo usually occurs over a range of tem-
perature in alloy steels.
An extended discussion on the in-

(@) 5

Alloymg Element Per Cent teraction of alloying elements on the
Figure 3. Effects of alloying elements ~ constitution of steels at austenitizing
on maximum solubility of carbon in  temperatures is given in a recent

austenite .
theoretical paper by ZENER.!?

While the considerations outlined above place limits on the com-
position and temperature ranges in which alloy steels are capable of
full austenitization and of transformation to ferritic structures, within
wide ranges alloying elements play only minor parts as regards maxi-
mum attainable hardness, which when carbides are fully in solution
remains essentially as represented in Figure 2, and there is surprisingly
little difference between the effects produced by the austenite- and
ferrite-promoting elements on the ease with which full hardening is
realized. Practically all additions of either type are favourable.

In view of the complex connection between composition and
austenitizing behaviour in alloy steels, a practical test to confirm that
full hardening can be secured from a selected austenitizing temperature is
a necessary stage in laying down the hardening treatment for a new steel.

THERMAL ARRESTS AND COOLING SCHEDULES
The modern outlook on the hardening of steels proceeded from the
observation that the critical points on thermal cooling curves for

240



HARDENING RESPONSE OF STEELS

steels are discontinuously lowered and split by increasing the rate of
cooling. The thermal arrests associated with the transformation of
austenite on cooling are:
Ar;, equilibrium separation of ferrite from hypo-eutectoid
steels
Ar,,, equilibrium separation of cementite from hyper-
eutectoid steels
Ary, eutectoid point
Ar', depressed eutectoid reaction
Ar”, intermediate transformation, not usually seen in plain
carbon steels
Ar'"’, martensite point.

The designation of the intermediate transformation by Ar”’, though
common practice, is misleading since several stages of reaction and an
extended temperature range may be involved. Figure 4is a reproduction
of inverse rate cooling curves!® for a 3 per cent nickel chromium steel
cooled at three different, slow rates. At the slowest rate, represented
by the right hand curve, the steel suffered a small Ar’ arrest but reached
the point K substantially untransformed, at which stage a thermal
arrest started which apparently reached its maximum intensity at
485°C, though transformation was still proceeding at a much lower
temperature, as evidenced by the bulge at 395°C. When cooling was
faster, though still relatively
slow, the main arrest wascon- o5 /0000

f Ana(ys]/s
centrated round a lower tem- © C O03I% Si 07 %
perature (467°C on the left & N S35 % Me 007X
hand curve) and the second 5[ &% °‘f‘n’,’,ff,,.’3;"5, 560 - then |
bulge waseliminated. Itisem- © . o oot €

. Y N
phasized that all the arre.sts Pl g 6000 .
referred to correspond to in- g §
termediatetransformationsin < 485°C
the steel and reveal the com- 40| 4000 *2467%; e
plexity of Ar”’, which emerges 380°C 395 —>4,
as a transformation without a Point &
fixed temperature of onset <! <% = Z 3
for a givcn steel. Time in Minutes to Troverse SO Microvolts

Cooling curves, such as Figure 4. Inverse rate cooling curves for
those given in Figure 4, or 3 per cent nickel-chromium steel
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more particularly curves extended to embrace a wider range of cooling
rates, give information on the critical rate of cooling which must be
imposed upon a steel to secure full hardening and on the manner of
breakdown of the austenite if the critical cooling rate is not attained,
but there are other more convenient ways of studying these matters
which yield at least semi-quantitative data concerning on the one hand
depth of hardening or hardenability and on the other hand the trans-
formation characteristics of steels. These methods ofattack are described
later.

It is accepted as an axiom by steel metallurgists that the same cooling
schedule when applied to the same steel invariably produces the same
microstructure. For a given steel the achievement of a desired structure
is entirely a matter of cooling schedules. Plain carbonsteels, particularly
low carbon steels, require high rates of cooling to yield a martensitic
structure. Even with drastic quenching media such as salt solutions
unalloyed steels cannot be fully hardened in sections much over one
inch in diameter. Additions of alloying elements reduce the critical
cooling velocity and allow large sections to be satisfactorily hardened
in less drastic quenching media such as oil or even air, which are
preferable to water as quenching media because they reduce the danger
of cracking and distortion.

The cooling rate developed during a quench is determined primarily
by the diameter of the bar being quenched and by the quenching
medium adopted, but the rate of flow of the quenching medium and
other factors, such as the initial temperatures of the steel and of the
quenching medium, the total quantity of quenching medium, the
composition of the steel, and the nature of the scale on its surface, may
all exert significant effects, as does also the length of the bar unless this
exceeds approximately seven times its diameter or special arrangements
have been made to restrict end effects.

A widely used index of hardenability is the critical diameter D,.
Strictly speaking, this is the diameter of the largest bar which when
quenched in the specified way will develop a fully hardened structure
at the axis, but there has grown up a practice of using this phrase to
define the bar size giving a half-hard or fifty per cent martensite
structure at the axis. The critical diameter is greater for a steel quenched
in water than for a steel quenched in oil, and for vigorously stirred oil
than still oil. Some of the difficulty which has been experienced in
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rationalizing the subject of quenching arises from the latter point,
because it proves in practice very difficult to achieve exactly the same
effective degree of stirring and efficiency of heat exchange when bars of
different diameters are quenched.

Attempts have been made to assess the influence of quenching
conditions by the introduction of the concept of quenching intensity.
This parameter is based on the simple theory of heat flow which has
been presented by RusseLL!4 and involves assumptions that Newton’s
law of cooling is obeyed during quenching and that the active thermal
characteristics of the steel remain constant over the significant tempera-
ture range.

Newton’s law of cooling states that the quantity of heat leaving unit
surface area of a body in unit time is proportional to the difference
of temperature between the surface and the surroundings. If dQ/d¢
is the rate of loss of heat per unit surface area from a body during the
quench and T, and T, are respectively the instantaneous temperatures
of the surface and of the quenching medium:

dQ/dt = C(T, — T,) e (D)
where C is a constant.

Further, if d7/dr is the temperature gradient in the body at its
surface, then it may be assumed that this is connected with the rate
of heat loss from the surface by:

dQ/dt = k.dT/dr Ce (@

where £ is the thermal conductivity of the steel.
If equations 1 and 2 are combined, we have:
dT/dr = Clk (T, — T,)

The factor C/k, which has the dimension length—1, has been given
the symbol % and is used as an index of the cooling power of the quench-
ing medium. In America His used, where H = #/2. k provides a means
of conversion from one set of conditions to another, but on its own does
not define cooling rate. Thus, excluding stirring effects, the same £
value is attributed to a given quenching medium independent of bar
size or initial temperature. Recent work by Jones and PUMPHREY!®
indicates that the theory must be used with caution, since calculations
from observed cooling rates for oil and water quenching did not accord
with constancy of % if the thermal diffusivity of steel was accepted as
constant.
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This is perhaps not unexpected, as three stages of quenching are
recognized for volatile liquids:

1 Astage in which the bar is enveloped in a quiescent vapour
film and heat transfer takes place by radiation.

2 A stage in which boiling of the medium occurs and heat
transfer is at a maximum.

3 A stage of continuous liquid/solid contact during which
heat transfer takes place by convection and where factors
such as the viscosity and thermal conductivity of the
medium are therefore important.

The relative duration of the three stages depends on the quenching
medium. Itis commonly urged that a new quenching medium which
combined faster cooling in stage r, so as to limit danger of pearlitic
transformation in the steel, and slower cooling in stage 3, so as to reduce
stresses in the martensite transformation, would be advantageous.

In order to express hardenability in general terms, critical diameters
determined in one medium must be restated in terms applicable to
other media. A convenient abstraction is the ideal critical diameter,
Dy, which is defined as the critical diameter for an idealized and
hypothetical quench which reduces the surface temperature of the
bar instantaneously to the temperature of the quenching medium, i.e.
aquench with £ equal to infinity. Iffor all media the inherent differences
in cooling rate could be exactly counterbalanced by changes in bar
diameter, generalization of critical diameters could be effected without
question. In fact it happens that exactly similar cooling curves cannot
be obtained in bars of different sizes quenched in different media, so
that a degree of approximation must be introduced. Two widely used
criteria of cooling are rate of cooling at 1300°F (704°C) and half-
temperature time,?® which is the time taken to cool to the arithmetical
mean of the hardening temperature and the temperature of the quench-
ing medium. In the authors’ opinion the former is the more satisfactory.

On occasion it is required to determine the degree of hardening to be
expected for a steel of known critical diameter in a section for which
the cooling curve is unknown. Provided the thermal diffusivity of the
steel can be assumed normal or is known, cooling curves can be cal-
culated to meet such cases. The most usual procedure is via the simple
theory of heat flow already outlined,’* but an empirical method
described by Frencr and Kropscr!® is also satisfactory. For simple
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shapes, the cooling time taken for the centre to reach a given tempera-
ture, minus a correction known as the ‘time lag’, proves to be proportional
to the surface area per unit volume raised to a power n, having a value
between 1 and 2. The precise value of n depends on degree of stirring
etc but average figures are 1-7 for water, 1-4 for oil, and 1-1 for air.
The time lag is defined as the time required for two per cent of the total
temperature change and is again controlled by the volume/surface
ratio. Recent work by Post, FETZER, and FENSTERMACHER!? has
confirmed the factor of French and Klopsch for air cooling.

The development of the differential analyser!® has opened up the
possibility of taking account in cooling curve calculations of variations
of the thermal characteristics of steels with temperature. A simple con-
cept arising from such work?!? is that the time lag between the cooling or
heating curves at the centre and outside of a bar equals r%/4d for a
cylinder of radius r, where d is the thermal diffusivity. The values of d
for steel usually lie between 25 and 50 sq in/hr (161 and 323 cm?/hr).
This simple rule applies only for steady cooling and cannot be used in
the immediate vicinity of transformation temperatures. Nevertheless
it is of great service in estimating temperature gradients within
cooling bars.

EARLY MEASUREMENTS OF HARDENABILITY

In GrossMANN’s pioneer work?® a series of round bars of a plain carbon
steel from 4} in to 24 in. (1-7 cm to 6-3 cm) in diameter was quenched
in water, sectioned, and etched to reveal the hardened case and soft
core. Inbars having diameters of 1} in (2-8 cm) or more an unhardened
core was found, the size of which increased progressively with bar
diameter. When the diameter of the unhardened core, D,, was plotted
against bar diameter D, the diameter at which D, was zero was readily
interpolated.

On other occasions, especially with alloy steels, a sharp line of
demarcation could not be brought out by etching, and here Grossmann
relied on the indication of the transition from case to core afforded by
hardness measurements, interpreted in terms of the hardness associated
with a fifty per cent martensite structure H,,op. GROSSMANN?! has
suggested that the half-hard structure has a hardness which is primarily
determined by carbon content and is only slightly affected by a.iloying.

To determine the hardenability on this basis, a series of bars of graded
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sizes is quenched, sectioned transversely, and the hardness determined at
intervals across the diameter to provide hardness traverse curves. The
value of D, /D is then assessed for each of several curves intersected by a
common hardness line, preferably Hsoysm. Characteristic curves of
D,/D against D can then be drawn and the critical diameter (D)
derived. Since the steepness of the characteristic curves was shown on
Russell’s theory of heat flow to be typical of quenching intensity, being
steeper for lower values of 4, a nomograph can be developed?® which
allows both D, and % to be deter-

ssol i mined and D, to be converted to Dj,
i the ideal critical diameter.
o0 [ Although direct determination of
ssot T hardenability on quenched bars may
00 - \“_‘i - ;_f. ! . at first sight appear more certain asa
N N R method of assessing hardenability
g ssor '\ S M /S 47 | than less direct methods, this is not in
E 500 “ “ﬁ‘ "',‘ {J' ’,'::: “'” fact the position. As will have been
o & '.‘.‘ N ',"I' *i|x  |seen, it is usually necessary to intro-
wor ..,"-! ?,",.. duce some indirect stage in defining
400 s critical diameter, normally hardness
ol e measurement. Hardness traverse
curves are rarely if ever of the smooth

15 10 05 O 05 10 I5 . .
Distance from Bor Axis, Inch U shape which might be expected.

Figure 5. Experimental hardness They are usually irregular, and
traverse data and calculated hardness

individual results show wide scatter.
traverse curves

A typical set of experimental results
is given in Figure 5,37 which is discussed in greater detail later. While,
with rigorous precautions in quenching, some scatter might have been
eliminated, it has been established3¢ that transverse variations of
hardenability exist within normal commercial steel bars.

Even under uniform quenching conditions smooth hardness traverse
curves cannot be obtained, and correlation of one quenching condi-
tion with another is difficult. Nevertheless, the study of the hardness
traverse curves of quenched bars has proved useful in the study of the
response of steels to quenching since the experimental techniques

employed relate directly to conditions encountered in heat treatment
practice, (
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THE JOMINY END QUENCH TEST
The study of hardenability by normal quenching methods is both
time consuming and laborious, involving the use of considerable
quantities of steel in the form of bars of different diameters not always
available under laboratory conditions. A simple test which is free from
these criticisms was described in 1938 by JomiNy and BoeceHOLD.23
The Jominy or end quench test, as it has come to
be known, makes use of a single test piece which con-
sists of a cylinder 4 in (9-16 cm) long by 1 in (2:54 cm)
diameter with a flange or collar at one end which
is used to support the specimen in a quenching jig.
The test piece is heated to the normal quenching tem-
perature for the steel under test, held at that tem- o'
perature for a specified time, and transferred to the - Eﬁzﬂ‘l
quenching jig, which allows the specimen to hang T i
vertically and symmetrically over a 4 in (1-2 cm) | “%s [
diameter water jet orifice as shown in Figure 6. The [
water supply is then turned on and a jet with a free 4* L/,
height of 24 in (6-3 cm) impinges on the end face |
of the test piece. The steel cools very rapidly at the |
quenched face and progressively less rapidly towards
the flanged end. When cold, the test piece is removed %~ i

y Y2"O10

from the jig and its hardness determined at intervals

along its length on d%ametrically opposite. flats ground Figure 6. Quenching
to a depth of 0-015 in (0-38 mm). Specifications for s/rangements in
the test have been laid down by the S.A.E.23 and  Jominy end
A.S.T.M.,?¢ while the British procedure developed quench lest
by the Hardenability Sub-committee of the Special and Alloy Steels
Committee is described in the recent hardenability symposium.?°

The hardenability curve is obtained by plotting the hardness values
against the distance from the end quenched face. A shallow hardening
steel hardens only near the quenched face, giving a curve which shows
rapid decrease of hardness at a short distance from the end quenched
face, similar to curve A in Figure 7. A deep hardening steel, on the other
hand, hardens over the whole length of the test piece, giving an almost
horizontal curve similar to curve B in Figure 7. The standard Jominy
test discriminates most effectively between steels in which the main
fall of hardness takes place around one inch from the quenched end.
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It is less satisfactory for shallow hardening or very deep hardening
steels.

Since the rate of cooling of a Jominy test piece during end quenching
decreases steadily along the length from the quenched end to the flanged
end, the hardenability curve is virtually a curve relating hardness to
rate of cooling. The charts issued by the S.A.E. incorporate cooling

900 | . : ‘ rate data.?? The rates of cool-

A CO4/ MnO7 M0-70 Cro-23 Moo+ | ing along the length of the
800}~ 8 CO-42 Mn0 64 Ni 250 Cr078 Mo 0-60

test piece have recently been

700\ .
8 \\ s redetermined by RUSSEL.L
< 600 and WiLLiamsoN.28  Their
£ 00 \ results, which did not agree
b . -
$ \ with those previously ac-
400 . .
\ cepted in America, have been
Joo N y confirmed by a recent in-
200 vestigation.2® Russell and
o oS 10 s 2:0 25

Distonce from Quenched End of Jorminy Bor, Incn Willilamson’s work shows that
Figure 7. End quench hardenability curves for all the more important low

two steels, A shallow hardening and B deep alloy engineering steels cool

hardening at similar rates when end
quenched, but it should not be assumed that the same cooling rates
apply to all steels. Certain steels, e.g. silicon-chromium and silicon-
molybdenum steels, have significantly different thermal properties
which lead to appreciably different cooling rates during end quenching.

It has been shown that the Jominy end quench test is insensitive to
quite large variations of end quenching conditions, and no difficulty
is experienced in getting satisfactorily reproducible results provided
the material tested is of uniform hardenability.2?

The distance from the quenched end to the position of some specified
hardness value, e.g. the hardness corresponding to a fifty per cent
martensite structure, or to the point of inflection of the curve, often
provides a useful index of hardenability, but in America the use of the
Jominy test as a routine production control test for successive casts of
steel has been mainly in terms of hardenability bands, the whole curve
being required to fall within specified limits.2® Figure 8 shows the spread
of experimental results found in the end quench test as normally
carried out on 1} in bars of Enl6, a typical En steel.®® A summary
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of the average hardenability curves for representative En steels, as
assessed by Crarts and LAMONT,?® is given later in Figure 12. An
instance where it is essential to report the complete Jominy curve in
order to demonstrate a compositional effect has been presented by
PumpHREY and JonEs,3® who have shown that differences in prior
heat treatment alter characteristically the shape of the later part of the

700 T

600
N

Hardness H, /30

Distance /Irom Water Quenched End Inch

Figure 8. Spread of experimental results for nineteen casts of Eni6 steel

end quench curve of hyper-eutectoid chromium-molybdenum steels.
Corresponding work on titanium steels has been described by
NorTrCOTT and McLEAN.3!

To convert the results of an end quench test to ideal critical diameters,
use is made of a method similar to that adopted for the conversion of
D, diameters to D;. If the point on the end quenched test piece at
which a fifty per cent martensitic structure is developed cools at the
same rate as the centre of a bar of diameter D, when quenched in the
specified medium, then D, is the critical diameter of the steel. The
approximations most frequently used to define cooling rates are again
the rate of cooling at 1300°F (704°C) and the half-temperature time.
RusseLL?® has provided a nomograph for such conversions on the basis
of half-temperature time.

Figure g shows the cooling curves of several points along a length of a
test piece during end quenching?® together with the cooling curves
determined at the centres of a series of constructional alloy steel bars
quenchedinoil. Theoil quenching curves have a distinct time lag* before

* This is, of course, the same feature as is recognized in French and Klopsch’s work.1*
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the temperature starts to fall, whereas there is no corresponding time
lag on the Jominy cooling curves.

If the half-temperature time is used to match cooling curves this
difference in shape is given

1000 Cooling Curves for .
emm Vorious Positions great importance, though the
olorg Jorniny Ber only differences which are
800 SN Exper/mvnlal Coo//ng — .. L.
——= Curves for O¢ Quenched | likely to be significant are

© 8 .
o o those at possible transforma-
D . . .
§ 600| ou Quenched ThY tion temperatures, .. dif-
& . .
£ Bor Drometers N\ \ 3¥%t~-___| ferences in rate of cooling at
h 400| Drstance from)i \ \ ] the lower temperatures. If a
Quenched En A N 2 . . d
of Jominy Bor, Jominy cooling curve and an
Tneh oil quenching curve have
200 .
o 50 100 equal half-temperature times

nd imi
Time  Seco they cannot havesimilar rates

of cooling in the transforma-
tion ranges.

In Figure g the cooling curves are displaced along the time scale
so that all the curves intersect at 700°C. This reveals a marked simi-
larity in shape between Jominy cooling and oil quenching curves below
700°C, particularly in the case of the one inch Jominy position and the
cooling curve for the centre of a three inch diameter bar. It would
appear that any criterion based on cooling at or below 700°C is to be
preferred to one which involves higher temperatures. The cooling
curves given in Figure 9 endorse a point made in the discussion at the
hardenability symposium, that the connection between distance along
the Jominy bar and diameter of the oil quenched bar with a similar
cooling rate at the centre is practically linear over the size range in
which the test is most effective, though the connection with ideal
critical diameter is less simple. Whatever the system used in conversion,
it turns out that a distance along the Jominy bar corresponds to a
diameter approximately 25 to 3 times as great.

Jominy claimed that the end quench hardenability curve could be
used to forecast the hardness distribution within bars, quenched by
normal total immersion methods, by following substantially the same
procedure as described for the derivation of critical diameters.
Experience has shown, however, that the derived results are no more
than rough approximations. -

Figure 9. Cooling curves at positions on a Fominy
lest specimen and at the centres of bars quenched in oil
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The main reason for this is the existence of longitudinal and transverse
variations of hardenability within the section of steel bars regarded as
sommercially satisfactory. If

an ingot of steel is rolled to a 500} Topl \ /-7bp|

| . . Midadl

sar of approximately the dia- 400 Bottors Bottom
meter of an end quench test %300 b e

piece and hardenability §

. B
curves are determined on a $ 500
number of pieces, very little <00

variation of hardenability is 7%°

. 200l€c . , . ,
observed. Tests on similar o 04 o8 0 04 o8
Oistonce from Quenched £nd of Jominy Bar, Inch

samples from different ingots .
samp g Figure 10. Hardenability curves for three ingots from

ofthesame castingeneralalso  one cast of an Engs steel. a Ingot 1 b Ingot 10
show satisfactory agreement. ¢ Ingot 18 d Total range of hardenability observed
. . in ingots 1, 10 and 18
These points are both illus-
trated by Figure 10, which shows the hardenability variation observed in
1} in (2-8 cm) diameter bars derived from the top, middle, and bottom of
the first, tenth, and cighteenth ingots of a cast of En35 steel.?3 In these
tests only the surface material has been tested. If, on the other hand, end
quench test pieces are machined from off-centre positions of a larger
bar, considerable variation of harden-

ability can readily be demonstrated.

3
S

For example, when test pieces from

& positions in a billet as indicated

[ Flots 175 %\.}\\7\3:.\_\.\}»“\\“\““ in Plate XXXIV were end quenched

.o ol . 1]in the normal manner and flats

08 76 24 ) )

Distance from Quenched End ground for hardness testing, wide
of Jormny Bor, Inch o« L . o

variations in hardenability were re-

Figure 11. End quench hardenability yesled 34 a5 shown in Figure 1. Con-

curves for different positions within section i .

of NE8630 steel siderable evidence was accumulated

by the Hardenability Sub-committee

to show that longitudinal and transverse variations of hardenability

were characteristic features of normal commercial steel. These

variations do not follow a strict pattern, but certain broad trends

have been observed. The hardenability of the steel near a bar surface

is usually fairly uniform, but the hardenability at the axis varies

longitudinally and is usually lower than that near the surface, although

251

8

SANTRY

g

PR

Hordness H,/30 (Converted)
O



PROGRESS IN METAL PHYSICS

examples have been reported where it is higher. There is also fre-
quently a peak hardenability somewhere between the surface and
the axis, but the magnitude and position of this may vary along the
bar.3%37

A method has been described for revealing the pattern of the harden-
ability variation across the section of a bar, involving macro-etching
transverse slices which have been incompletely isothermally transformed
at a temperature where the material of higher hardenability undergoes
slower transformation than the material of lower hardenability.34
If transformation is arrested by quenching at an opportune stage, a
structure will be developed consisting substantially of intermediate
product or pearlite in the zones of low hardenability and largely of
martensite in the zones of high hardenability. A section treated in
this manner is shown in Plate XXXIV.

Additional tests made by the authors have emphasized the frequent
occurrence of hardenability variations across the section of billets. For
instance, in a series of thirteen billets of En steels a distinct variation in
hardening response which could be revealed either by the Jominy test
or by etching after partial intermediate transformation was found in
seven billets, in all but one of which the steel in the centre of the billet
had lower hardenability than the steel near the surface. The variation
was specially strong in the billet of Enl7 (manganese-molybdenum
steel), for which at one inch from the quenched end of the Jominy
bars the Rockwell C hardness varied from 46 to 36 according to position
within the billet section. The results of this investigation are sum-
marized below:

Table 1. Hardenability Variations within thirteen B.S. En Steel Billets

Macro-etching Hardenability Testing
Result No. of Billets Result No. of Billets
Uniform 4 Uniform .. 4
Nearly uniform 2 Almost uniform 2
Faint square 2 Soft centre . . 3
Distinct square 3 Very soft centre 3
Prominent square 2 Slightly hard centre 1
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Chemical analyses carried out near the outside and the centre of the
billets showed only very minor differences in composition which were
no greater for the steels with marked variation of hardenability than
for those which were substantially uniform.

The cause of such hardenability variations is not altogether clear.
Some may be accounted for by chemical segregation on a macroscale,
but others are not readily explicable. For example, the hardenability
pattern shown in Plate XXXIV cannot be accounted for by chemical
segregation or grain size variation. Analytical surveys by normal
methods and by the traversing spectrograph technique both failed to
yield positive results. BARDGETT has reported that oxygen segregation
does not account for the variations, but so far as is known the possible
influence of hydrogen has not been examined.3%

The zones of low hardenability frequently observed at the centre of
bars may prove to be accounted for ultimately by dendritic or micro-
segregation. The fact that banding is usually more marked towards
the axis of a bar is evidence of a greater degree of microsegregation at
this position. Segregation on this scale would not be revealed either
by normal analytical methods or by current spectrographic techniques.
It is conceivable that the zones of lower alloy content, and therefore of
lower hardenability, would act as nuclei promoting the breakdown
of the zones of higher alloy content, giving an overall effect of decreased
hardenability relative to the more uniform surface material. End
quench hardenability curves frequently indicate that the central zones
of low hardenability are not capable of developing as high a maximum
hardness as zones of high hardenability near the bar surface. This
might possibly be due to formation of less soluble carbides in the highly
alloyed zones of microsegregation or alternatively to a greater tendency
for the retention of austenite.

In view of the known variations of hardenability within steel bars, the
hardenability of a cast of steel or even of a bar of steel cannot be
defined adequately by a single end quench hardenability curve but
only by a band of curves determined at different positions within the
steel. The most satisfactory, simple method so far available of obtaining
such a representative set of curves involves end quenching a test piece
machined from a position half an inch off centre from a 2} in to 2} in
(57 to 6:3 cm) diameter bar and testing the hardness on three flats
ground 90° apart.3¢ There is every likelihood that a series of tests of

253



PROGRESS IN METAL PHYSICS

this type would give a fair indication of the total range of hardenability
existing within the product of a cast of steel. If then all subsequent
considerations were based on the curve of lowest hardenability, a satis-
factory margin of safety would be automatically ensured. A similar
though rather more elaborate procedure has been recommended by
WaLkEeR, EckerL, HiNo, and MUELLER.38

The known transverse and longitudinal hardenability variations
largely account for the failure of the method proposed by Jominy for
forecasting quenched bar hardness traverses from end quench harden-
ability curves. For example, Figure 5 shows hardness results across
En11037 steel quenched in oil in several different sizes, the experimental
points being indicated by dots and crosses, curves calculated from
Jominy end quench tests being superimposed. The curves drawn as
full lines were calculated using an end quench hardenability curve
determined on a sample machined from 1} in (2-8 cm) diameter bar,
thus ignoring transverse hardenability variations. The broken curves
were calculated taking into account the hardenability variations. It
will be seen that the agreement is much improved as compared with
that for the full curves though still by no means exact. The experimental
technique involved, however, is extremely cumbersome, and in practice
it would be much simpler as well as more accurate whenever hardness
traverse data are required to section quenched bars of various
sizes than to arrive at indirect estimates of the transverse variation of
hardness.

It must be accepted that the end quench test cannot be used to fore-
cast the hardness distribution within quenched bars accurately. Never-
theless, as pointed out by JoNEs and PuMpPHREY,3® there is no doubt
that a relationship exists between the hardness of the Jominy bar and
of oil quenched rounds. Indeed, the test would serve no useful purpose
as a measure of hardenability if an approximate correlation did not
exist. Although experimental scatter is great the correlation is high
enough to be useful, so that if a steel is required which will develop a
certain hardness in a certain bar size it is possible by considering end
quench hardenability curves to sort available steels into three classes:

1 those which are definitely too shallow hardening,
2 those which are marginal,
3 those which have adequate hardenability.
To test the depth hardening potentialities of a wide variety of steels
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by normal hardening and tempering methods would involve a great
deal of work, but, by using the Jominy test as a preliminary selection
test, those steels which are definitely inadequate can be readily elimi-
nated. Modern specifications refer to maximum ruling sections of
6, 4, 23, 14, and 1} in (15-2, 10-2, 6-4, 3-8, and 29 cm), of which
the two extremes fall outside the range within which the standard
Jominy test can be usefully applied. For 2} and 14 in diameter sections
the specifications demand certain mechanical properties at the centre,
while for a 4 in section mid-radius properties are specified. It has been
pointed out that for a steel to stand any chance of meeting specification
requirements in 14, 24, and 4 in oil hardened sections it must develop
adequate hardness 5, 1§, or 1§ in (11:1, 246, or 34-9 mm) along
the end quench test piece, while further steels can be eliminated if a
certain excess of hardness is demanded as a tempering allowance, the
amount depending on specification requirements, e.g. it may be anything
from 50 D.P.N. upwards.32

Perhaps the most striking example of the usefulness of the end quench
test was its successful application in the development of the American
NE (National Emergency) steels. In 1943 the Americans were faced
with the necessity of severely reducing their consumption of certain
alloying elements. This demanded the development of an entirely
new series of steels to replace the standard S.A.E. steels, which would
make full use of the alloying elements in more plentiful supply and make
the least possible demand on those metals in short supply. In view of
the limited time available the more orthodox methods of developing
new steels were impracticable, and the end quench test had to be used
as the chief method of assessment of interchangeability. The principle
adopted was that if the end quench hardenability of one of the new
NE steels was similar to that of an S.A.E. steel, then it was regarded as a
possible substitute. Its ultimate acceptance as an official replacement
depended on the results of subsequent experience in production and
application.

In this connection it is interesting to recall that CRAFTs and LAMonNT 29
demonstrated the existence of a systematic relationship between the
hardenability and the mechanical properties required of the B.S. En
series of steels. They classified the average end quench hardenability
curves of the various En types into groups according to the tensile
strength specified at a maximum ruling section of four inches. The

255



PROGRESS IN METAL PHYSICS

average curve for each of these groups is reproduced in Figure r2. It
will be noted that the end quench hardenability and the specified ten-
sile strength increase uniformly up to a tensile strength of 60 tons/in?
(94 kg/mm?2).

TESTS FOR SHALLOW HARDENING STEELS

Other tests have to be applied in studying hardenability outside the
Jominy range. The Shepherd PF (penetration fracture) test, although

S ; one of the oldest hardenability tests, is
g i'.:-:.“":ff_ﬁ?::.‘_;:l‘:..:.’ still the most satisfactory for shallow
g Q.\'\.\: “5"=%-=-4 hardening steels of the low alloy tool
gzo ;\ e L ': i ~|=—=| steel type. For this .test a series of
3 T—T————| samples, each } in diameter by ap-
« proximately 3 in long, is quenched

o (&%) 10 &) 20 25

Distance from Woter Ovenched End nch from different austenitizing tempera-

Figure 12. Composite diagram of Jominy tUTES under standard conditions in 10
curves representing the average degree of per cent brine. After quenching, the
hardenability in En steels in terms of the c3ppleq are fractured transversely
tensile range for use at 4 in maximum . .
ruling section. | 60/100 ton min. (En 23 Ne€ar their mid-length and the frac-
and 25-30) 2 55[60 ton (En 17 and 24) ture examined to determine the
3 50/60 ton (En 16, 19, 22 and 100) . .
4 25/55 ton (En 18 and 21) 5 gof50 ton influence of quenching temperature
(En 13, 14 and 15) 6 Carbon (En 5, 8 on the grain size. The surfaces of
and 9) the fractured faces are then ground
and etched to determine the depth to which the steel has hardened.
The Shepherd hardenability, or P factor, of the steel is given by the
depth of hardening, expressed in sixty-fourths of an inch.3®

The transition line from hardened outside to unhardened core,
indicated satisfactorily by etching the steels of the type normally sub-
jected to this test, corresponds fairly closely to a structure containing
50 per cent martensite and 50 per cent pearlite.

The results of a PF test are not normally used to calculate the depth
of case that would be obtained with other sizes of bar or other quench-
ing media, but are used to allocate casts to the specific applications
which on the basis of previous experience appear to be appropriate
at the hardenability levels observed.

The Shepherd disk test, like the PF test, is primarily intended for
shallow hardening tool steels.4? A series of disks, each at least 1} in
(4-4 cm) in diameter and varying in thickness by ¢ in (0-79 mm), is
hardened in brine under standard conditions. After hardening each
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disk is cut in half| polished, and etched. The hardenability of the steel
is indicated by the thickness of the thinnest disk which shows signs of a
soft core when etched.

A number of tests for shallow hardening steels which use modifica-
tions of the Jominy technique have been recommended in the American
literature, 2% 24 but these are not much used in this country.

TESTS FOR DEEP HARDENING STEELS

The Jominy end quench test cannot be used to assess the hardenability
of the deep hardening alloy steels which are normally air hardened,
since these harden fully even at the slowest cooling rates obtained on
an end quench test specimen. Post, FETZER and FENSTERMACHER!’
have described a test, in principle similar to the end quench test, which
they claim is capable of assessing the relative hardenabilities of this
type of steel. A specimen of the steel is screwed into the end of a block
of steel six inches long by six inches in diameter so that a test length
four inches long by one inch diameter extends from the end of the
block. The assembly is heated to the normal hardening temperature
and then allowed to cool in air. The part of the test length adjacent
to the block cools at the slowest rate and points farther along the test
length cool at progressively faster rates, up to the cooling rate of a one
inch bar cooled in air. Thus a plot of the hardness developed along the
length of the sample provides a hardenability curve similar to the
end quench hardenability curve but referring, of course, to a different
range of cooling rates. An obvious source of error in this test is the
possibility of a variation from test to test of the efficiency of thermal
contact at the screwed end of the sample, but with reasonable care
the test provides a useful extension to the range of the end quench test.
The interpretation of the results of course requires just as much caution
as in the end quench test.

The S curve provides another basis for systematic study. The
transformation/temperature/time diagram of a steel may be used for
estimating hardenability if determined from the same austenitizing
temperature as used for hardening the steel. If a higher austenitizing
temperature is used, transformation in the pearlitic range may be
much delayed, though not in the intermediate range. S curves are
normally determined by transferring suitably austenitized specimens
of the steel to isothermal decomposition baths (usually lead baths) held

K 257



PROGRESS IN METAL PHYSICS

at fixed temperatures below Ar,, the progress of some physical property
change closely related to transformation then being traced.4? Suitable
properties are electrical resistance, magnetic saturation intensity, and
the dilatation accompanying transformation. The microstructure of
specimens quenched from the bath after intermediate periods of
exposure can also be used as a basis of S curves.

The connection between S curves and hardenability may not at
first sight be apparent. It is in any case inferential. The S curve
indicates the ability of a steel to transform above the martensite range,
and its resistance to such transformation is measured in hardenability
tests. Plate XXXIII shows a close connection between maximum rate
of transformation and the proportion of intermediate transformation
product found in oil quenched 1} in diameter bars for a series of
steels, all of which had their maximum rate of transformation in the
intermediate range. The figure used here to express rate of trans-

' formation is the maximum trans-
s 21T formation velocity, which is defined
g \ as the velocity constant of a first order
220 reaction proceeding at the same rate
£ \ as the observed fastest transformation
N /s \ (when transformation is fully under
R E )\ way).42 In the steels of Plate XXXIII
%’ 10 \«w N 50% Mortenste  — the proportion of intermediate trans-
§ \ formation product falls from about 70
cg’ AN per cent to under 10 per cent as the
05 * S maximum transformation velocity de-
g 80% Mortensite = | creases from 10 to 3 parts per minute.
§ o 2[ - - 5 Steels having their fastest transforma-

Moximum Tronsformetion Velocily  tion in the pearlitic range can tolerate
Figure 13. Diagram relating maxi-

! , higher transformation velocities for a
mum  transformation  velocity to A .
Jominy end quench hardenability ~ §iven percentage transformation be-
cause of more rapid cooling in the
pearlitic range than in the intermediate range.

CoopeEr and ALLEN*? have given further data which relate trans-
formation velocity with hardenability as measured in the Jominy
test (Figure 13). It will be seen that with few exceptions the experi-
mental results fall close to a curve indicating an inverse relationship
between the two parameters. - The work of Cooper and Allen encourages
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Plate XXXIII. Allgy steels oil quenched in 1} in diameter bars. Maximum
transformation velocities as above the illustration

XXXIV. Hardenability pattern revealed by etching NES630 steel after
partial isothermal transformation
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the idea that analysis of S curves may give satisfactory information on
the hardenability of air hardening steels which are not differentiated
by the Jominy test. It is, however, not always feasible to derive from
an S curve a single index of the hardenability of a steel.

Figure 14 shows the S curve for an En110, nickel-chromium-molyb-
denum, steel determined by

acombination ofdilatometric | = o
and microscopic methods. It b g 100 %} 1200
will be seen that this steel has , 690 TS ”j[ "o
two temperature ranges of °§ 500 =t | UMD Tso% /;;%O °§
rapid decomposition of aus- § & fcﬁuf‘ ] 800 g
tenite, the first around 625°C § 40 N § ff”{/oo% 700 §
in the pearliticrange, and the 300 : "‘HLP“ it 600
other below 500°C in the § Eg;g § 5 00
intermediate range. In this <0 LLUal TR 2 ST RIN ,400
10 0 10 10 10

steel the latter typ e of trans- Time in Constant Temperature Bath from
formation is the faster and Start of Quench  sec
between the two ranges of Figure 14. Transformation|time|temperature diagram
. . . JSor Eniro steel
rapid transformation there is
a temperature zone in which austenite is relatively stable. Diagrams of
this general form are typical of steels with fairly high contents of chromium
and other gamma loop elements. Higher contents of these elements
than occurring in the En110 steel would move back the pearlitic ‘nose’
and extend the zone of austenite stability without altering the general
features of the diagram. Steels of this type would be expected to
behave at fast cooling rates approximating to their critical cooling
rates as indicated by their transformation characteristics in the inter-
mediate range, transformation above the martensitic range setting in,
if at all, when the 500°C shelf is crossed; though for slow rates of
cooling, transformation would occur in the pearlitic range. For such
a steel, the maximum transformation velocity is clearly not fully
descriptive of the depth hardening characteristics.

TRANSFORMATIONS ON CONTINUOUS COOLING

Another method of approach is the study of continuous cooling
diagrams. Only a few of these diagrams are as yet available in the
literature and their determination is by no means simple. A continuous
cooling transformation diagram4! such as that reproduced in Figure 15
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indicates the critical cooling rate which must be exceeded to secure a
fully austenitic structure in the steel examined, and in addition shows
the course of martensitic breakdown during more protracted cooling.

When S curves first began to appear it was customary for the assump-
tion to be made that they applied exactly to continuous cooling as well
as to isothermal conditions and therefore to interpret them by reading
off the intersections of a curve denoting the cooling rate. Bain,4%¢
however, recognized at an early date that continuous cooling diagrams
must be different from the corresponding S curves and expressed the
view that the curve denoting start of transformation on the diagram
must be an integrated version of that shown on the other. The problem
has since been attacked by many workers,45-5%.82 most of whom have
followed the lead of ScHEIL4S in stating that the fractional times spent
in preparation for transformation at different temperatures are
approximately additive, at least where they concern a single type of
transformation. This generalization has recently been used by
RusseLL®! when calculating quenching stresses. A different basis of
integration was used by GRANGE and KIEFER,4? who dealt with constant
cooling rates and not with normal cooling.

It is evident that the precise cooling schedule rather than the
average cooling rate needs to be known before a fair assessment can be
made of transformations on cooling. Ideally there is for each steel a
different cooling diagram for every type of cooling, e.g. for constant
rate cooling, cooling by oil quenching, or cooling as in the end quench
test.

JAFFE®® has recently studied non-isothermal transformation in two
nickel-chromium-molybdenum steels, the one a hypo-eutectoid steel,
and the other a hyper-eutectoid steel. He first determined the start
curves for isothermal transformation in terms of the times required for
one per cent transformation, as estimated microscopically, and then
went on to investigate the effect of holding the steels for varied periods
at higher or lower temperatures between quenching and isothermal
exposure, the periods chosen for the intermediate stage being in each
case only a fraction of those required to reach the one per cent values.
He found that pro-eutectoid ferrite and carbide transformations are
each approximately additive, but that holding austenite in the ferrite
range accelerates the bainite reaction by an amount significantly greater
than that to be expected from the additive fractional time principle. An
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opposite deviation from additivity applied to the results of exposure at
one temperature in the bainite range followed by isothermal trans-
formation at another.

It is a criticism of the end quench test as normally conducted and
reported in terms of hardness measurements that no differentiation is
made between a large degree of non-martensitic transformation at
low temperatures, where the isothermal transformation product is
hard, and transformation to a smaller extent at a higher temperature,
where the transformation product is softer (see Figure r). Microscopical
examination would usually discriminate between such cases, but a
readier method of investigation is necessary where a number of tem-
peratures of transformation may be involved. In such cases the most
convenient procedure is to carry out a series of end quench tests on
bars of the steel under investigation, exposing the bars to the end
quench for progressive times and then transferring them bodily into a
drastic quenching medium. Hardness determinations along the bars
may then be made and interpreted in terms of the temperature attained
at the time of quenching, using the known cooling schedules of points
along the Jominy bar. Experiments of this sort have been described
by PumpHREY and JoNEs®? for a series of hyper-eutectoid steels, while
PumpHREY®3 has made a detailed examination of a 0-8 per cent carbon,
1-1 per cent chromium steel for which the recorded hardness curves
on end quenched bars show that up to one inch along the bar trans-
formation has occurred mainly in the interval between 100 and 150
seconds but that a little farther along the bar transformation is still
proceeding after longer times. Interpretation of these results in terms
of temperature showed that transformation proceeded closely in accor-
dance with the type of S curve normally obtained for this kind of steel.
More recently PumpHREY and JoNEs®4 have investigated further steels,
for each of which they determined the S curve and the end quench
curve. The observed hardness of the Jominy bar approximated closely
to a calculated hardness value derived by summing fractions of the
hardness values of the isothermal transformation products formed in
each interval of temperature, the appropriate fractions being derived
from the S curve. The steels examined included both hypo- and
hyper-eutectoid types, and the results would seem to indicate that
although the hypothesis is not exact it gives a reasonable working
approximation for a wide range of steels.
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In general, better correlation would be expected at the initial stages
of a continuous cooling diagram and the corresponding section
derived mathematically from the S curve than between corresponding
curves for later stages, since at most temperatures the first precipitation
is of a different composition from the original austenite and causes
alterations in base composition, often increasing both the carbon and
alloy contents. In extreme cases this may give a composition to which
the transformation diagram for the original steel is quite inapplicable.

EFFECTS OF INCOMPLETE HARDENING ON MECHANICAL
PROPERTIES

In the recent symposium on hardenability Crarrs and LamonTt?2?
expressed a view long held in this country when they emphasized the
need for the full martensitic hardening of steels in ensuring the optimum
mechanical properties after tempering. The need becomes particularly
pressing for steel components which are highly stressed in service,
particularly if stressing occurs at sub-zero temperatures, is multi-
axial or involves shock. In the laboratory the disadvantages of non-
martensitic transformation have been demonstrated repeatedly by
mechanical tests on tempered steel bars, which have been:

1 subjected to stepped quenching, with partial or complete
transformation at an intermediate holding tempera-
ture,1,43,55,56

2 deliberately cooled in such a way as to cause some trans-

formation above M ,.57 For example, CRAFTs and LamMoNT2?
used the ingenious idea of taking Izod impact bars from
Jominy test pieces, locating the notches at predetermined
points with known cooling characteristics equivalent to
2} and 4 inch diameter bars, iz 1} and 14} inches from the
quenched end,

3 unsatisfactorily hardened by normal quenching.43.58

The test results were compared in each case with those given by
fully hardened bars, tempered either to the same strength or at the
same temperature as the partially hardened bars.

Method r may appear the least direct but in practice it is the most
informative, since the maximum effects of transformation at a variety
of temperatures, as well as the effects of partial transformation, can
readily be studied in this way..
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Figure 16 is a summary of a great number of mechanical tests on a
variety of constructional steels,43 each steel being tested in two basic
conditions, oil quenched in test bar size and fully transformed at the
temperature of fastest transformation in the intermediate range,
followed in each case by appropriate tempering. The diagram shows
that it is sometimes possible at the lower tensile levels for a good com-
bination of tensile strength and
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Izod[tensile relationship of a 15 per
cent manganese-molybdenum steel

The stated deficiencies are those which appear in steels tempered
to equal tensile strengths; when tempered at equal temperatures a
deficiency in tensile strength appears and the shortcomings in the other
properties are correspondingly reduced. The extent of the deterioration
proves to be greater the lower the alloy content, the higher the trans-
formation temperature above the martensite range, and the lower the
tempering temperature, with exceptions in notch impact value within
the ‘Izod trough’.

Partial intermediate transformation causes a degree of deterioratior
roughly proportional to the amount of the transformation product
and to its effect when occupying the whole structure. Morphology
as well as constitution enters into the question, rounded masses having
much smaller effects in general than needles. Attention has therefor:
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to be paid to the multiple forms taken by non-martensitic reaction
products.84 The effect of partial and complete transformation on
a 1:5 per cent manganese-molybdenum steel is shown in Figure ;.
This steel is more seriously affected than most 0-35 per cent carbon
steels; high carbon steels are liable to rather more serious deterioration.

The deterioration of properties caused by non-martensitic transforma-
tion is not confined to the results of the normal mechanical tests.
GrrrriTHS, PFEIL and ALLEN! have shown corresponding effects on
torsion and fatigue characteristics. 7Table II summarizes their results
on the fatigue strength of steels in the fully hardened and tempered
condition with that of the steels isothermally treated at either 400° or
450°C so as to effect partial transformation, and then tempered to a
hardness equal to that of the hardened and tempered steel.

Table I1.  Fatigue Strength of some Hardened and Tempered Steels

Treatment . ..

Percentage L.Q. = lead quenched Brinell | Endurance Limit
Composition 0.Q. = oil quenched Hardness 107 Reversals

T. = tempered (2/120/30) (tons/in®)
C o38 L.Q. 830-400°C in., T. 620°C
Cr 111 Q. 30:400 for 30 min., T. 620 248 + 275
Mo 0-42 0.Q.830°C, T. 660°C 253 + 317
gi ?2; L.Q . 830-450°C for 30 min., T. 580°C 229 + 255
Cr o056 0.Q . 830°C, T. 650°C 240 + 287
C o041 o . o
Ni 196 L.Q . 830-450°C for 40 min., T. 580°C 251 + 279
Mo 031 0.Q.830°C, T. 630°C 252 + 300
C o4 L.Q . 830-450°C for 10 min., T. 500°C 260 + 305
Ni 35 0.Q. 830°C, T. 600°C 268 + 3247

Partial intermediate transformation in each case reduced the
endurance ratio from approximately 0-55 to 0-50. Similar results have
recently been presented by Horromon, Jarre, McCarTHY, and
NorToN,58 who studied the effect of both pearlitic and intermediate
transformation and also showed that the endurance limit is not reduced
by temper brittleness.

Figure 18 shows these authors’ results for the effect of non-martensitic
transformation on the Charpy impact value of an NE8735 steel

264



HARDENING RESPONSE OF STEELS

containing 0-34 per cent carbon, 0-66 per cent nickel, 0-56 per cent
chromium, 0-24 per cent molybdenum. The reduction of impact
value at and above room temperature is greater for pearlitic than
intermediate transformation, but both types of partial transformation

e~ cause the onset of low temperature
5/0/( Tempered Mortensite

o embrittlement around 0°C. The em-
/ Tempered Mortenste | brittling effect of non-martensitic

plus Bainte . i .
/<—4—v-——1——° products increases rapidly with de-
d Mortensit .
R oo | creasing temperature of test.

@®
[¢]

Chorpy Impoact Volue 1t (bs

40 plus Pearlite —
Figure 19 shows the variations in
) . . . mechanical properties associated with
-0 0 80 60 240 .,
Temperature of Test °C different centre hardness values, ex-

Figure 18. Impact properties of Pressed as abscissae in the diagrams,
NE8;35 steel at tensile strength of  of an Enl7 manganese-molybdenum

zfa,‘,(;:liilsin? ::k::,lzg;::ew"ﬁ::;:f steel tempered to three fixed levels

mation of tensile strength, namely 64, 59,
and 56 ton/in? (101, 93, and 88 kg/mm?). The data are taken from
HoneyMAN,57 who used an air blast to produce the required centre
hardness in seven steels. The properties studied were tensile strength,
M.S., ratio of yield point to tensile strength, Y.R., and Izod impact value at

18°C and—40°C. Thegeneral

100 T
results are similar to those ¢ \G\E'fwkq LR
reported for stepped quench- ;,:E 80 el ;:: ,j Iz0
ing, and the low temperature g gz . ‘\\r \ \\{\:.
notch impact test again E%Z or M—s*%""j“’“ -".45—"\“
proved extremely sensitive to & gf % FHARER ] i vl
as-quenched hardness. ENY ,'m:}.‘-‘ -doch
Much information on the & “0°%C '-
mechanical properties which —— 56706300
result from quenching steels 500 900 300 500 400 300

in sections below and above Hordness H,/50

the maximum ac which they  Fiuc . Medrial gy o v sl
will harden fully is found in 1o varied extents as shown

the Report of the Technical

Advisory Committee on Special and Alloy Steels, B.S. 971, which provided the
background for the bold step taken by the committee in laying down
maximum sections in which the steels were to be used at given tensile

levels.®® Figure 20 is drawn on the basis of data taken from this source,
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for an Enl6 manganese-molybdenum steel, and shows the tempering
characteristics of this steel when hardened in different sections to
give different degrees of hardening.3? The full, uppermost curve is
theoretical, representing the behaviour expected if the steel was fully
hardened to give the characteristic hardness shown in Figure 2. The
lower slopes of the tempering curves for the partially hardened steel
are largely the result of tempering
l being restricted to the martensitic
1404——— X D .
part of the structure. The impact
values for this steel proved to depend
much more on tempering tempera-
ture than on success of hardening, but
the impact value at a given tensile
strength was, of course, much im-
paired by incomplete hardening.
Mechanical property variations
have been studied for eleven En steels
by Cooprer and ALLEN,* who have
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'8 c . .
AI discussed the general connection be-

0 200 400 600 80C tween the hardenability of thesesteels
Temperoture *C and their ability to meet rigorous
Figure 20. Tempering of Eni6 steel aircraft specifications which call for

40

afler hardening to different extents,

based on B.S. g71 data mechanical properties at the centre of

bars in excess of those required at
the mid-radius position by B.S. 970. The steels were heat treated at the
maximum ruling sections for 55, 65, 80, and 100 ton (87, 102, 126, and
157 kg/mm?) specifications. At the 55 ton/in? tensile level it was
found that there was a close correlation between the hardenability and
the capacity to meet the specification, but at the 65 ton level exceptions
begin to appear, which continued at the 80 ton level and became the
rule at the 100 ton level, where only a selection of the steels having the
adequate hardenability met specification requirements. They con-
cluded that although hardenability is essential it is not the only factor,
and that factors concerned with toughness become increasingly
significant at high tensile levels. In Cooper and Allen’s tests many
criteria of hardenability were considered. A still more pronounced
departure from complete correlation between hardenability and
capacity to meet specifications would presumably have occurred if
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the normal 50 per cent martensite criterion alone had been used.
Incidentally, this paper directs attention to the unequal demands made
by specifications as regards accompanying properties at the different
tensile levels. Figure 16 is particularly interesting in this connection.
The requirements of a 100 ton steel are, for example, much nearer the
maximum values of which present day steels are capable at this level
than the properties required in 60 ton steels, where the test require-
ments can be met by a completely non-martensitic steel, though this
might not give a good account of itself in service without a high factor
of safety.

In concluding this aspect of the subject, a few words seem necessary
on austempering, a deliberate isothermal transformation in the lower
intermediate range, and martempering, ¢.e. ordinary quenching delayed
so as to reduce temperature gradients to a minimum before passing M,.
There seems to be a common belief that the austempering of high
carbon steels gives them mechanical properties in excess of the maxima
to be achieved by full hardening and tempering. This only occurs
where micro- and macroquench cracks have reduced considerably the
‘fully hardened’ properties, and in such cases still better properties are
to be obtained by martempering, which reduces the risk of cracking
to a minimum. Some alloy steels benefit by martempering, especially
those intended for application at tensile levels above 100 ton/in2.

It should also be mentioned that there are special applications of
alloy steels for which non-martensitic transformation is advantageous.
One is in steels to be welded, where cracking of the heat affected zones
alongside the welds is to be feared whenever these harden above 350
D.P.N.5% Another is in ferritic steels for prolonged service in the tem-
perature range of 800 to 1000°F, where tempered high temperature
intermediate products give better creep resistance than tempered
martensite.®® A third concerns the matrix of hardenable cast irons
of the acicular iron class, where the composition is designed so that on
cooling the casting a particular variety of intermediate transformation
product is produced together with as small a proportion of martensite
as possible. 8!

ATTEMPTS TO SYSTEMATIZE HARDENABILITY DATA

When a series of steels varying progressively in their contents of one
or more alloying elements is quenched in a size which gives partial
hardening, it is usually found that there is a definite relationship
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governing the hardness obtained. For example, when the effect of
additions of chromium and molybdenum to a 0-9 per cent nickel steel
was investigated by the Jominy test,%2 it was found that the results
could be expressed simply in terms of the amount of molybdenum
required together with fixed percentages of chromium to give definite
levels of hardenability.

GRrossMANN?® made such observations with a series of carbon and
alloy steels which were quenched in a series of diameters permitting
estimation of the critical diameter for a 50 per cent martensitic structure
at the centre. The results encouraged him to make the first important
attempt to rationalize the influence of grain size and alloying elements
on the hardenability of steel. He suggested a method of calculating
the hardenability of steels from grain size and chemical composition
in terms of ideal critical diameter, D;. For this purpose a base harden-
ability is first allocated to the steel according to its carbon content and
grain size and this is multiplied in turn by factors for each of the
alloying elements. The base hardenability increases with carbon con-
tent and coarseness of grain size, though not steeply. For instance, for

AN
NN N

Ideat Drarmeter O,

N
N

06

0-40 I I l 7] @ straight iron-carbon alloy with 0-20
Gromn Size No 4 per cent carbon and a fine A.S.T.M.
Gramn Size No S . . .
036~ Grom Size No 6 grain size of 8 Grossmann-derives an
Grain Size No 7 . .. . .
Gran Size No 8 ideal critical diameter of 0-14 in
(3-6 mm). Increase of carbon content
to 0-90 per cent increases the ideal
'/ p, critical diameter to 0-29 in (7-4 mm)
A / at the same grain size or to 0-40 in
(10-2 mm) at a coarser grain size of 4.
The chart from which base harden-
W' ability is read is reproduced in Figure
21. Turning to the alloying elements,
0 020 040.06 08  Grossmann’s work showed that all
Carbon Per Cent .
) ..., . alloying elements except sulphur and
Figure 21. ‘Base-hardenability’ dia- . .
gram, showing effects of carbon content  CObalt are beneficial to hardenability.
and grain size Some elements, including molyb-
denum, manganese, and chromium (when properly taken into solution),
were found to have large effects, while silicon, nickel, and copper
appeared to have smaller though still definite hardening powers.
Grossmann’s estimates of the roles played by several of the common
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elements are given in Figure 22, where the effectiveness of the element
is expressed as a factor by which the base hardenability must be
multiplied to take account of the amount of alloy present. The un-
certainty of the chromium factor for chromium percentages exceeding

0-4 is due to the possibility of undis- so—
solved carbides. g
According to Grossmann, increase in colrol— wn ,__
content of each individual element has
an additive effect but for combinations $ /
of alloying elements the individual €<°[°93 20
factors have to be multiplied. For ex- § /[l
ample, 0 per cent, 1 per cent, and 2 per % 30 < \
cent manganese give factors of 1, = Mn “\C\’\\\\\
(1454), and (142X 54) ie. 1, *_ | wo N
6-4, and 11-8. When present together /2 i
1 per cent manganese and 1 per cent ] 7] |
chromium, which individually have 5 06 2 /8

Element Per Cent

factors of 6-4 and 2-8, are credited with
ajoint factor of 64 X 2-8,7.e.17-9and  Figure 22. Multiplying factors for
not 6-4 + 2.8, i.e. 9-2. slieying eiomeals

The computation of Grossmann’s ideal critical diameter from
composition and grain size is greatly facilitated by use of published
nomographs. 3.4 The simplicity of the Grossmann method is attractive
and adequate accuracy is obtained for some steels,® though general
experience has shown that the results are frequently erroneous,
especially for steels of medium or high hardenability.®2.¢¢ Grossmann
attached considerable significance to the additive effect of progressive
additions of a given element in contrast with the multiplying effect for
several elements. He used this as an argument for encouraging the use
of a number of small additions of alloying elements rather than a larger
quantity of a single addition. The present authors consider that it has
become difficult to maintain this argument in favour of multi-alloy
steels, though certain combinations of alloying elements have undoubted
advantages as will be seen when the position is discussed from the
S curve standpoint. Reassessment of Grossmann’s factors on the
basis of Jominy tests have been made by Crarts and LaMoNT,®’
Hobpce and OrReHOsKI,®? KRAMER, HAFNER, and TOLEMAN, ® KRAMER,
S1EGEL, and Brooks,%® and by BrorHY and MILLER,” all of whom
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indicate frequent non-linearity of the relationship between alloy
content and effect on hardenability, e.g. an upward trend of the
characteristic curves for manganese and nickel, while maximum effects
have been shown for other elements when present at intermediate
levels. The characteristic curves of nickel in low alloy steels as deter-
mined by Brophy and Miller are reproduced in Figure 23. It will be
“[mn 5 Cr l seen that the effectiveness of
[ \7 | o5 the added nickel generally in-
3 . .
/ creases progressively with the
o7 [ /° +0 nickel content of the steel.
/-0

Mo

| 025~

/

Muttiplying Foctor

2 4 —

9 A9 Between 3 and 5 per cent
, | 55 | o nickel has a marked effect on
0/ 2 3 0/ 2 3 07 23 4

Percentonn Mickel

Figure 23. Multiplying factors for nickel in presence
of manganese, chromium and molybdenum the percen-

hardenability, though in the
range 0 to 2 per cent with
which earlier workers were

tages of which are indicated by figures on the curves concerned its contribution

as measured in the Jominy test is small. Crafts and Lamont have
extended their calculations to include not only the computation of
hardenability but the prediction of the hardness?* and Izod impact
values’® of heat treated steels. Comstock’® has suggested that for
titanium additions hardenability correlates not with total content but
with that part of the titanium content which is acid soluble, while
GRANGE and GARVEY?¢ have taken a similar view that in boron
treated steels the boron can be present in effective and ineffective
forms. Boron in small amounts of the order of 0-003 per cent can
greatly improve hardenability.

In Grossmann’s original work a 50 per cent martensite criterion of
hardening was employed, as discussed earlier. In constructional
alloy steels the 50 per cent martensite point does not define accurately
the change from the fully hardened to the normalized condition, and
in any case it is below the degree of hardening required for high tensile
applications. Other criteria of hardenability more suitable for alloy
steels, e.g. 99 per cent or 95 per cent martensite, have been considered
by some investigators.®” These criteria have the disadvantage that they
are difficult to apply accurately to the interpretation of Jominy curves,
and microscopic examination must be introduced to supplement
hardness measurement. According to HoLLoMON and JAFFE,? ideal
critical diameters for fully hard and half-hard structures invariably
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have a ratio near 0-75 : 1, but GRANGE and GARVEY?* consider that
although this ratio may apply to carbon steels it does not apply to low
alloy steels.

A weakness of the Grossmann method is the assumption that an
element makes the same contribution to hardenability irrespective of
the nature and amount of other alloying elements present. The work
of some of the American authors referred to above suggests that some
elements become more effective when present in combination than when
alone, but GLEN?® has taken the opposite stand. Glen examined some
400 high frequency furnace melts which covered variation of manganese,
variation of nickel and manganese together, either in the presence
or absence of molybdenum, variation of manganese and chromium
together, variation of molybdenum when present with nickel or with
chromium, and variation of molybdenum and manganese together
when present with nickel or with nickel and chromium. His results
confirmed recent American work indicating that the effect of successive
increments of a given element is not constant, but showed that each
alloying element is most effective when no other addition is present,
the presence of second and third alloying elements causing a decrease
in the effect of the first element to an extent depending on the elements
concerned. In general, Glen’s results are not surprising, but there is one
aspect which is not easy to explain. Additions such as manganese
and nickel have been shown to give concave factor curves, that [is
to say when they are added alone their effectiveness increases according
to the basic hardenability of the steel to which they are added, and
it is difficult to see why this should not apply when they are present
in combination.

Jominy tests indicate that almost all alloying elements increase the
hardenability of steels. Definite exceptions are sulphur, which acts by
abstracting manganese from the austenite, and cobalt,’” while alu-
minium has an indirect effect in the same direction due to its action
on grain size. Elements such as vanadium which readily form carbides
may act in a way analogous to sulphur when low austenitizing tem-
peratures are used, by lowering the carbon content and hence the
hardenability of the austenite. The mechanism of the action of cobalt
is still obscure. SMoLucHOwsk1? has reported that, unlike most other
addition elements, cobalt increases the diffusion coefficient of carbon
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in austenite, which might promote transformation in both the pearlitic
and intermediate ranges, but HaAwkes and MEeHL?? have found no
evidence for this nor anything to support the possibility that cobalt acts
by an indirect mechanism, such as that of aluminium and vanadium.
Their work established, however, the fact that cobalt decreases the
incubation period and increases the rate of transformation at all
temperatures between the eutectoid point and the martensite range.

In the course of measurements of the transformation characteristics
of alloy steels it was found that the relationship between maximum
transformation velocity and alloy content for steels could often be
expressed at least over limited ranges by a multiplying rule, equal
increments of alloy content reducing the maximum transformation
velocity in a way which is constant for a given alloying element. The
experimental results show a linear relationship when the logarithm of
the maximum transformation velocity is plotted against percentage
of alloying element. For example, in nickel-chromium steels each addi-
tion of 0-1 per cent carbon between 0-1 and 0-6 per cent reduces the
transformation velocity to 0-4 of its former value. The corresponding
factors for other elements appeared to be:

Table III. Maximum Transformation Velocity Reduction Factors

Maximum
Element of which o1 per cent is added Transformation
Velocity
Reduction Factor
Carbon (with nickel and chromium) .. .. 0°4
Nickel (with chromium) .. .. .. . 0°90
Chromium (with molybdenum) .. .. .. 0-88
Chromium (with nickel) .. .. .. .. 0-84
Manganese .. . .. .. .. 0-76
Molybdenum (with nickel) .. . . 0-68

For steels with similar S curves it is interesting to note that the
maximum transformation velocity is approximately inversely propor-
tional to the diameter in which a steel can be fully hardened by oil
quenching. The results of the transformation measurements when
expressed in this form give similar curves to those found by Brophy
and Miller.” Further checking against the Brophy and Miller data
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showed, however, that no simple basis could be found for systematizing
hardenability results for multialloy steels. 8

Further experimental studies of transformation indicate that the
attempt described above to systematize transformation data, and hence
to compute hardenability, over-sim-

plifies the position. For example,
when the effect of an addition on é -%\ 172 %N 1 %Cr
maximum transformation velocity is ¢ \
studied over a wide range of com- g \
positions it is often found that its : PE=L T
beneficial effect does not continue § T‘\ AT
indefinitely. S e i 7

Figure 24, for instance, shows ,§ L"‘ Tj-’
new data on the effect of carbon on g 1t /
the transformation characteristics of §  f—5— 4‘& Tntermediole +———
1} per cent nickel-chromium steels. 'Z E— A
It will be seen that while early addi- ¢ \\ /
tions of carbon lower steeply the rate § /
of transformation in both the pearlitic o/
and intermediate ranges, there is an © O4Carbon<i>fr Cent o
optimum effect on each type of Figure “24. Effect of carbon on
reaction at an intermediate carbon maximum transformation velocity of

content beyond which further in- 13 per cent nickel-chromium steels

crease in carbon speeds transformation. The optimum proportion
of carbon is different for the two reactions, so that while the low carbon
steels of the series have their greatest liability to transformation in
the intermediate range, the higher carbon steels are most liable to
transformation in the pearlitic range. LyMaN and Troiano®! have
found that in 3 per cent chromium steels increase of carbon content
from 0-08 to 1-28 per cent progressively speeds up pearlitic transforma-
tion. Another element which does not appear to have a consistent delay-
ing effect on transformation in the pearlitic range is chromium.
MannmvG and Loric®2 have given S curves for a series of hypo-eutectoid
chromium-molybdenum steels of fixed carbon content, including two
with 1-5 per cent and 2-4 per cent chromium. Between these levels,
increase in chromium content had very little effect on the higher
temperature region of the pearlitic range either as regards the pro-
eutectoid stage or the formation of pearlite. Again, the effect on the
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beginning of the lower intermediate transformation was small, though
the increased chromium content delayed transformation at higher
temperatures of the intermediate range. There is, therefore, in general,
little reason to suppose that the hardenability of the steel had been
improved appreciably by the increased chromium content. Manganese
may be a further alloying element without a consistent progressive
effect. At first additions have a progressively increasing effect, but this
trend seems unlikely to continue to high manganese contents, for
PoweLL®? has shown that a 13 per cent manganese, 1-2 per cent carbon
steel transforms from the austenitic condition slowly but apparently
completely on exposure at about 450 to 500°C, as indicated by a fall
in electrical resistance which begins in rather less than ten hours.

It is not uncommon for alloying elements to have specific effects
confined to particular stages of transformation. Molybdenum, for
example, though having the reputation of affecting powerfully the whole
pearlitic transformation, actually does little to suppress the formation
of pro-eutectoid ferrite, its action being due almost entirely to post-
poning and restricting the progress of the formation of the carbide,
of which it is a constituent. This is due, no doubt, as MEHL84 has
suggested, to its slow diffusion through the untransformed austenite.
Other work indicates that boron has the complementary effect,
causing opposition only to pro-eutectoid ferrite separation.

The simultaneous presence of several alloying elements in a steel
may complicate greatly the mechanism and progress of transformation.
For example, Loria® has recently shown that in an air hardening
nickel-chromium-molybdenum-vanadium steel of practically eutectoid
carbon content (0-60 per cent C, 2:75 per cent Ni, 1-25 per cent Cr,
0-50 per cent Mo, 0:12 per cent V) intermediate transformation at
400 to 450°C involves no less than three distinct structural stages.
The initial precipitation produces carbon-rich plates, believed to be
formed by a shearing process, but this is a transition phase which later
decomposes with diffusion of carbon, with rising temperature, resulting
first in the nucleation of ferrite grains along the surface of the plates
and later in the transformation of the neighbouring austenite, by this
time enriched in carbon, to a ferrite/carbide aggi‘cgate, this stage
proceeding progressively until all the austenite has broken down.

Transformation studies have shown clearly that the hardenability
of those steels which transform rapidly in the pearlitic range is much
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improved by grain coarsening, because this reduces the grain boundary
area at which nuclei of ferrite and cementite appear. No similar effect
of grain size is found in the intermediate, bainite, range, where nuclea-
tion is not confined to the grain boundaries, so that for compositions
which have their fastest transformation in this range no sacrifice of
hardenability accompanies selection of fine grained steels with their
better optimum mechanical properties. The bainite range is that within
which most present day alloy steels, which owe their hardenability largely
to carbide formers, transform isothermally most readily, and the question
arises whether adequate use is being made of the elements which do not
promote bainite formation (carbon, silicon, manganese, nickel, and
copper) in heat-treatable steels. If it is recognized that all non-
martensitic transformation should be avoided, a logical approach to
the problem of manufacture of steels of high hardenability would seem
to be first to suppress the possibility of bainite formation by adding
elements of the type referred to above, and afterwards to push back
the pearlitic ‘nose’ of the S curve by means of additions of carbide
formers, boron ec.

Of great interest in this connection is the suggestion of HoLLoMON
and JAFre?® that hardenability data could be satisfactorily systematized
if separate account was taken of the effect of addition elements on the
pearlitic and bainitic transformations. According to their view, much
of the hardenability data given by previous workers should be assumed
to refer to pearlitic hardenability. Grain size was considered to have no
direct effect on bainitic hardenability, but changes in carbon content
were regarded as having the same effect as in pearlitic hardenability.
On the basis of available isothermal transformation data they assumed
nickel and manganese to have the same effect on bainitic hardenability
as on pearlitic hardenability. Molybdenum, on the other hand, was
considered to have no effect at all on bainitic hardenability. As
chromium appeared to have some effect on bainitic hardenability,
though less than on pearlitic hardenability, it was regarded as having
one half the effect measured for pearlitic hardenability.

Though Hollomon and Jaffe’s system is only tentative and, as they
admit, no direct measurements have yet been made of bainitic harden-
ability, it is the most promising scheme of systematizing hardenability
yet developed because it is less empirical than earlier schemes and
bears a nearer relation to the picture developing from transformation

275



PROGRESS IN METAL PHYSICS

studies. Hollomon and Jaffe tabulate calculated hardenability figures
for American commercial steels, and make the comment that while
the pearlitic hardenabilities of some of the steels are adequate for heavy
sections their bainitic hardenabilities are generally low, particularly
where full hardening is made the criterion of assessment.

The following table contains a selection of the calculated figures for
the S.A.E. steels which are of most interest in this country:

Table IV. Calculated Hardenability of S.A.E. Steels

Calculated Hardenability
(Ideal Critical Diameter in Inches)
SAE
Type Approximate Composition Pearlitic Bainitic
Full-hard | Half-hard| Full-hard | Half-hard

1030 03% C .. . .. . .. 07 09 075 14
1330 16% Mn, 0:3% C .. .. .. 1°4 1'9 15 28
2330 3'5% Ni, 0°'3% C .. .. .. 19 2'5 20 37
5140 1% Cr,0°4% C .. .. .. 2°5 33 1-8 32
3130 1-25% Ni, 0:6% Cr,o3% .. .. 2-8 37 2°1 38
3240 1-75% Ni, 1:1% Cr, 0:4% C . . 42 55 29 52
4340 1:75% Ni, 0:65% Cr,0°35% Mo, o m 77 103 31 5'7
4130 1% Cr, 02% Mo, 0:3% C .. .. 28 37 1°2 22

The view is taken that the Hollomon and Jaffe concept of bainitic and
pearlitic hardenability will eventually form the basis of a method of
hardenability calculation giving a close approximation to the truth.
At present, however, bainitic hardenability factors are not available
for some of the important alloying elements and some of those which
have been suggested for others cannot be accepted as reliable, for
example, the value for chromium appears to be high and that for
nickel low. The method of combining the factors must also be recon-
sidered since the present method of multiplying the factors together,
on the assumption that the influence of an element is independent of
the nature and amounts of other elements present, is undoubtedly
over simplified. No system of hardenability prediction can be exact,’
however, which does not explain the observation thatsteels of practically
identical compositions, and even parts of the same steel, can differ
widely in hardenability.
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CONCLUDING REMARKS

The successful hardening of steels depends basically on their equilibrium
constitution in the hardening temperature range and on the factors
involved in attainable maximum hardness, but in practice by far the
most important factor in hardening engineering constructional steels
proves to be that termed ‘hardenability’. Hardenability is not an
exact concept, but this fact does not reduce its practical significance.
This is evidently still not sufficiently recognized, since steels are still
commonly employed in sections in which they cannot be fully hardened
and cannot therefore show their optimum mechanical properties after
tempering.

ALLEN®® has expressed the extreme view ‘that there is no such pro-
perty as hardenability at all. The effect of an alloying element on harden-
ability is the resultant of the effect of the alloying element on all the
reactions which may take place between the quenching temperature
and the temperature at which martensite forms, and the effect of the
alloying element on the hardness of such reaction products as appear.’
While there is much reason in this statement, a wider definition of the
field of hardenability research would allow the analysis of hardenability
into its component parts and the recognition of the separate origins
and individual effects of these components not only on hardness but
also on the mechanical properties of steels. In the past there has been
too much over-simplification of the subject, which was little advanced
by the publication of work in which the merits of those alloying
elements which violently oppose pearlitic transformation were empha-
sized to the detriment of elements acting more gently in this range.
These, even when non-uniformly distributed on the dendritic pattern,
do not produce sudden transitions from soft to hard zones or severe
local stress and may offer more adequate opposition to bainitic transfor-
mation. The introduction of the duplex concept of hardenability by
Hollomon and Jaffe is a welcome step towards the recognition of the
dependence of hardenability on transformation characteristics and
points the way to a more rational basis for the employment of alloying
elements in constructional steels.

Unsolved problems still remain in this general field, of which the most
interesting is the origin of hardenability variations within apparently
homogeneous steels. Related problems include the factors influencing
quench cracking and the partition of alloying elements between

277



PROGRESS IN METAL PHYSICS

carbide and ferrite in tempered products. JANrTsky and BAEYERTZ®®
and PATTON®® have shown that the mechanical properties of fully
hardened steels are practically unaffected by composition up to a ten-
sile strength of about 80 ton per square in (126 kg/mm?) but the
influence of composition on the properties of partially hardened steels
is still largely unsolved. These problems are, however, receiving close
attention and the rate of recent technical progress in the study of
the hardening response of steels justifies expectation of an early solution.

The authors acknowledge their indebtedness to The Mond Nickel Company
Limited for permission to publish this chapter.
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6

PREFERRED ORIENTATION IN
NON-FERROUS METALS

T. Ll. Richards

THE FOLLOWING is a general account of preferred orientation of crystals
in metals, with special attention to the influence of cold rolling and
annealing on the structure and properties of copper and brass strip.

Preferred orientation of crystals in metals may arise from several
different causes. In castings, maximum crystal growth occurs in and
along a particular crystallographic axis in the direction of maximum
temperature gradient. Metal deposited electrolytically or by vacuum
distillation takes up certain definite orientations. Hot and cold working
also develops a pronounced preferred orientation or texture which may
or may not be eliminated by subsequent annealing. The presence of
well defined textures leads to directional properties in the final product
whether it be in the form of extruded sections, wire, or strip. In
extruded sections and wire it is possible that the textures might result
in enhanced mechanical properties in the longitudinal direction but
in non-ferrous metal strip complete absence of preferred orientation
and consequent directionality are desirable.

Since an enormous quantity of strip is processed for subsequent
fabrication by deep drawing, the study of preferred orientation in strip
is of considerable practical importance.

In recent years there has been a development of x-ray diffraction
and other techniques for the study of preferred orientation in worked
and annealed metal. Although the primary object of these studies
has been to determine the factors which give rise to directionality so
that it may be effectively controlled, much information has also been
obtained on the behaviour of metal during plastic deformation and
subsequent recrystallization.

METHODS OF DETERMINING PREFERRED ORIENTATION

x-Ray and optical methods of determining the preferred orientation of
crystals in metal specimens are fully described in standard works,!2
and so is the stereographic projection or pole figure. The pole figure
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is essential if a full representation of the crystalline orientation is to be
obtained. In the x-ray transmission method of establishing the pole
figure a specimen is prepared of suitable thickness by dissolving in
acid. A convenient thickness would be about 0-002 to 0-004 in (0-0508
to 0-1060 mm) for copper and copper base alloys and from 0-010 to
0-050 in (0-254 to 1270 mm) for aluminium and its alloys. A series
of transmission diffraction patterns are recorded on a flat film with the
sample, for example a rolled strip, inclined at various angles to an
incident x-ray beam, starting with the incident beam normal to the
specimen and turning it 10° at a time, first about the rolling direction
as axis and then about the transverse direction. The full radiation from
a molybdenum or silver target is generally.used since the characteristic
wavelengths are short and a number of the low order rings diffracted
by the more important crystallographic planes, whose orientations are
to be plotted on the pole figure, can be recorded simultaneously on the
photographic film.

The method outlined is satisfactory for most general purposes when
the sample has a fine grain structure, but if the grain size is large it will
be necessary to scan the specimen during exposure by a translation in
its own plane with or without a small oscillation about the rotation
axis. With really large crystals, greater than about 0-2 mm, it would
probably be better to use an optical method.? By using flat specimens
for transmission photographs the thickness of metal traversed by the
X-ray beam increases with the angular deviation of the normal of the
specimen from the beam direction and allowance must be made for
absorption. BAKARIAN® has overcome this difficulty by machining
cylindrical specimens so that the path of the beam in the specimen is
independent of its angular position. Another weakness of the x-ray
transmission method described is that the pole figure is discontinuous,
since observations are made at 10° intervals. A continuous record,
however, may be obtained by interposing a shield between the specimen
and film which admits only the diffraction ring required and moving
the film in a direction normal to the incident beam and specimen
rotation axis at a rate proportional to the rate of rotation of the speci-
men. By this means it is theoretically possible to obtain a complete
and continuous pole figure from a single photograph. With the
transmission technique, however, some difficulty will be experienced
in recording holes lying close to the normal specimen.
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WoosTER® has developed a method for plotting a complete pole
figure from a single photograph by means of a camera in which the
sample is set with a plane surface at the appropriate Bragg angle for
the particular crystal planes to be recorded, and a cylindrical screen
with a circumferential aperture admitting the cone of reflected x-rays
placed before a moving cylindrical film mounted coaxial with the screen
and incident x-ray beam. The sample is rotated in its own plane, its
motion being geared to that of the film which is parallel to its axis.
In this way the poles around the normal of the specimen are most
easily recorded.

OCCURRENCE OF PREFERRED ORIENTATION

Preferred Orientation of Crystals in Castings and Deposited Films—NORTHCOTT
and TroMAs® prepared long columnar crystals in ingots of a number
of copper rich alloys by cooling the base of the ingot only. The crystals
were shown to be oriented with a cubic or (100) axis parallel to the
major axis of the crystal. By suitable etching the dendritic or cored
structure was revealed as striations in the polished section which
were shown to be coincident with traces of {100} planes. Since three
sets of such planes exist for each crystal three sets of striations could
sometimes be observed, although those parallel to the long axis of the
crystals were generally the most marked. It would seem that columnar
crystals are formed by dendritic growth in the direction of the maximum
temperature gradient, and that the main stem of the dendrite was
parallel to a (100) axis with side arms also in {(100) directions.

In electrodeposits the first deposited layer generally has a micro-
structure similar to that of the basis metal provided that the surface
is clean; the crystal structure is of the same type and the lattice para-
meters are not widely different. In thick deposits, however, a preferred
orientation is generally observed in which the crystals are oriented
with an important crystal axis normal to the plated surface but
randomly oriented about the normal. Thus, with deposits of metals
having a face-centred cubic structure, orientations have been observed
in which the crystals have either one or more of the following axes,
namely (100), (110), (111), and (112), in the direction of the normal.
Structures in which crystals are oriented with a crystal axis in a
particular direction and are randomly oriented about this direction are
termed fibre textures.
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Sputtered and evaporated layers have similar fibre textures to those
of electrodeposits, and textures of the (100), (110), and (111) type
have been observed for face-centred cubic metals.

Preferred Orientation after Plastic Deformation—Crystal orientation
developed by plastic deformation is of more general interest since
this process is such a common feature of metal fabrication. Preferred
orientation is developed by both hot and cold working, and the type
for a particular metal is more dependent upon the geometrical change
in shape than upon the manner in which the deformation is effected.
For instance, the preferred orientation developed in a polycrystalline
copper wire is the same when the wire is produced by similar reductions
in cross-section by drawing through a die or by swaging. A preferred
orientation of the same type as in drawn wire is produced even in a
polycrystalline wire when it is extended in a tensile test.

Cold working results in work hardening of the metal as well as in a
development of preferred orientation. Hot working, on the other
hand, does not cause work hardening, but since the deformation is
often effected at temperatures above that of recrystallization the ulti-
mate texture corresponds to a recrystallization texture. Aluminium
alloys, however, are generally hot rolled, forged, or extruded at
temperatures below the recrystallization temperature so that a true
deformation texture is developed. For example, when the duralumin
type alloy is extruded as a cylindrical rod, the same type of preferred
orientation is developed as in cold drawn rods of face-centred cubic
metals.

TEXTURES AFTER PROCESSING

Textures in Drawn Wire—In wire drawing the metal crystals are
deformed more or less in direct proportion to the deformation of the
wire as a whole and the initially equiaxial crystals are elongated into
long filaments or fibres parallel to the wire axis. The crystals also take
up a definite orientation so that a particular crystal axis is parallel to
the wire axis but quite randomly oriented about the axis, forming a
very well defined fibre texture. Two types of orientation have been
observed in varying proportions in drawn wires of face-centred cubic
metals, namely with a (100) or (111) axis parallel to the wire axis.
Scumip and WASSERMANN? quote relative proportions for different
metals as in the following table:
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Table I. Proportions of (100) and (111) textures in Drawn Wires

Percentage of Crystals
Metals
With (100) parallel | With {(111) parallel
to Wire Axis to Wire Axis
Aluminium .. .. o 100
Copper .. . . 40 60
Gold .. .. .. 50 50
Silver .. .. .. 75 25

It is not clear why the textures developed in drawn wire of metals
all of which have the face-centred cubic structure should be so different.
The (111) texture, however, appears to be dominant, and in fact with
extremely large reductions in cross-sectional area there is evidence
that the texture of copper is exclusively of the (111) type.

The wire or tension texture of polycrystalline samples appears to
bear no relation to the stable end position of a face-centred cubic
metal single crystal deformed in tension by duplex slip, namely a (112)
axis parallel to the tension axis. It is significant, however, that for
both the (111) and (100) textures there is a symmetrical distribution
of the slip planes with respect to the wire axis, the former being
apparently more favourably disposed to the direction of flow.

Textures in Cold Rolled Strip—The preferred orientation of crystals
developed during the cold rolling of strip can best be represented by
means of a pole figure, on which is plotted the distribution of poles of
one of the principal crystallographic planes with respect to the rolling
plane as the basic circle and the rolling direction as rotation axis.
Figures r and 2 are the (111) pole diagrams of heavily cold rolled copper
and brass respectively. It is obvious from these diagrams that there is
appreciable spread of the crystal orientation about more than one
preferred position. Thus the crystals in heavily cold rolled brass
(Figure 2) are spread about two preferred or ideal orientations, for
which the common (110) plane is parallel to the plane of the strip
with the [112] axis parallel to the rolling direction for one orientation
and the [112] axis for the other. The ideal positions of the {111) poles
for the two orientations are indicated by letters with suffixes 1 and
2 in Figure 2. The poles suffix 1 are mirror images of the poles with
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suffix 2, about planes normal to the strip surface which are either
parallel or transverse to the rolling direction. Since the latter are {111}
planes the two ideal orientations bear a twin relationship. Thus cold
rolled brass strip is said to have a twin (110) [112] texture. From the
shape of the pole regions of the twin textures the maximum spread
from the ideal positions appears to be equivalent to a rotation of

Rolling Direction Rotling Direction

Figure 1. (111) Pole figure of copper strip Figure 2. (111) Pole figure of 70/30 brass
cold rolled to g7 per cent reduction. The cold rolled to 95 per cent reduction. The
dots represent {111) poles of twin (110) dots represent {(111) poles of twin (110)
[112] textures, and the crosses (111 poles [112] textures

of twin (112) [111] textures

approximately 25° about their respective (111) poles A, which are
closest to the rolling direction. The displacement of (111) poles by
such rotations, which are indicated by broken lines in Figure 2, accounts
for the merging of the (111) pole regions near the centre of the diagram
and the splitting of the {(111) pole regions B at the ends of the diameter
transverse to the rolling direction.

The pole figure of the rolling texture of copper, Figure 1, not only
consists of a spread of the twin (110) [112] textures but also of twin
(112) [111] orientations. The latter twin texture is present to a lesser
degree in rolled strip than the former, but pole figures have not yet
been established with sufficient attention to intensity of x-ray reflections
for different angular settings of the specimen for any precise estimate
to be made of the relative proportions of the two types of twin textures.
It seems likely that this estimate will be forthcoming from pole figures
determined from a single pattern using the moving film technique.

The central (111) pole region in the rolled texture of 70/30 brass,
Figure 2, is explained in termsof a rotation or spread of the C poles of

286



PREFERRED ORIENTATION IN NON-FERROUS METALS

twin (110) [112] textures about their respective A poles as axes. By
such rotations the C poles meet at points D which are almost coincident
with the central (111) poles of the twin (112) [111] textures, suggesting
that the latter is developed by a spread and merging of the main (110)
[112] twin textures.

The rolling texture of most face-centred cubic metals is quoted as
mainly (110) [112] plus (112) [111]. Other textures such as (100) [001]
are sometimes quoted but it is likely that this texture is a residue
of a recrystallization texture existing at an earlier stage in the process.

THEORY OF ROLLING TEXTURE

Theories of the development of rolling texture of face-centred cubic
metals are not entirely satisfactory. WEVER® regards rolling as equi-
valent to a compression normal to the strip surface and a tension
in the rolling direction. Boas and ScumiD® and TAyLor!® have
indicated how complex is the plastic deformation of polycrystalline
metals, and the rolling texture of face-centred cubic metals is not a
simple combination of the tension and compression textures of poly-
crystalline specimens. It is significant, however, that the main rolling
texture (110) [112] corresponds to a combination of the stable end
positions attained by double slipping when a single crystal of a face-
centred cubic metal is deformed by tension and by compression,
namely a (112) axis parallel to the tension axis and a {110) axis parallel
to the compression axis respectively.

This correspondence of the behaviour of polycrystalline strip to that
of a single crystal lends support to the theory of rolling textures
developed by Pickus and MATHEWsON!! in spite of criticism by ELam!!
on the grounds that plastic deformation of a polycrystalline metal is
more complex than that of a single crystal. Pickus and Mathewson
suggest that certain orientations are stable because the operating
slip directions are symmetrical with respect to the direction of flow.
This condition is also satisfied by the textures developed in cold drawn
wire of face-centred cubic metals. Six possible rolling textures were
predicted by Pickus and Mathewson, namely (110) [112], (100) [001],
(110) [oo01], (112) [111], (010) [101], and (101) [101] in that order
of relative stability. It is significant that VAcHER!? observed all
except the last of these as intermediate textures developed when single
crystals of copper of different initial orientations were cold rolled.
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With very heavy cold rolling, however, the combined (110) [112] and
(112) [111] textures were ultimately developed. Whereas the (110)
[112] texture is given as the one of the greatest stability, the (112) [111]
texture is fourth.

Progressive Development of Preferred Orientation—The rolling textures
already described are the stable end textures developed after very
heavy rolling reductions, generally 95 per cent or more, which are
far greater than the reductions normally used in commercial practice.
The magnitude of the reduction may be limited by work hardening
of the material, but for metals such as copper or cupro-nickel, which
can be cold rolled almost indefinitely, reductions must be restricted
within specified limits to prevent the development of an undesirable
structure.

It has been shown!? that when polycrystalline copper strip is cold
rolled, the individual crystals of which it is composed are deformed
in more or less direct relation to the reduction of the strip itself, so that
equi-axed crystals of 0-03 mm mean diameter are reduced to a mean
thickness of 0-015 mm by a rolling reduction of 50 per cent and
elongated to a mean length of 0:06 mm in the rolling direction. In
the initial stages at least the deformation proceeds by a slip mechanism.

In polycrystalline face-centred cubic metal, as TAYLOR!® has ex-
plained, five of the twelve available slip systems are operative if
neighbouring grains are to remain contiguous throughout the defor-
mation. The five slip systems will be distributed between three slip
planes so that slip occurs in two directions on each of two planes and
in one direction only on a third.

If the deformation of any one grain proceeds mainly by double slip
operating on one plane, then there will be a rotation of the most active
slip plane towards the plane of rolling about an axis transverse to the
rolling direction. The rotation will continue with increased rolling
until a second slip plane becomes more favourably oriented with
respect to the deforming stresses. VACHER!? has actually observed
such rotation in the initial stages of the cold rolling of single crystal
specimens of copper. There is, however, little evidence from x-ray
or metallographic observations that slip deformation has occurred
within individual crystals during the cold rolling of a strip of a pure
metal. Asterism in X-ray transmission photographs of cold rolled
copper strip may be interpreted as lattice disorientation due to slip
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deformation within individual crystals according to its own particular
slip systems. Slip lines and traces of slip planes become visible on the
polished surfaces of polycrystalline metal specimens when they are
plastically deformed. They are not revealed in specimens of cold
rolled copper!® which are sectioned, polished, and etched after
deformation but can be observed in specimens of cold rolled brass¢
similarly prepared.

There appears to be a limit to the amount of deformation produced
by slip, for after reductions in thickness in cold rolling of about 33 per
cent for copper and slightly more for brass there is evidence that a
second mechanism is operative. Deformation bands can be seen in
sections of both copper and brass polished and etched after rolling with
reductions in excess of the amounts indicated, from which it appears
that deformation in this stage has occurred by a break-up of crystals
on surfaces lying close to planes of maximum resolved shear with
respect to the rolling loads. These surfaces make traces in the rolling
plane which are transverse to the rolling direction and are inclined at
an angle somewhat less than 45° to the surface. The character of the
deformation layers has never been properly elucidated. They are
rather irregular and it is consequently difficult to associate them with
any specific crystallographic plane. It is significant, however, that
they lie parallel to certain (110) directions of the (110) [112] and (112)
[111] textures, and it is possible that the deformation bands resemble
those in iron for which the deformation proceeds in the most favourable
slip direction without reference to any slip plane.

A certain amount of preferred orientation is developed by deformation
of the first type, but since each crystal within a polycrystalline mass is
deforming largely according to its own particular slip system the
degree of preferred orientation developed is rather small. Marked
preferred orientation is developed during the second stage of defor-
mation and the degree of preferred orientation increases progressively
with increased amounts of cold rolling but is independent of the grain
size of the slip before rolling.

ANISOTROPY AFTER PLASTIC DEFORMATION

The development of preferred orientation in cold rolled metals produces
some degree of mechanical anisotropy, but in general the magnitude of
the resulting variation in properties is not comparable with the change
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brought about through work hardening and by the presence of the
deformation layers described in the previous section. Thus the tensile
strength of copper!® is increased from 15 tons/sq in (23-6 kg/mm?)
in the soft condition to about 30 tons/sq in (47-2 kg/mm?) after a
cold rolling reduction of 97 per cent, but the anisotropy amounts only
to a diminution of tensile strength by 2 tons/sq in (3-1 kg/mm?) in the

60 I l 1 case of test pieces taken at 45° to the
Ao t=t=r /] rolling direction as compared with the
ol 2:20:.):.0 /I values for test pieces at 0° and 90°,
A, sentent / the latter values being identical. It is
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© T'"' — \/ between the tensile strength values at
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pa—— 0° and 90° to the rolling direction in
/ : cold rolled copper are observable
52 7‘:1’\ after reductions ranging from 25 per
\t ( cent to 90 per cent, the latter being

95 Per Cent . o e
/  Roling Reduction |__-+ slightly greater and the minimum

3

Tensite Strength Tons/sq in

== ’} e value still occurring at 45°,
“® e \/r 4 The anisotropy of cold rolled
pal _o=7 | brass!® strip is somewhat different
6 R P e S . from that observed for copper strip,
| o - " "T"] contrary to expectations in view of
¥ S the similarity of the rolling texture of

o " 70 Per Cent Rolling Reduction | these metals. For brass strip the ten-
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Figure 3. The variation of tensile strength . > X X
with direction of testing for 70/30 brass  direction, the difference in values

strip of three initial grain sizes increasing with the amount of cold
rolling. The variation in tensile strength with direction of testing in
70/30 brass strip of three initial grain sizes, cold rolled with reductions
in thickness of 70 and 95 per cent, is shown in Figure 3.

The difference in tensile strengths in the directions at 0° and 90° to
that of rolling can be explained, at least qualitatively, for both copper
and brass by the presence of deformation layers, although these appear
to have a greater influence in the case of brass. With rolling reductions
of 50 per cent and more deformation proceeds by crystal break-up
on the deformation layers or planes situated transverse to the rolling
direction and inclined a little less than 45° to the strip surface. In

290



PREFERRED ORIENTATION IN NON-FERROUS METALS

subsequent rolling or in tensile testing in the rolling direction deforma-
tion occurs by shear on the deformation layers. The resolved shear
on these layers due to an applied tensile stress is 2 maximum for tension
in the rolling direction and a minimum for tension in the transverse
direction. This effect is common to many heavily rolled metals and
alloys, and in some instances excessive cold rolling leads to a complete
disruption of the material by fracture on the deformation layers, as
illustrated by the photograph of a piece of over-rolled aluminium alloy
reproduced in Plate XXXV.

Single crystals of face-centred cubic metals are anisotropic in respect
of their elastic properties, Young’s modulus having a maximum value
in a (111) direction and a minimum in a {100) direction. The degree
of anisotropy, according to Scumip and Boas,!® is quite considerable
in copper, silver, and gold but only slight in aluminium.

The elastic modulus of a metal, however, is not greatly changed by
plastic deformation, although the elastic limit of annealed material is
extended by cold working. Observation of the elastic modulus then
provides a possible way of examining the effect of preferred orientation
independently of any work hardening effect, provided that no
mechanical defects are present. WEERTs!® has calculated the Young’s
modulus values of heavily rolled copper strip in various directions,
assuming the rolled structure to be composed of equal amounts of the
(110) [112] and (112) [111] textures. The values so obtained were in
reasonable agreement with those determined experimentally. The
Young’s modulus was a maximum in the directions at 0° and 90° to
the rolling direction and a minimum in the 45° direction. The modulus
of cold rolled copper thus varies in a similar manner to its tensile strength.

Since the structure of drawn copper wire is generally composed of two
textures for which the directions of maximum and minimum modulus
respectively are parallel to the wire axis, then cold drawing should not
be expected to affect the modulus value of wire to any appreciable
extent. For very large reductions in cross-sectional area, however,
there is evidence that the proportion of the (100) fibre texture diminishes
with a corresponding increase of the (111) texture, which should
result in a progressive increase in the modulus values. This may account
in part for the high tensile strength values observed for the central
zones in drawn copper wire in which the preferred orientation is most
highly developed.”-
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The hot working or extrusion of the duralumin type alloy!? results
in a high degree of preferred orientation but is not accompanied by
any work hardening effects. The anisotropy in mechanical properties
of the material is then directly related to the preferred crystalline
orientation. The tensile strength is greater in a direction parallel to
the axis of an extruded rod than in the transverse direction, probably
due to the development of a predominant {(111) texture in the alu-
minium alloy rod during extrusion. The texture of the rod is unaltered
by subsequent solution heat treatment and room temperature age
hardening apart from the development of a skin of coarse grain structure
at the surface.

The mechanical properties of the material are enhanced by the
heat treatment, while the tensile strength remains greater parallel to
the rod axis, the value in this direction being in fact appreciably
greater than in rod with a random orientation of crystals.

In the manufacture of forgings such as airscrews from extruded
sections of light alloy, where maximum tensile properties are required,
the hot working conditions are controlled so that the fibre structure
is maintained after final solution heat treatment. Forging at too low
a temperature results in some degree of cold working, with consequent
lowering of the recrystallization temperature below that of solution
heat treatment.

RECRYSTALLIZATION TEXTURES

Recrystallization textures are generally the result of annealing material
with a pronounced deformation texture. They are not usually as sharply
defined as deformation textures because the grain size of annealed
material is appreciable and there is some scatter of the orientation of
individual crystals about the mean position. In the x-ray examination
of annealed material separate diffraction spots will be obtained from
each diffracting crystal, and if the grain size is greater than about
0-02 mm mean diameter there will be, with stationary specimens,
insufficient diffraction spots to form a recognizable pattern. Some
improvement may be obtained by translating the sample in a fixed
plane during exposure so that a greater number of crystals can contribute
to the pattern.

A knowledge and control of recrystallization textures is of considerable
importance to metal strip manufacturers, particularly if the material
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is to be used for press work when directionality is to be avoided. The
study of preferred orientation in annealed material is also of funda-
mental as well as practical interest, for recrystallization textures are,
more often than not, quite different from the deformation textures from
which they are derived. A comparison of the pole figures of textures
of rolled and annealed material should give some insight into the
mechanism of the recrystallization process. The state of the theory of
the formation of recrystallization textures is less satisfactory than that
for deformation textures, and much further work is necessary in this field.

Texture in Annealed Wire—BARRETT! reports that there is no change
from the deformation texture when aluminium is annealed at tem-
peratures below 500°C nor when copper is annealed at temperatures
below 1000°C. The texture of aluminium and copper wire annealed
at higher temperatures is uncertain owing to coarse grain growth.

Textures in Annealed Strip—A texture similar to that in the cold
rolled strip has been reported by WiLsoN and Brick!® for 70/30 brass
cold rolled with a reduction in thickness of 97 per cent and finally
annealed for one hour at 650°C. Most recrystallization textures in
annealed strip, however, differ from those developed by cold rolling,
and the most common texture reported for face-centred cubic metals
is (113) [211]. This was first observed by GLOCKER!? in rolled and
annealed silver, and later by GoLErR and SacHs?? in some copper,
silver, and gold alloys. The (113) [211] texture in rolled and annealed
brass has been confirmed many times, most recently by Brick,?! Cook
and RicHArDs'* and WiLson and Brick.!® It is probably a true
recrystallization texture since the annealing temperature adopted in
these latter experiments was as low as 400°C in order to have specimens
of small grain size. Wilson and Brick!® observed the same texture in
brass cold rolled with a reduction of 98 per cent and subsequently
annealed for 24 hours at 250°C. These authors attribute the change
back to the (110) [112] deformation texture on annealing at 700°C
to grain growth.

Another characteristic recrystallization texture in annealed strip of
face-centred cubic metals is (100) [001]. A list is given by BARRETT!?
of the metals for which this texture has been observed. These include
aluminium, copper, gold, nickel, and the iron-nickel alloys which have
a face-centred cubic structure, that is those containing 30 to 100 per
cent nickel.
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The effect of various solute elements on the recrystallization texture
of copper have been studied in some detail by Brick, MARTIN, and
ANGIER.?? These workers note that an addition of only 1-2 atomic
per cent zinc was sufficient to change the texture from that of copper to
approximately that of brass. Additions of aluminium, cobalt, manga-
nese, nickel, nickel-zinc, and iron had the similar effect of changing
the recrystallization texture from that of copper to that of brass. It
would seem, however, from the pole figure for the alloy with 5-48 per
cent nickel that there was an appreciable amount of the (100) [001]
texture in the annealed material. MULLER2? has studied recrystalliza-
tion textures for alloys in the ternary system iron-nickel-copper cold
rolled with a reduction of 99 per cent. An extensive range of nickel
rich alloys recrystallized with the (100) [001] texture, including all
the binary copper-nickel alloys. The difference in the observations of
Miiller and Wilson and Brick is probably due to the differences in the
processing conditions upon which the type of directionality developed
in the finished strip is dependent, as Kaiser?4 showed for copper and
BasseTT and BRADLEY?® for cupro-nickel.

Development of Recrystallization Textures—The two main textures
described in the preceding section are generally the consequence of
very heavy rolling reductions and subsequent annealing, but strip
manufacturers require to know what specific variations in processing
conditions are responsible for the development of recrystallization
textures, in view of their practical importance.

BaLpwin,? and Cook and RicHARDs!? have studied in detail the
effect of variations in initial structure, final rolling reduction, and
final annealing temperature on the structure of copper strip, while
the latter investigators considered also the influence of variation in
the grain size of the material before the final rolling reduction. Both
investigations were made on tough-pitch or oxygen bearing coppers of
very similar quality, although Baldwin examined both electrolytic
tough-pitch copper and silver bearing tough-pitch copper and found
that the structural changes associated with variations in processing con-
ditions were practically identical for the two types of copper. Considering
that these investigations were carried out quite independently during the
war years, the agreement between the observations is most satisfactory.

Cook and Richards prepared four series of strips each representing
a distinct type of initial structure and three sets in each series with a
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particular average grain size. These strips were then cold rolled with
various reductions over a wide range and finally annealed at a number
of different temperatures. It was observed that the type of structure
present at the initial stage had little effect on the behaviour of the
copper on subsequent rolling and annealing, so that observations
on three series of strips were very much the same and only the observa-
tions on series N in which the initial crystals were randomly orientated
need be described as typical for the three series. Strip of the fourth
series S in which the initial structure was the recrystallization texture
(100) [001] behaved somewhat differently. Differences in initial
grain size were found to have a more significant effect on the final
structure than differences in initial structure.

With the three sets of strips of the N series it was found that cold
rolling with reductions in excess of 50 per cent developed a preferred
orientation corresponding to the usual rolling texture of copper, now
specified as (110) [112] and (112) [111]. The degree of preferred
orientation was independent of the initial grain size and dependent
only on the magnitude of the final rolling reduction. The individual
crystals of set NA, NB, and NC of initial average grain size A 0-025 to
0-03 mm, B 0-:04 mm, and C 0-06 to 0-065 mm were deformed during
rolling in direct proportion to the reduction of the strip itself, so that
the average thicknesses of the crystals were, after a rolling reduction
of 90 per cent, 0-0025 to 0-003 mm, 0-004 mm, and 0-006 to 0-0065 mm
respectively. x-Ray transmission photographs of the complete N series
of strips after annealing for one hour at 400°C are reproduced in
Plate XXXVI. These were taken using molybdenum radiation with the
rolling direction vertical and the specimens set so that the incident
beam was inclined at 10° to the normal to the strip about the rolling
direction. By this means the presence of crystals with orientations
parallel to the (100) [001] texture were readily detected, since one
family of {100} planes would be in strongly diffracting positions.

The transmission photographs show that the grain size in the finally
annealed strip decreases with increasing cold rolling reduction. On
annealing after reductions less than 50 per cent there is a completely
random orientation of crystals, but with reductions in excess of 50 per
cent, however, there is a development of preferred orientation. For the
set of strips NA the strong radial streak in the diffraction patterns
Plate XXXVI, characteristic of (010) reflections of the (100) [001]
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texture, first appears in the pattern of strip NA5 cold rolled with
final reduction of 80 per cent and is more marked in the pattern of
NA6 (reduction 90 per cent) and more or less fully developed in the
pattern of NA7 (reduction 95 per cent). The complete development
of the (100) [001] texture in the NA set of copper strips thus occurs
on annealing at 400°C after a reduction of 95 per cent when the
initial grains of average diameter 0-03 to 0-035 mm have been cold rolled
to a mean thickness of 0-:0016 mm. For the NB set of strips a reduction
greater than 95 per cent but less than 97-2 per cent is necessary before
the texture is completely of the (100) [001] type on annealing at 400°C,
while the reduction required in the NC series is greater than 97-2 per
cent. The main grain thickness corresponding to the critical reduction
is practically the same for all three sets of strips. More precise deter-
mination?? of this critical dimension for different temperatures of
annealing showed that it varied linearly with temperature, having a
value of about 25 X 10-% cm at 900°C and extrapolating to a zero
value at the temperature of absolute zero. The value of the critical
grain thickness for development of the (100) [001] recrystallization
texture at room temperature is 6 X 10-5 cm, and it has been shown?®
that when copper strip has been cold rolled so that the crystals are
thinner than this amount then spontaneous annealing occurs at ordinary
room temperature.

With strips of sets NB and NC which have been cold rolled with
reductions in excess of 50 per cent but less than the critical reduction
the preferred orientation developed on subsequent annealing is not
very well defined but bears some resemblance to the texture in the
rolled strip. The conclusion is then drawn that when the crystals
have been cold rolled so that they are thicker than a certain critical
dimension, then recrystallization occurs independently within each
crystal. When, however, the crystals are thinner than the critical
dimension after cold rolling, then recrystallization within any one
crystal has an influence on neighbouring crystals and a merging of
their textures occurs to form the (100) [001] recrystallization texture.
The change in orientation from that of the copper rolling texture
(110) [112], (112) [111], to the (100) [001] recrystallization texture
cannot be considered as simple rotation or twinning but rather as a
complex process of atomic rearrangement.
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Plate XXXV. Qver rolled aluminium
alloy strip

Plate XXXVII. Cylindrical cups made

Srom isotropic and anisotropic copper

strip, the latter with a (100) [o01] re-
crystallization texture

Plate XXXVIII. Erichsen test dome in anisolropic copper
strip with (100) [oo1] recrystallization texture




Plate XXXVI. X-ray transmission photographs

(molybdenum radiation) of copper strips of series

N, cold rolled with the reductions indicated and
annealed for one hour at 400°C
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Sacus and SPRETNAK?® have expressed the view that the develop-
ment of the (100) [001] texture is due to the presence of small amounts
of the texture in rolled metal acting as points of nucleation. This
explanation is not very satisfactory since it does not take into con-
sideration the clear dependence of the process on the grain thickness
after rolling, and seems quite untenable in the light of the behaviour
of the copper strip of series S with a specially prepared (100) [001]
texture on subsequent cold rolling and annealing. As forecast by
Pickus and MATHEWSON,!! this texture was found to be very stable
on rolling. It was hardly altered by reductions of 50 per cent, and
there was evidence in diffraction patterns of a substantial amount
of the (100) [001] after reductions in thickness up to 95 per cent in
addition to the normal rolling texture of copper. On subsequent
annealing, however, heavily rolled strip of the S series tended to develop
a recrystallization texture of the (113) [211] rather than the (100)
[001] type, soitis apparent that the presence of (100) [001] texture in the
rolled strip does not contribute to the formation of the same texture in
the finally annealed material.

Cook and RicHARDs!4 have also studied in detail the development
of the recrystallization texture in 70/30 brass strip. In this work three
sets of strip A, B and C were prepared with a random orientation of
crystals but with three different initial grain sizes, 0-01 to 0-015 mm,
0-025 mm, and 0-06 to 0-065 mm respectively. These were cold rolled
with reductions in thickness from 10 to 95 per cent and annealed finally
at temperatures ranging from 400 to 800°C. In order to finish up with
a series- of strips all at the same final thickness, material was prepared
at different gauges before the final rolling, which meant that strips
rolled with small final rolling reductions had already been subjected
to a number of cold rolling reductions and intermediate annealing.
To obtain the desired initial grain size, strips of the A series were
annealed at 400°C, cold rolled 25 per cent and again annealed at 400°C,
while strips of the B and C series were processed similarly but annealed
at 500°C and 575°C respectively.

x-Ray examination was carried out on samples of strip in the cold
rolled condition, and after annealing at 400°C. The same (110) [112]
rolling texture was developed in all three sets of strips to a degree which
was independent of the initial grain size and dependent only on the
magnitude of the final rolling reduction. The (111) pole figure of the
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brass strip A10 cold rolled with a reduction of 95 per cent, which is
reproduced in Figure 2, has already been described.

In brass strip annealed after rolling with reductions of 10 to 50 per
cent there was a preferred orientation similar in character to the rolling
texture, the behaviour of brass being therefore unlike that of copper
strip in which there was a completely random orientation after pro-
cessing under the same conditions. The degree of preferred orientation
developed actually decreased with the magnitude of the final rolling
reduction in the range 10 to 40 per cent and with the initial grain
size, being greatest in strip Al of smallest initial grain size rolled
with a reduction of 10 per cent, and least in C4 of largest initial grain
size rolled with 40 per cent reduction. It appears that in brass strip
the preferred orientation developed in preliminary stages is not com-
pletely removed on subsequent annealing, particularly if the reductions
are small and the intermediate annealing temperature low.

With reductions in thickness in the range 40 per cent to 80 per cent
there was in all three series of strips an increase in the degree of preferred
orientation on annealing. The degree of preferred orientation de-

Rolting Direction veloped was not marked and it was consequently
difficult to determine the orientation precisely.
It was greatest in strips of the A series of
smallest initial grain size.

BurcHOFF and BoHLEN?? have published pole
figures of the distribution of {111} planes in
brass strips rolled with reductions of 50 and
84 per cent and subsequently annealed.

While there was a slight difference in the
two pole figures, the preferred orientation

Figure 4. (111 Pole figure
of 70/30 brass cold rolled
lo 95 per cent reduction  represented by both approximated to the

and annealed at 400°C' ey ture of the rolled strip.

Marked preferred orientation was observed only in the strips of the
three series rolled with the two heaviest reductions in thickness, namely
90 and 95 per cent. The texture ultimately developed by heavy roll-
ing and subsequent annealing which was identical in the strips of
the three series, A, B and C, is represented by the (111) pole diagram
reproduced in Figure 4. This is in complete agreement with that estab-
lished by Brick.?! '

298



PREFERRED ORIENTATION IN NON-FERROUS METALS

By a direct comparison of the pole figures of cold rolled brass strip,
Figure 2, and annealed strip, Figure 4, an analysis of the mechanism of
reorientation on annealing can be made. The rolling texture is the
twin (110) [112] and suffixes 1 and 2 in Figure 2 relate to (111) pole
regions corresponding to the separate twin textures. The A, and A,
pole regions are common to both the rolling texture, Figure 2, and the
recrystallization texture, Figure 4.

Rolling Direction

The atomic rearrangement which
occurs on annealing heavily cold
rolled strip can then be considered as
a rotation or twinning or both of the
separate twin textures on the (111)
planes corresponding to their respec-
tive A poles. A diagram illustrating
such a mechanism is reproduced in

Fgure 5. Fi Diagram illustrating the atomi
. ) igure 5. Diagram illustrating the atomic
By rotations of 224° to the right rearrangement which occurs on annealing

and to the left the central pole Aeavily cold rolled strip. This can be
considered as a rotation or twinning or both
of the separate twin textures on the (111)
of the rolled strip merge to form the planes corresponding lto their respective A
Dboles

regions G, and C, in the pole figure

central pole regions D of the pole
figure of the annealed strip and to form new pole regions in the position
of the outlined circles marked S, Figure 5. Rotation on the (111) planes
may give rise to twinning on those planes, and the positions of (111)
poles of the rolling texture after 224° rotations and subsequent twinning
are indicated by the full black circles. These latter positions correspond
more closely than those of poles resulting from rotations only to the
observed pole regions for annealed strip, so that the reorientation on
recrystallization of heavily rolled brass should be regarded as a com-
bination of rotation and twinning of the twin (110) [112] textures
of the rolled strip.

The mechanism of reorientation occurring on annealing heavily
rolled copper, as stated earlier, cannot be considered as simple rotation
and twinning as in the case of brass, but it is perhaps significant that
the positions of poles marked S in Figure 5 correspond to the positions
of the (111) poles of the (100) [001] recrystallization texture.
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ANISOTROPY OF ANNEALED MATERIAL

Anisotropy in annealed material is directly related to preferred orienta-
tion and is a factor of major importance in strip manufacture. Certain
recrystallization textures are specially developed in silicon-iron or
iron-nickel strip for transformer laminations so as to take advantage
of the high magnetic permeability values obtaining in particular
crystallographic directions. In non-ferrous metals, however, anisotropy
or directionality is generally an undesirable feature which should be
avoided, since it leads to difficulties in pressing or deep drawing
operations.

The initial approach to the problem, notably by KAIser,24 BAsseTT
and BrRADLEY,?® and Cook,3! was largely on empirical lines. In these
investigations metal strip was processed with rolling reductions of
different magnitudes and with various intermediate annealing con-
ditions. Anisotropy in the finally annealed strip was detected and esti-
mated by a simple but sensitive cupping test, in which a circular blank
is cut from the strip and formed into a cylindrical cup by passing
through a die. If the strip is completely free from directional properties,
then the cups so formed have level brims, but cups from anisotropic
strip have wavy tops with the crests or ears situated symmetrically
with respect to the rolling direction.

Kaiser?¢ observed four ears situated at 0° and 90° or at 45° with
respect to the rolling direction on cups cut from annealed copper strip,
depending on the processing conditions. Bassett and Bradley?’ found
that cupro-nickel strip had cupping characteristics similar to copper.
The formation of ears of the 0°, 90° type has not been observed on
cups made from brass strip, but the 45° type is quite common.3!
Earing has also been observed!418.30.32 in other positions on cups
from brass strip, namely four ears at 55° and six ears at 0° and 60° to
the rolling direction, depending on the rolling and annealing procedure.
Kaiser,?¢ Bassett and Bradley,?® and Cook?®! all appreciated that
the anisotropy of the strip was due to a preferred orientation of
crystals. Kaiser was able to relate the 0° and 90° type of earing for
copper strip to a preferred orientation of crystals such that a {100}
plane of the face-centred cubic lattice of copper was parallel to the
strip surface and a (100) axis parallel to the rolling direction, whereas
the 45° type of earing was related to a preferred orientation of crystals
in which a {110} plane was parallel to the strip surface. Bassett and
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Bradley noted that cupro-nickel strip which yielded cups with 0° and
90° ears had a typical microstructure with twins aligned in one of two
directions at 90° to each other. Cook observed the distribution of
twinning directions in rolled and annealed brass strip and was able to
connect directionality in properties with preferred crystalline orienta-
tion, although the preferred orientation was of a complex character.
With strip having the (100) [001] recrystallization texture the ears on
cups are invariably situated at 0° and 90° to the rolling direction. The
height of the ears increases with the proportion of the crystals in the
strip which are oriented similarly to the (100) [001] texture,33 the
ears being of appreciable height when the proportion exceeds about
10 per cent. Photographs of a flat topped and an eared cup from iso-
tropic copper strip and anisotropic strip with the (100) [001] texture
respectively are shown in Plate XXXVII.

A second effect arising from directionality is due to low ductility in
certain crystallographic directions. This effect, which is of consequence
only in strip with a high proportion of the (100) [001] texture, is illus-
trated in Plate XXXVIII. Thisis a photograph of the dome produced in
an Erichsen test, in which a steel ball is pushed against a clamped copper
strip until the first signs of fracture appear, the height of the dome
being a measure of the ductility of the strip. With directional copper
of (100) [001] texture, fractures appear prematurely in positions at
0° and 90° to the rolling direction.

The connection between the earing effect of anisotropic strip and
the variation in its mechanical properties, tensile strength, and elonga-
tion is not obvious. Thus, for example, the crests of ears on cups
from brass strip are situated at points on the brim corresponding to
directions in the strip for which the tensile strength values are a
minimum and elongation values are a maximum,!¢ while from copper
strip with the [100] [001] texture the ears are situated in the 0° and
90° positions corresponding to positions of maximum tensile strength
and minimum elongation.34

This apparent lack of correlation of earing behaviour with mechanical
properties is further illustrated by diagrams published by WiLson and
Brick, 8 in which the values of various mechanical properties of copper
and brass strips are plotted against the direction of testing and the
variations compared with a record of the cup contour. The only
really consistent correlation is that the elastic modulus values in tension
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and compression are at a maximum for directions corresponding to the
troughs of the wavy tops.

A rational interpretation of earing behaviour in terms of the structure
has been made by Wilson and Brick, who compared the contour of
cups from directional brass strip with the (111) pole figure of the strip.
The troughs were in general observed in directions corresponding to a
high concentration of (111) poles on the periphery of the pole diagram
and ears in the direction of low peripheral concentrations. The connec-
tion between earing directions and peripheral poles is explained by
assuming that in the cupping operation the major deforming stresses are
circumferential, the effect of these being to reduce the diameter of the
circular blank to that of the cylindrical cup. Plastic deformation in face-
centred cubic metals occurs by slip on {111} planes, and circumferential
stresses in directions of peripheral (111) poles develop no resolved shear
on the corresponding {111} planes. The resolved shear is greatest in
directions 45° from peripheral (111) poles, so that circumferential
stresses should have maximum effect and should develop ears in these
directions. To complete this explanation the behaviour of each component
of the recrystallization texture should be considered independently and
directions at 90° to peripheral concentrations of (111) poles as well
as the directions of the poles themselves should by the same argument
be positions of troughs on cups. The explanation does not take into
account the influence of poles other than the peripheral (111) poles
and so cannot predict the earing behaviour of copper strip with the
(100) [001] recrystallization texture.

The (100) [001] recrystallization texture has only one component
and the structure can be regarded as practically equivalent to that of
a single crystal. A rigorous analysis of the problem of directionality
in strip with the (100) [001] texture is then possible. The (113) [211]
recrystallization texture of brass is far more complex, since it is made
up of at least eight components, four arising from two opposite rotations
of twin (110) [112] textures and four from subsequent twinning.

WEERTs!® has shown that there is a very close agreement between
experimentally determined Young’s modulus values in different
directions of a copper strip with the (100) [001] texture and theoretical
values computed from the known maximum and minimum values in
(111) and (100) directions respectively.

Several workers?%34-37 have examined the directionality in
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mechanical properties of copper strip with the (100) [001] texture and
there is a reasonable measure of agreement in their results. Cooxk and
RicHARDs®* have made a detailed analysis of their observations, in
which the variations in mechanical properties with direction of testing

are related to the resolved shear on the
operating slip planes due to applied tensile
forces. There are four families of {111}
or slip planes, and the values of the shear
on each of these resolved along the nearest
slip direction due to an applied tensile
stress are plotted in Figure 6 against the
direction of the applied stress. Also
plotted in Figure 6 are the experimentally
determined elongation and tensile strength
values.

Elongation is a minimum in directions
at 0° and 90° to the rolling direction,
that is in (100) directions, corresponding
to directions of the applied stress for which
the resolved shear on each of the four
slip planes is high and equal in value.
It is a maximum in the 45° or (110)
directions, the direction of the applied
stress for which the resolved shear is zero
on two of the slip planes, and has a
minimum value on the other two. The
ductility of the strip is therefore least in
the direction in which the applied stress
causes all four sets of slip planes to operate
simultaneously and greatest in the direc-
tions in which the applied stress results in
slip on only two sets of planes. The
directions of minimum ductility in tension
thus correspond to positions of premature
fracture in Erichsen tests, Plate XXXVIII,
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The tensile strength values appear to follow inversely the variations
in the resolved shear on the planes of maximum resolved shear 1 and
3, or, in other words, it would seem a constant resolved shear is required
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in the operating slip planes to cause fracture, for all directions of testing,
which is analogous to the conditions for slip in single crystals.’® This
correspondence is more apparent than real, for tensile strength values
are expressed in terms of maximum applied load divided by initial
cross-sectional area of the test piece. The actual or true stress at
fracture should be determined by dividing the maximum load by the
reduced area of cross-section at point of fracture. An approximate
estimation of the true stress at fracture can be made by multiplying
the tensile strength value by a factor (1 + ¢), where ¢ is the elongation
of the test piece expressed as a fraction of the gauge length. The
approximate true stress values at fracture, also plotted in Figure 6,
indicate that the variations in true stress values are similar to the
variations in elongation values, being at a minimum in the 0° and 90°
or (100) directions and at a maximum in the 45° or (110) directions.
The true stress/strain characteristics of a metal in tension and com-
pression are practically identical so that it would seem that the
positions of ears on cups made from copper strip with the (100) [001]
recrystallization texture correspond to directions of minimum true
tensile or true compressive strength of the strip. The same relationship
holds for annealed brass strip since the observed variation in elongation
values are so small that the directions of maximum and minimum true
stress values are identical with the positions of the maximum and
minimum tensile strength values.

The writer wishes to express his thanks to Dr Maurice Cook for his
encouragement and interest, and to his colleague Mr E. C. Williams for
assistance in the preparation of the manuscript.
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7
DIFFUSION OF METALS IN METALS
A. D. Le Claire

IT was early observed that if the partition separating two different
gases or liquids was removed, changes occurred which finally led to a
uniform concentration of each component on both sides of the plane of
partition, and this tendency towards homogenization was termed
diffusion. Although a number of phenomena involving diffusion in
solids such as the carbonization of steel, the cold welding of metals,?
and the making of alloys by heating metal powders? were familiar quite
early on in the last century, it was not until 1896, when, RoBERTs-
AusTEN?® measured the rate of diffusion of gold in lead, that the first
quantitative study of the subject for its own sake was made. Since then
diffusion has been studied in a great number of systems and there has
grown up, particularly in more recent years, an appreciation of the
very important part played by diffusion processes in numerous metal-
lurgical phenomena (see, for example, some of the reviews on the
subject, particularly by MEenL4-%). For this reason, as well as the
interest in the subject for its own sake as a branch of the wider field
of the physics of the solid state, a thorough understanding of the factors
affecting the rates of diffusion in solid metals is of great importance.
Such an understanding can only be based upon a substantial foundation
of accurate and careful measurements of diffusion coefficients in a
large number of systems, and it is the main purpose of this chapter to
describe in some detail a phenomenological theory in terms of which
such measurements should be made and to review briefly the experi-
mental methods which have been used. Finally we shall mention some
of the more important results which have been obtained and the
conclusions which have been drawn from them.

The first mathematical treatments embodied the realization, later to
be modified as shall be seen, that for diffusion to take place between
two points there must be a difference of concentration between them.
Guided no doubt by the analagous case of thermal conductivity which
had been studied just previously by Fourier in 1854, Fick? defined a

306



DIFFUSION OF METALS IN METALS

diffusion coefficient D, for diffusion occurring along the x direction
only, by the relation:

ac
S__AD'E: e (D)

where § is the amount of material diffusing in unit time through an
area A, perpendicular to the x axis, at a point where the concentration
gradient is dc/ox, the negative sign expressing the fact that diffusion
takes place down the concentration gradient. D has the dimensions
L2T-1. The form of equation 1 is justified by more fundamental
treatments of the diffusion process, as will be seen later.

Equation 1 is applicable only to stationary flow. A more general
form readily derived from it is:

oc 0 ac
a7=a_x(Da—x) )
where dc/ot is the rate of accumulation of the diffusing material at a
point where the concentration gradient is dc/dx, the concentration ¢
being expressed in the same units on each side of the equation.
The extension of this to diffusion in three dimensions is readily
made:
oc 0 ac 0 dc 0 dc
o= w(-5) + 5 (0 g) % (2 5)
The three different diffusion coefficients D,, D, and D, provide for a
possible anisotropy in diffusion, which is in fact found in non-cubic
crystals such as bismuth® and zinc.® Anisotropy has also been
reported, most surprisingly, in cubic crystals,1® but this has not yet been
confirmed.
If we now make the assumption that D is independent of concen-
tration, equation 2 becomes:
oc o%¢c
i D g N )
Until 1933 all experiments in metallic diffusion were interpreted in
terms of solutions of this equation satisfying the boundary conditions
appropriate to the particular experimental arrangement being used;
or perhaps it would be more true to say that experimental arrange-
‘ments were adopted for which solutions of equation 3 were available.
An approximate solution of equation 2 which does not involve the
assumption that D is constant was given by BorrzmanN!! as early
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as 1894. In 1933 Martano!? applied this to the diffusion data for
the Ni-Cu system obtained about a year earlier by GRuBE and JEDELE!3
and showed that there is a marked, approximately tenfold, variation
of D with concentration., Grube and Jedele themselves, and later
Jedele4 for the alloys of gold with platinum, palladium, and nickel,
had pointed out that D was by no means constant for the systems
studied by showing that their data could not be fitted to a solution
of equation 3 over the whole range of concentration for a single
value of D. Subsequently such a variation of D has been found in all
alloy systems investigated by the Matano and Boltzmann or the
Grube and Jedele method. Strictly speaking then, all diffusion
measurements should be interpreted in terms of equation 2; all those
employing equation 3 will give in general only a mean value of D
over some range of concentration, and so the results will not be nearly
so useful for theoretical purposes. Grube and Jedele, and Jedele did,
however, calculate a series of values for D at different concentrations
using equation 3, and their method, approximate though it is, has
been used more recently.1%

A variation of D with concentration calls for a reconsideration of
Fick’s equations 1 and 2, and we may look at the matter from the
following point of view. An equation

Mass flow = Constant D X Gradient of concentration . . . . (4)
has been postulated to describe diffusion processes, and as a first
approximation D has been assumed constant. Experiment has shown,
however, that D varies with concentration, and if we are to retain the
general form of equation 4 we can either allow that D varies with
concentration so that a complete phenomenological account of diffusion
in any system may be expressed in terms of equation 4 and a relation
expressing the variation of D with ¢, or slightly modify the equation
toread:

Mass flow = Constant Dy, X Gradient of some function of
concentration .
and then set out to find a suitable form for the function of the concen-
tration f(¢) so that D, becomes a true constant. The distinction
between these two modes of procedure seems first to have been made
by ULLER in 1931.1¢ We may then write our fundamental diffusion
equation in one of three forms:
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o

a Mass flow = Dy, %5, leading to _376‘ =D g

b Mass flow = D(¢) L leading to g _ 2 (D 60) N )]

ox’ ot ox ox
2
¢ Mass flow = Dy, ifégﬁz, leading to 2—: =D, _____aai(zf_)

Equations 56 and 5¢ are the only ones applicable to interdiffusing
metal systems. Equation 5a has been applied but gives only an average
value of D and is valid strictly only for self diffusing systems.

Clearly, if D(c) . dc is a perfect differential, then equations 56 and
5¢ are equivalent.

Some suggestions have been made recently!”:18 as to the form of
f(c), and equation 5¢ incorporating these has been applied to experi-
mental data on the diffusion of carbon in iron and of zinc in brass.
The range of variation of the measured diffusion coefficient with
concentration is much reduced, and in the case of carbon in iron
calculated values of Dy, are very nearly constant. But we shall see,
when we have treated the diffusion process from a more fundamental
and less postulatory basis, that there exist no a priori reasons for
believing that Dg, should be constant. It will be found that equation
5b is the most suitable form in which to represent diffusion processes
and that D(c) can be expressed as the product of two factors, one partly
dependent upon the departure of the solid solution from ideality and
proportional to the average diffusion force acting on one atom and the
other a mobility term determining the average velocity produced by
this diffusion force. Both of these terms will be expected to vary with
concentration, and it will appear that only when certain assumptions
are made about the dependence of the mobility upon concentration
does D(c) . dc become a perfect differential and an equation of the
form 5¢ hold. In other words, the validity of the suggestions about
the possible forms of f(¢) that have so far been made depends upon the
truth of the assumptions they imply about the variation of mobility
with concentration.

With equation 55 as the most appropriate one for the representation
of diffusion data, the task of diffusion theory is to interpret the various
quantities contained in the expressions we shall derive for D(c) in
terms of atomic properties of the diffusing atoms, or perhaps in the
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first place to relate them to other measurable properties of the sub-
stances, e.g. melting point, sublimation energies efc which might
appear the more intimately related to the diffusion process. Success in
this direction will depend to a certain extent upon the correct inter-
pretation of diffusion experiments and the separation of measured
diffusion coefficients into their physically significant parts in the way
which will now be described.

PHENOMENOLOGICAL THEORY

The free energy G of any phase consisting of a number of components is
a function of the mol number ¢; of each component 7, ofthe temperature,
the pressure, and of any other constraint such as a centrifugal or
electric field which may be present. If the composition changes by
amounts dc,, dc, etc while the temperature, the pressure, and other
constraints remain the same, then the change in free energy is:
46 =284, + 2% qe, + . . = uyde, + ngdey + . . .
acy ocy

where the y,, the ‘chemical potentials,” are functions of all the ¢; and of
the temperature pressure and of the other constraints. u; is then the
increase in free energy per mol consequent upon the addition of an
infinitesimal amount of the substance i to the phase under consideration.

Now the chemical potentials of the components of a system in which
diffusion is taking place are quantities far more fundamental in deter-
mining the process of diffusion than are their respective concentrations,
for a system is in thermodynamic equilibrium only when the chemical
potential p; of each component i is the same at every point in each
phase throughout the system. If the chemical potential of component 2
at one point is greater than at a second point, then, in those systems in
which we are interested, flow by diffusion of the component 7 will take
place from the first point to the second. We see then that the essential
requisite for diffusion to occur between two points is that there exists
between them a difference in chemical potential and that diffusion
takes place down the chemical potential gradient which is not also
necessarily the direction from higher to lower concentration. Quali-
tative demonstrations of this fact have been discussed by DARKEN,?
who states that ‘cementite in intimate contact with austenite saturated
therewith exhibits no tendency to lose carbon to the austenite; in
fact, austenite supersaturated with respect to cementite tends to
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lose carbon to produce this higher carbon phase, that is, carbon diffuses
from a region (austenite) where it is present at a lower concentration
to a region (cementite) where it is present in a higher concentration’.
The reason for this is that the chemical potential of carbon in cementite
is less than it is in austenite in spite of the concentrations being in the
reverse order of magnitude. Such examples of uphill diffusion (uphill
against the concentration gradient) are not very common, but being
extreme cases they illustrate best the importance of chemical potentials
in determining diffusion processes.

Consider one gram atom of material to diffuse from a point O where
the chemical potential is po to a neighbouring point O’ distance 8x away,
where the chemical potential is po’ (bo > Ho’). Then the decrease in
free energy per gram atom is given by:

2 2
Mo — Mo’ = us +(6:: (8;,))

and when second order terms can be ignored we may consider there to
be an effective diffusion force acting on one gram atom given by

F = — oy/ox. For the ‘force’ on one atom of type ¢ we shall have:
— 1 o
ﬂ_— ¥ ox .. .. (6)

where N is Avogadro’s number and u, is the chemical potential of the
'™ component. This is a perfectly general result which we shall use as
our starting point. The precise form of u will depend upon the system
being studied and upon the constraints placed upon it, such as stress,
electric field, centrifugal field etc but we shall only consider in any
detail a system in which u is entirely determined by the temperature,
pressure, and composition at each point. Generally too the systems
will be isothermal and the applied pressure zero.

In ideal solid solution the chemical potential of the ™ component
is given, in terms of its concentration, expressed as a mol fraction N, by
the relation:

me = ko(T,p) + RT log N, e (D)
but when the solution is not ideal the mol fraction is replaced by the
activity a; (referred to the pure i component as standard state),
defined so that

ue = ko(T,p) + RT log a, R )]
where ky(7,p) is the free energy per mol of pure substance i and hence
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a function of 7 and p only. Since we are dealing only with isothermal
sobaric systems we can treat k, (7, ) as constant. The activity of pure ¢
and for ideal solutions the ratio a,/N; (=Y, the ‘activity coefficient’)
are both equal to unity; the departure of y from this value is a measure
>f the departure of the solution from ideal. From equations 7 and 8,
then, it might appear reasonable to postulate that the concentration
in Fick’s equation 1 should also be replaced by the activity so as to

read:

Mass flow = Dy, -Z%‘ R )|

or in other words to postulate that in equation 5¢, f(c) = a;.

This is just what DArRkEN!? and BircHENALL and MEHL!® have
done, and their work will be discussed in more detail later. As men-
tioned before, they hoped to obtain by this means a constant D,
in 9, but it will be seen that by substituting activity for concentration
in this manner they were correctly allowing for the departure of the
solution from ideality in so far as it affects the diffusion force acting
on an atom but were implicitly making an assumption as yet un-
justified about the dependence of mobility on concentration.

We shall now proceed to derive the general form of Fick’s equation,
starting from the principles embodied in relation 6. We need to con-
sider two separate types of mechanism when discussing diffusion in
metals.

1 The elementary atomic process determining the rate of diffusion
involves the net movement of one atom only. This will be the case for
‘hole’ diffusion, diffusion of gases in metals, interstitial diffusion, and
probably grain boundary diffusion. As pointed out by GLASSTONE,
LAIDLER, and EYRING,!? this does not necessarily mean that only one
atomic species is involved in the diffusion but only that the diffusion
process as observed is the net effect of a series of atomic processes each
involving the movement of only one atom at a time.

2 Diffusion takes place by the mutual interchange of positions
of two neighbouring atoms. For this process to lead to an observable
change the participating atoms must, of course, be of different species.

Type 1. Mechanisms involving One Atom—The average diffusion force
acting in the x direction on a single atom of species 7 is given by
equation 6:
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Let the mobility of the particle, that is, its average velocity under unit
force, be G,. Then if C, is the average velocity of diffusion of the
particle relative to same fixed lattice point we shall have:

Gi | 2u

N ox

Ifn,is the number of atoms of 7 per cc, the number An; of atoms of i cross-
ing unit area perpendicular to the x direction in unit time is given by:

G; o

Aﬂ;‘:—n‘—N--a—x . (10)
= — n‘% RT ﬂc@’f—a‘ by equation 8
— 0 log v, _%
o n‘GkT(.N, T oN; ) ox

where a; has been replaced by the activity coefficient y; (a; = Nyy;)
and J; is the mol fraction of the i™ component. The increase per unit
time of the number of atoms per unit volume contained between planes
at ¥ and ¥ + dx is then:

o _ 9 1 2logy.) aN;
e —ax{n,GkT(‘Ni-i— o ) 8x} RPN 1)

Assuming that the atoms are of sufficiently the same size for Zn; to
be constant; equation 11 can be written, since N, = n,/2n,:

ON; _ 2 log v\ oN;
. {G‘kT(l+al gN) ax} .. (12
so that the diffusion coefficient D’; for a type 1 mechanism appears as:
e dlo y)
D, G,k:r(1+—g—algM ... (13)

This equation is identical with that derived by OnsaGer and Fuoss??
for dilute electrolytes as far back as 1932, by DEHLINGER?! for alloys,
using a slightly different method of approach in 1936, and more
recently, as a simple case of a more general relation, by Lamm,.?2
The essential role played by activities and activity coefficients in the
diffusion of liquids seems to have been realized for some considerable
time but it is only more recently that their importance in metallic
diffusion has been widely accepted.

313



PROGRESS IN METAL PHYSICS

Several interesting facts emerge from a study of equation 13. Since
by the Gibbs-Duhem relation for a binary system we have:

ology, _ dlogy, N 0 £)
dlog Ny dlogh,

the expressions for the rates of diffusion of the two components of a
binary alloy will differ only in the mobility term G, and only when the
mobilities of both components are equal will the diffusion coefficients
be the same. Until quite recently the assumption usually seems to have
been made in the interpretation of metallic diffusion experiments in
binary systems that this equality always held, that is to say, that at
any one concentration one diffusion coefficient alone was sufficient to
express the rate of diffusion in any binary system, whatever the
mechanism, although in many other studies involving diffusion in the
solid state, such as scaling,?? diffusion in ionic crystals?4 and tarnish-
ing, 2% it is generally allowed that the
various components can diffuse at
different rates and no suggestion that
such behaviour is anomalous is ever
made. From the recent experiments
of SMiceLskAs and KIRKENDALL2S it
seems almost certain, at least in the
case of zinc and copper in « brass,
Copper that the separate rates of diffusion in
Figure 1. The experiment of Smigelskasand  a]loy systems also are not necessarily
Kirkendall .
equal. These two workers laid fine
molybdenum wires along the opposite surfaces of a rectangular bar of
brass and then plated the whole with a thick layer of copper as illus-
trated in Figure 1. After heating for some time to allow diffusion to take
place, the bar was sectioned and the distance between opposite brass/
copper interfaces, as defined by the molybdenum wires, was measured
and found to be considerably less than the original distance by an
amount much greater than could be accounted for by any changes in
density consequent upon the diffusion. The conclusion is then that the
zinc must have diffused out of the brass much faster than the copper
could diffuse in.
Similar evidence of unequal diffusion rates of the two components
of a binary alloy has been obtained for « aluminium bronzes.3”
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And again BuckLE,!2? in attempting to locate the original interface of
an interdiffusing couple of silver and zinc, found an anomalous volume
change in the diffusion zone which he could only account for as due to
the fact that the diffusion interchange across the «-B boundary was
‘strongly to the advantage of the B phase’. That is to say there is a
greater diffusion across the «-p interface of Zn from the B into the «
phase than of Ag in the reverse direction.

We might mention too that JEDELE4 as far back as 1933 put forward
evidence that the rates of diffusion of the two components of the alloys
of gold with palladium, nickel and platinum were not equal, but this
cannot be taken as conclusive on account of his method of analysis,
involving as it does the use of equation 3 only. Thus is revealed an
entirely new aspect of the subject of metallic diffusion and it becomes
important to investigate experimentally and theoretically this ‘Kirken-
dall Effect’ in as large a number of systems as possible and to develop
new and refined techniques for doing so.

The above remarks depend in part upon the validity of the applica-
tion of the Gibbs-Duhem relation 14 to phases in which the diffusion
is taking place. We must inquire if the density and other physical
properties at a point in the diffusion zone are the same as that for an
ordinary homogeneous alloy of the same composition as at that point.
If not, then the activity coefficients measured as they are for alloys in
homogeneous equilibrium will not be the same necessarily as for an
alloy in which diffusion is taking place. That such a change in density
may occur is suggested by the experiments of Smigelskas and Kirken-
dall.28 If confirmed then the relation 12 for D’,, although correct as
it stands, will only be approximately correct when measured values of
activity coefficients are inserted, and furthermore D’; and D’, will
not necessarily differ only in the mobility terms. When the diffusion
mechanism is of type 2 the diffusion coefficients are essentially the same
for both components and the Gibbs-Duhem relation will be valid
at all points of the diffusion zone.

Type 2. Mechanisms involving Two Atoms—Since in this case two
neighbouring atoms are involved at the same time in the elementary
rate determining process, we must write for the average diffusion force
acting on an atom of species A in a binary solid solution of A and B:

ﬁ=_}7(%_?£z) C . (15)
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where p, and pg are the chemical potentials of the two components.
This follows at once from an extension of the argument leading up to
equation 6. The force on the B atom exchanging position with the A
atom is similarly given by:

1

fn=—w(%—%)=—fA . . .. (15a)

and is numerically equal to £, as expected. We have assumed in relation
to 15 and 154 that the net changes in position of the two interchanging
atoms are equal, which will be true at least in those cases where the
atomic sizes do not differ appreciably.

We may now define a mobility term G,p in the same way as for
type 1, such that when unit force acts on an atom of A, G,3 is the
average velocity with which A moves during the time taken for a
complete A to B, B to A exchange process, which time includes that
spent by the A atom as a neighbour of B before the exchange occurs.
This latter proviso enables us later to relate G,g to the relations for
probability of exchange obtained from the various theoretical treat-
ments of the diffusion process. The mobility of atoms of B under
similar conditions may be defined as Gg,, but by the very nature of
the process and the equality of f, and f3, Gag and Gp, are equal and
the subscripts may be written in either order.

When the force is given by equation 15, the average velocity of an
atom of A during an A to B exchange is given by:

The number An, of atoms of species A moving across unit area in unit
time is equal to the number of atoms of A in volume C, multiplied by
the fraction of the neighbours of A which are on the average of type B,
since only interchanges of A with B will lead to an observed change
in the system. This fraction is clearly N, the mol fraction of B.
Exchanges of atoms of type A with others of the same type lead to no
observable change in the concentration and so are of no importance
in the diffusion. In accordance with this, the average force acting on
an A atom during an A to A interchange is:

1 (ou _ om) _
Jaa N(ax ax)_o
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We have now for An,, when n, is the number of atoms of A per unit
volume:

Dny = — Nyny o (_3_“5 - ﬁ'i&)

N \ex ox
—_ — _G_Ag Ous _ Oug ON,
= — Ny B (6NA 6NA) Sa ... (16)

and for the rate of accumulation of A atoms per unit time, between
planes at x and x + dx:

oy 9 {NB”AGAB ( oM 3“5) a-NA}

ot ox N ANy, 0N, ox
or Pa_ 2 NANBGAB(auA _ 3“») Ny (17)
ot ox N AN, N, ox| """

if we can assume, as before, that the atomic radii of A and B are
sufficiently the same for us to put n, + 7z = constant.

From equation 17 we see that the diffusion coefficient D", for a
type 2 mechanism is given by:

D' — NaNgGag ( Oup 3“3)
A= —

N ONy,  ON,
— 9 log Naya 0 log -NBYB)
— NANBGABkT( o o ... (18)
— ology,  dlogys
—GABI:T{1+NANB( o T ) .. .. (18q)
since dNV, = — dMNp. Equation 18a was first derived by Dehlinger?!

in 1936 by a slightly different method. By employing the Gibbs-Duhem
relation 14, which as we have seen should be exactly applicable to the
changing concentrations in diffusion zones where a type 2 mechanism
is operating, equation 18a reduces for binary systems to a form identical
with that obtained for type 1 mechanisms. By equation 14:

ologys  Na, Ology,  _ 2logys
a'NB .NB aNA aNA
Therefore
Dy = GABkT{l + Ny (1 — N, 208Ya lgﬁrﬂ + Na? ?%%,—EA}
— 9logya 1
GABkT{l n alogNA} ... (19

which is identical in form with equation 13. The condition that
D, = Dg, required for a type 2 mechanism, is clearly satisfied on
account of the symmetry of equation 18z and the equality of G, and

317



PROGRESS IN METAL PHYSICS

Gpa. STEARN, IrisH, and EyriNG2® have derived a relation similar to
equation 19 in which the bracketed term is

(1 + 9 logya )

Npo log Ny

but in their derivation appear to have ignored the change in the
entropy of mixing of B which necessarily accompanies the change in
that of A in this type 2 mechanism. This is allowed for in the above
method of derivation.

BeEcker?® has given an expression for the diffusion coefficient
which, while equivalent to the expressions 13 or 19 which we have
derived, is in a form more convenient for some theoretical purposes2®: 3¢
since it involves the free energy directly instead of the less tangible
but more readily measurable activity coefficient. Becker’s expression
is, with change of notation:

2
Dy = Ny NoGas ;;.Nfi
where G is the total free energy of the solution divided by the total

. (20)

number of atoms present. Now
NOG = ppd N, + pgdMNg = (Ba — vg) AN,
where ;N = Avogadro’s number, and
9®G 1 [y, Oug
o = w (o, ~ )

Inserting this value of 92G/aN,? into equation 20, we obtain after
substitution for p an expression identical with 18 which as we have
already seen reduces to equation 19.

Several Mechanisms Operating—When more than one mechanism is
operative, as for example when some atoms are diffusing by a hole
mechanism, as discussed later, and others by an exchange process,
then we shall have to define a mobility for each mechanism and our
equation will take the form:

D = (GAT + G4T) (1 + —g%f—%)

However, in the majority of cases G, and G, will be very different,
so that the smaller of them may be ignored and we arrive again at
equation 13 or 19.

Of more interest is the case where diffusion is occurring by some
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mechanism through the lattice and also along the grain boundaries.
We may now perhaps write D in the form:
D = (x,CAT + (1 — %) GAT} (1 —g—l‘g—g?lv)

where x is the effective fraction of a unit area through which diffusion is
occurring by the grain boundary process, although the exact evaluation
of x in any particular case would be very difficult. This point has
been discussed by Mehl.® We need to know whether there is a sharp
boundary where the volume or lattice diffusion gives place to the
more rapid grain boundary diffusion and, if so, its depth below the
surface of the grain, or whether the transition is a more gradual one
so that as we move from the surface into the grain the observed diffusion
coefficient changes continuously. Practically nothing is known about
this.

Uphill Diffusion—Equations 12 or 19 and 20 indicate very general
conditions for uphill diffusion to occur, for whatever the mechanism
of diffusion in a binary system, D will be negative whenever

ologya 4 1 <o )Y

or when (Becker)
— <0 S ¢ U))]

Also, when either of these expressions is equal to zero the diffusion
coefficient will be zero and no diffusion will take place however large
the concentration gradient. It would be most interesting to perform
experiments on systems for which the activity is known to have a
maximum or minimum value, as well as to correlate cases of uphill
diffusion with relation 21. No work along these lines has yet been
reported, nor indeed has any experimental work been performed, until
very recently by DANIEL,3® on systems exhibiting uphill diffusion.
The reason for this probably is, as Miss Daniel points out, the difficulty
of isolating the uphill diffusion process from other phenomena such as
nucleus formation, grain growth and precipitation, with which it is so
often associated. By employing the quite unusual properties of the alloy
CuFeNi,, Miss Daniel has been able to avoid this difficulty and to
study the process of uphill diffusion in this alloy. Her results provide
a confirmation of equation 20.

Conditions 21 only apply to systems for which the chemical potential
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is a function of temperatures and concentration alone. A more general
form of the condition for uphill diffusion in all binary systems is clearly:

Ous 15
<o .. (218)

which is equivalent to Becker’s relation 2la. p, may now include
energy terms due to strain, electrical fields, centrifugal fields etc.
Condition 215 may then be satisfied by the presence of suitable
distributions of stress for example, and KoNoBEEVskY®! has discussed
cases where uphill diffusion arising from this cause might occur.

We may digress a moment to consider the physical meaning of
uphill diffusion. In an alloy AB, the lattice energy of A atoms may
roughly be regarded as due partly to A—A and partly to B—A bonds,
and the strengths and therefore the energies associated with these two
types of bond will in general be different; in ideal solution they are
equal. When atoms of A diffuse normally, that is in such a direction
that the concentration of A tends to become uniform, there is an
increase in entropy and therefore a lowering of the free energy. At
the same time there is a change, either an increase or decrease, of
lattice energy since diffusion takes place between points of different
concentration and therefore the relative numbers of A—A and B—A
bonds per A atom change. Only when the increase in lattice energy
is numerically less than the decrease in the entropy term of the free
energy will diffusion be normal. In such cases the total free energy
is a minimum for a single homogeneous phase. Uphill diffusion will
occur when the increase of the entropy term in the free energy conse-
quent upon the diffusion of A from a point of lower to one of higher
concentration is less than the concomitant decrease in lattice energy.
This process very frequently leads eventually to the formation of a
two-phase structure, one rich in A and the other rich in B, for which
evidently the free energy is a minimum. Clearly uphill diffusion
requires that A—B bonds be much weaker than either A—A or B—B
bonds, and also will be less likely to occur the higher we raise the
temperature. 29 )

In cases where the solid solution is ideal, expressions 13 and 19 both
reduce to the well known Einstein form:32

: GRT
D= GkT =3~
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Even with ideal solutions the mobility will in general vary with the
composition, although we might expect the extent of the variation to be
small since in an ideal solution the fields of force surrounding solvent
and solute atoms are identical, at least in their equilibrium positions.
When the mobility is quite independent of concentration, and the
solution ideal, as for example with mixtures of the stable and radioactive
isotopes of an element, equation 12 reverts to the usual Fick form:

aN, _ Do,

ot ox?

where D is a constant.

Fick’s equation in this form, the one so frequently used, is then
strictly valid only for thermodynamically ideal solid solutions in which
the mobility is constant. 33 N

In non-ideal solutions the term (1 + @ logy/2 log N) is by no means
a minor correction to diffusion measurements. For example, in the
case of zinc in brass at 750°C, it ranges from 1-0 at zero zinc concen-
tration to about 2-4 at 26 per cent zinc (data from reference 18). Also
for the nickel-gold system Dehlinger,?! using admittedly a very rough
method for estimating (142 logy/élog N), found that at 50 atomic per
cent nickel this term was as low as 0-04 and that Gk T at this concentra-
tion was very appreciably greater than the mean calculated from the
measured values at small concentrations of gold and of nickel, while
the reverse was true of the observed diffusion coefficient.

Interpretation of Diffusion Coefficients—We have now demonstrated that,
whatever the mechanism of diffusion, the diffusion coefficient in binary
systems is the product of two factors, one a mobility term GkT which
as will be shown later (see equation 40) measures the extent to which
atoms migrate in the lattice even in the absence of a concentration
gradient, and the other a term expressing the departure of the solution
from ideality, which, when multiplied by the concentration gradient, is
proportional to the so-called diffusion force acting on an atom. Observed
variations of the diffusion coefficient with concentration are then to
be analysed into the variations with concentration of each of these
two terms. Fortunately we can measure the variation of the second
term by determination of activity in solid solution and so calculate
directly from measured diffusion coefficients the variation of mobility
with concentration. The ultimate problem in diffusion theory is then
the interpretation of the activity and particularly the mobility values,
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and their variation with temperature and concentration in terms of
atomic quantities. The factors affecting the activity are of course inde-
pendent of the mechanism of diffusion, the activity being an equilibrium
property of a solution, and besides, the term involving the activity is the
same for both type |1 and 2 mechanisms in binary systems. This is not so
for the mobility. We might expect the mobility term, and its dependence
on concentration for a type 1 mechanism, involving one atom, to be
of a form quite different from that for a type 2 mechanism, involving
two atoms, when these are expressed in terms of quantities related to
the participating atom or atoms. A type 1 mechanism will be indicated
whenever we can obtain evidence that D, and Dy are unequal, as for
example in an experiment of the Smigelskas and Kirkendall type as
quoted earlier; but when D, and Dy are not unequal it might be possible
by considering this difference in form of the mobility terms to decide
in any particular case which type of mechanism was responsible for
the observed diffusion. A more detailed atomic theory employing
models of the diffusion process will give numerical estimates of the
mobility and so, by comparison of these with observed values, enable
a choice to be made of the appropriate atomic mechanism, but at this
stage we are only concerned in employing any possible difference in
form of the mobility terms to help in the broader classification into
type 1 or type 2 mechanism.

We shall show later that for ternary and higher systems the situation
is more complicated because the terms in the diffusion coefficient
involving the activity are quite different for the two types of mechanism.

Two papers have appeared recently by BiRcHENALL and MEHL!® and
FisHEr, HoLLoMaN, and TurNBULL34 in which assumptions are made
in effect, as to the different forms of dependence of the mobility term
upon concentration for the two mechanisms, and in the former paper
conclusions have been drawn, in line with the above remarks, about the
nature of the mechanism of diffusion in the two cases of carbon diffusing
in iron and of zinc in « brass.

By starting with their assumption that the fundamental equation
for diffusion should be written:

da
Massﬂow—Dgx N )]

where D is supposedly iﬁdependent of concentration, Birchenall and
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Mehl readily show that the observed diffusion coefficient D(¢) is related
to D, by the equation:

D(e) =D, (yl + %57)

where D, is the value of D for a type 1 mechanism.
Equating this to our own expressions for D(c) for a type 1 mechanism
from equation 13, we have:
2 lo
T (14 F1og) = 2+ (11 + 100
from which we see that equation 9 involves the assumption that the
mobility term GkT is proportional to the activity coefficient only, but
that it does correct in the right way for the departure of the solution
from ideality.

Values of D, are then calculated from the observed coefficient of
diffusion of carbon in iron, using activity data taken from the paper
by SmiTH!1® and measurements on the diffusion of carbon in iron by
WELLs and MEHL.'® From structural considerations this is almost
certainly a type 1 mechanism (interstitial diffusion), and we find
that D, is indeed remarkably constant over a considerable range of
concentration. We have then some justification for supposing that for a
type 1 mechanism

A ¢2))

GkT = Dyy C .. (23)

so that the two factors entering into the diffusion coefficient D(c) in
equation 56 may be combined into a single factor f(¢) and the diffusion
equation written in the form of 5¢ or 9.

DARKEN3® has already pointed out that relation 23 is implied in
equation 9 and has criticized it on the grounds that the activity is an
equilibrium property of a solid solution and therefore should not be
expected to enter into an expression for such a kinetic quantity as the
mobility. But the factors which determine the magnitude of the
mobility will also be those which fix the value of the activity, namely
the energies of nearest neighbour interactions, and there seems to be no
reason to object to equation 23 on these grounds alone. It is, however, at
the moment a purely experimental relation, and until justified theoreti-
cally it is safer to employ the equation 56 and not 5¢ for the represen-
tation of diffusion phenomena since it may not be valid for all type 1
mechanisms. In particular, as shown earlier, it is not valid for the
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diffusion of zinc in « brass which the experiments of Smigelskas and
Kirkendall show to be by a type 1 mechanism.

Birchenall and Mehl then arrive at an expression for a type 2 mecha-
nism diffusion constant by supposing that if the term (y,+N,0y,/o/N;)
in equation 22 be regarded ‘as a probability factor expressing the
fraction of a given number of atoms that will jump under existing
concentrations and activity conditions, the overall probability when
two different atoms must jump together will be the product of two such
probability factors, one for each component’. Therefore:

D) = Dua (vs + M g0) (va+ M glF) - - - - (20
an equation which, as these authors point out, is symmetrical with
respect to both components, as any equation representing a type 2
mechanism must be. We should not regard the term (y,+N,9y,/a/N;)
as expressing a probability of jumping, for that is entirely contained
in our mobility terms, so that we cannot accept the derivation or result

of equation 24. However, we see that it reduces by means of equation
14 to:

21og yy) ?

D(e) = Dygyara ! +51‘5§—fv) . (29)

so that GkT:Dmym(l +Z—ll;’—§-}\’71) ... (250)
1

Ignoring the fact that the bracketed term in equation 25 is squared,
it corresponds to our equation 19 if we assume that the mobility for a
type 2 mechanism is proportional only to the product of the activity
coefficients of the two components
GkT = D' 1,717 .. .. (26)
which might appear quite reasonable in view of the success of equation
23 in dealing with a case having almost certainly a type 1 mechanism.
Equation 26 is equivalent also to the assumption made by Fisher,
Holloman, and Turnbull3¢ in deriving, on the basis of the reaction
rate theory,!? an expression for a type 2 diffusion mechanism. They
obtain the relation:

D = D, {-NAYA (YB + N a};-) + MNsYs (YA + Na 37,«)}

which reduces simply to:

- i_lo_g_n)
D Doym,(l + T CL(@)
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We have seen that D, in equation 23 is constant for at least one
example of a type 1 mechanism. D’,,in equation 26 has been calculated
by Fisher et al., and D, in equation 23 and D,, in equation 25 by
Birchenall and Mehl, for the diffusion of zinc in « brass, using diffusion
data selected from the paper by Rhines and Mehl.?® None of these
turned out to be constant, although the range of variation was found
to decrease in the order D, (equation 23), D’,, (equation 26), D,,
(equation 25).

There is nothing profoundly significant in this. Least of all are
we justified in assuming, as Birchenall and Mehl do, that since D,, is
more nearly constant in this case than is D,, then the mechanism
responsible for the diffusion of zinc in « brass is of type 2. The results
merely indicate that none of the equations 23, 254, or 26 are true
expression for the dependence upon concentration of the mobility of
zinc in o brass.

If we wish to make use of the possible difference in form of the
concentration dependence of the mobilities for determining which
type of mechanism is operative in any particular case, we must discover
this difference by theoretical means or by studying a number of systems
in which the fype of mechanism is definitely known.

TERNARY AND HIGHER SYSTEMS

The above treatment has been principally for binary systems. For
ternary and higher systems, equation 13 for type 1 mechanisms remains
unchanged:
olog y;
D, = G,-IcT(l o N‘)
although the addition of the third or further components will of course
alter the values of the mobilities and activities of the original com-
ponents. Furthermore, the differences between the diffusion coefficients
of the various components are no longer due, necessarily, only to
differences in the mobility term, since now
o log vy, 2 log v;
(+ omg) * (1 + 2105 %)

as was the case for a two-component system when i = 1 and j = 2.

For type 2 mechanisms we must consider, in following the diffusion
of say A atoms, the possibilities of migration of A by exchanges with
atoms of each of the other species B, C, D etc. Each such exchange
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process will have in general a different mobility, and we may designate
these Gyp, Gac, Gap ¢fc. The observed flow of A due to exchanges of
A with B (say) is then still given by equation 18, but the equation must
be left in the form:
(D" s = Cask TN Ny (SLEFAY8 — 108 F6ma)

since we can no longer write d¥, = — dNpin general. Here (D",),p is
the diffusion coefficient of A for AB exchanges only. When all possible
exchange processes can occur, the observed diffusion coefficient of A is
given by:

) dlog Nay, _ 2log NxYx)
D", = Gaxk TNAN: AlA ... . (28
Ax_;ix A x( 2 i (28)

with similar expression for D"y efc.

This does not reduce to the form of equation 19, so that in ternary
and higher systems the form of the phenomenological equation for the
diffusion coefficient depends upon the type of mechanism considered.
There would appear then to be a possibility of distinguishing between
type 1 and type 2 mechanisms on phenomenological grounds only, by
studying such systems. Unfortunately the use of equations 19 and 28
involves knowledge of the activities of the components of ternary alloys,
and at the present time very little such information is available. We
are also faced with the same difficulty as before over the nature of the
concentration dependence of G,x.

However, in the experiments of JouNson3¢ as interpreted by DARKEN3?
and LE CLAIRE,3® we have an example of how, by combining observa-
tions on a binary system with observations on a particularly simple
ternary system, these difficulties can be overcome. Johnson first
measured the diffusion coefficient of silver and gold in a 50 atomic
per cent alloy of these two metals. If the mechanism is of type 2, we
shall have:

" lg)As
DAgAu_GAgAukj (l+ 1 N ) « s e e (29)

but if of type 1, then, as we shall show later, the observed diffusion
coefficient is given by:

’ — EIOg )Ag
AgAu k (GAg GAu)(l 31 »Ng). LI (290)

since Ny = N, = 4. He then measured the self diffusion coefficients
of radioactive silver and of radioactive gold in an alloy of the same
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composition (50 per cent). These are in effect studies of the diffusion
of one component, say radioactive gold in a ternary alloy of radioactive
gold, stable gold and silver in which the fotal concentration of gold and
of silver is everywhere the same and the only concentration gradient
that of radioactive gold. Since chemically the system is quite homo-
geneous, when the difference in mass between radioactive and stable
isotopes is ignored, the activity coefficients are everywhere constant,
the activity coefficient of an element being independent of the amounts
of radioactive components. Equation 28 then reduces, in the case of
the self diffusion of gold, to:
D'y, = Gppok T(Npy + Nawe) + GausghkTNag . . . . (30)
since dVy,e = — dN,,, where Au* denotes radioactive gold, with a
similar expression for the self diffusion coefficient of silver. Now in
Johnson’s experiment Ny, = (N, 4 Nawe) = %, so that equation 30
becomes:
D’ ypo = 3T (Gppaue + Gauong) ... (3D
If, on the other hand, it is a type 1 mechanism with which we are
dealing, we shall have:
D'y = GpokT and D'pge = GppokT . . . . (32)
The various mobility terms Gy, Gayeag ¢ all refer to the same
concentration of alloy (50 per cent) and so can be eliminated by
simultaneous solution of the above equations. Since we can assume
Gauweag = Gauwsg €tc we can use equations 292 and 32 to calculate
D'ygp, in terms of measured values of D'pe, D'pge, and y,,, and
compare the result with the observed value. We can also calculate
the corresponding quantity D", for an assumed type 2 mechanism
from equations 29 and 31 if we assume that G,.es, Can be neglected by
comparison with Gy, This is justifiable on the evidence that the
self diffusion of Au in Au is very much less (approximately 20 times)
than the self diffusion of gold in the alloy. The calculated values of
D'y, and D"y, are then given by:

’ ’ ’ 310 YA —
DAW——_;(DA‘,.—{-DM.)(I+—-——L3610gmg) atNg=14 .... (33
DY) alogm) -

D’ pune 2DAQ.(1 o) at Mg = - . . (34)

The observed values of D,,,,, are compared with the values calculated
from equation 33 and 34 in Table 1,38 the activity values being taken
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from a paper by WAGNER and ENGELHARDT.3® Although the agreement
between observed and calculated values is slightly better for values
calculated from equation 34, it is not sufficiently so for us to assert
definitely that a type 2 mechanism is operative. The near correspon-
dence for the two calculated values of Dy, arises because in this case,
where N,, and N, are both , it so happens that

2Dpe = NpgDpye + NpuDage
For a different alloy composition, the two calculated values of Dy,

Table 1. Interpretation of Johnson’s Experiments

Temperature °C 800 900 1000
Dauag, observed 45 X 10710 24'0 X 10710 97 X 10™°
D’AuAg, calculated (eq. 33) . 3-8 X 10710 21:0 X 10710 93 X 10™°
D"’ AuAg calculated (eq. 34) .. 4'5 X 10710 235 X 1071 | 1045 X 10~°

might be expected to differ by a much greater amount, so that Johnson’s
experiments repeated for a gold-silver alloy of composition very different
from N, = N,, = 4 might enable a more definite decision to be made
on the mechanism of diffusion. Much valuable information could be
derived from experiments conducted along these lines on a whole series
of alloys.

It is interesting to note Johnson’s experiments were only satisfactorily
interpreted when the full expressions 29 and 29z for the diffusion
coefficient were employed, which again illustrates the great importance
of taking into account the departure of actual solid solution from the
ideal in the evaluation of diffusion phenomena.

A more recent attempt by SErrz!2® to explain Johnson’s experiments
does not distinguish between the two components of the diffusion
coefficient and so requires quite a detailed and complex model. We
have been able to do the same on a purely thermodynamic basis
without recourse to any particular model.

Diffusion in ternary systems has not been studied to any very great
extent and most investigations have been on the effect on the rates of
diffusion of the components of a binary system of the addition of small
quantities of a third component. In many cases the effects are con-
siderable. Thus SMoLucHOwskI%:4! finds that the rate of diffusion
of carbon in y iron (at one atomic per cent of carbon) is doubled by
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the addition of 4 per cent of cobalt and halved by the addition of
about 3 per cent of molybdenum or of only 1 per cent of tungsten (see
Figure 2).

Manganese and nickel have practically no effect.4? GruBe and
JeDELE?2 found also that the addition of only 0-5 per cent of manganese
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Figure 2. Diffusion coefficient of 1 per cent
of carbon in iron in the presence of various
amounts of cobalt, manganese, nickel,

Figure 3. Diffusion of magnesium in pure
aluminium and in an alloy of aluminium
and 2+ per cent zinc*?

molybdenum, and tungsten*t

reduced by a factor of three the rate of diffusion of copper in nickel,
and BuncarDT and BoLLENRATH4? that the diffusion coefficient of
magnesium in aluminium was halved by the addition of 2:7 per cent
of zinc (see Figure 3). The influence of tin, nickel, and lead on the
diffusion of zinc in « brass has recently been studied by GERZRICKEN,
GELLER, and TROFIMENKO.44 While nickel has no influence, 2 per cent
of tin increases the coefficient of diffusion ten times and 3-5 per cent
of lead increases it about fifteen times. Such examples as these demon-
strate the great importance of using very pure materials in experi-
mental work on diffusion if the results are to be of any theoretical
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importance. It is quite possible that even very minute quantities of
impurity may have in some cases a very considerable effect upon rates
of diffusion in metals by associating with those imperfections in
the lattice (dislocations, holes, mosaic boundaries e#) whose presence
is often considered responsible for solid diffusion (see page 336). We
are reminded here of the great influence of impurities in the diffusion
and mobility of gaseous ions.*® The discrepancies between the
observed values of diffusion coefficients measured by different observers
for the same system might be traceable in part at least to the effects
of impurities.

There are many cases of industrial importance where it may be useful
to accelerate or decrease the rate of diffusion of some component of a
binary alloy, such as the diffusion of carbon into iron during the
cementation process, in which the desired effect may be achieved by the
addition of quite small quantities of some third element. In this con-
nection HoupreMONT and ScHRADER*® have investigated the effect
of the addition of small quantities of approximately one per cent
of various elements such as copper, titanium, and aluminium, on the
rate of diffusion of carbon into iron. HENseL*? has also shown that
the diffusion of silver into thallium in the manufacture of surface
layers of antifriction silver-thallium alloys is much assisted by the
addition of a little indium.

From the theoretical viewpoint the addition of the third element
to a binary system will affect not only the mobility of the two original
components but also their activities. Practically no information is
available on the activities of the components of ternary or higher
alloys, so that it is impossible at present to assess whether it is the
changes in the mobility or in the activity consequent upon the addition
of a third component which are the more responsible for the observed
changes in D. It is most unlikely that there will be no effect upon the
mobility term, so that experiments on the influence of the addition of
a third component on the diffusion of the components of a binary alloy
may possibly be of assistance in elucidating the nature of the atomic
processes producing diffusion. This viewpoint is also expressed in a
recent paper by GERZRICKEN and DEGHTYAR, 8 in which is discussed the
results of experiments on the influence of magnesium and antimony on
the rates of diffusion of mercury from an alloy of mercury and lead.

We have not yet mentioned the conditions for uphill diffusion in
ternary systems. For a type 1 mechanism, where the phenomenological
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form of the diffusion coefficient is the same for ternary as for binary
alloys, the condition for uphill diffusion is also the same, namely that
given by equations 19 and 20:
9 log a, ou
1 + an, <0 or —EJT[:<O

For a type 2 mechanism however, the condition, whichis considerably
more complex and cannot be expressed purely in terms of thermo-
dynamic quantities, is

dloga, adlog ax)
GaxNaV, - <0....(3
x-gncﬁx * x( ONa aNx (39

for uphill diffusion of A, and is seen to involve all the mobility terms.
Cases might clearly arise in which an uphill diffusion of A by exchange
of A with S is more than countered by a normal diffusion of A by ex-
change with T so that the observed diffusion process will appear normal.

The fact that the particular conditions for uphill diffusion in ternary
systems depend upon the type of diffusion mechanism in operation
might be employed in the determination of the nature of the mechanism
in any particular case. We can imagine the possibility of finding, after
investigation of a number of cases of uphill diffusion in ternary systems,
that some are very well accounted for by means of equation 19, while
others are definitely not. We should then be led to assume that in the
former cases a type 1 mechanism was operative, and in the latter cases a
type 2. This method of distinguishing between the two mechanisms
cannot be employed in binary systems, for there the same condition
for uphill diffusion applies for both mechanisms.

DERIVATION OF IDEAL DIFFUSION COEFFICIENT VALUES

The Mobility G—We shall now attempt to give a little deeper
meaning to the mobility. The diffusion flow in solids is the observed
net effect of a large number of individual movements of atoms between
successive positions of equilibrium in the lattice, and it is only when
there is a gradient of concentration in the alloy that these individual
atomic migrations manifest themselves as a change in the concentration
at points along the gradient. We require to relate G, to some parameter
or parameters of these atomic processes.

We have defined G as the average velocity of a migrating atom under
unit diffusion force, i.e. unit free energy gradient, the average being
taken over the whole time interval required for the passage of the atom
from one equilibrium position to another, which includes time spent
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by the atom at the first equilibrium position prior to moving to the
second. If the distance between equilibrium positions is A, then the
average velocity of a diffusing atom is given by

v=0Mn .« .. (36)

where 7 is the probability per second that a migration occurs along the
direction of the free energy gradient. The lattice potential energy asso-
ciated with any migrating atom of a
homogeneous alloy in its initial (4)
and final (B) equilibrium positions is
the same, but midway between them
the energy must rise to some maxi-
mum value E, forming a potential
1N A barrier between the two equilibrium
86 \a 8 l positions as depicted in Figure 4. The
T =2 TSX__~ %% height of the potential barrier will of
_1 course depend upon the particular
Figure 4. The ¢ffect of a concentration process by which the migration is
gradient upon the potential barrier . . .
taking place. When a migration
occurs in the absence of a concentration gradient the atom or atoms
at 4 participating in the migration process first acquire in the course
of their thermal vibrations and exchanges of energy with their neigh-
bours an amount of energy equal to or greater than £, the activation
energy for the process, and the system then proceeds over the top
of the potential barrier into its new equilibrium position at B. n is
quite clearly to be related to the probability p of the migration.

There are two different ways of arriving at an expression for p,
as emphasized by ELev.4® If we assume that an equilibrium exists
between atoms in their normal positions and atoms which have acquired
the necessary activation energy and are in the activated state situated
at the top of the barrier, and that the rate of passage of atoms from 4
to B is determined entirely by the rate at which atoms in this activated
state pass along the top of the barrier, then we obtain the reaction
rate theory, or transition state theory value of p, given by®0.51.19

p=PZ‘%e—AF/RT=P%7_-. fp: C_E/RT=P%7_-C ASIR ¢ ~AHIRT

=Pe£‘hz-eAs/Re”E/RT N 7))
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where AF, AS, and AH are the differences in free energy, entropy, and
enthalpy between the equilibrium and activated states and F and F*
are the values of the partition functions for those states respectively.
P is the probability per second that a new equilibrium position is avail-
able for the migrating atom to move into.

If, on the other hand, we assume that the rate of crossing the top
of the barrier is very much more rapid than the rate at which the
activation energy is accumulated, so that this latter is the rate con-
trolling process, then p is proportional to the probability per unit time
that the atom or atoms participating in the process possess energy
greater than or equal to E, and is given by

1 E\-1

=Py (k_T) CemERT . (38)
where v is the average frequency of the thermal vibrations of the atoms
and s is the number of degrees of freedom over which E is accumulated.
We shall refer to equation 38 as the kinetic theory value for p, after
BARRER.53

This reduces when s = 1 to the more familiar
p = Pve~EWT

The essential point is, as we shall now see, that in each case p involves
the height of the potential barrier in an exponential term.

Suppose now that a concentration gradient exists in the alloy at
the point occupied by the atom considered. There will then also be a
free energy gradient or force per atom given by:

Tk %Wl, in ideal solution
or, in non-ideal solution:

19 N (1 dlo

o =5 (7 TR
where N is Avogadro’s number and N, the mol fraction of i, and
the effect of this will be to diminish the height of the potential barrier
on the side of higher concentration and to increase it on the other
side by amounts each equal to SE (see Figure 4), where

_1 o A
OF = N 7% 3
The probability per second of migrations from left to right in the

diagram now exceeds the corresponding probability of migrations from
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right to left so that there is a net flow of atoms down the free energy
gradient, which of course constitutes the observed diffusion flow, and
the number of migrations per second is given by:

1 — (E— 8E) —(E+ 8E)
( )

n=-4 kT —e T
=—A2—7_ . e ~EIT since 8E << kT

c .. (39)

where 4 is to be taken from any of the above expressions for p. 1/m
is the fraction of the available directions of migrations for each atom
which are effectively along the concentration gradient. (In the sim-
plest case of six equivalent directions, m = 6.)

Inserting the value of z (equation 39) in equation 36, we find:

14 1 op
v =-—=SABeEWT, _ ¥

kTm N ox
that is, v is directly proportional to the force acting, as tacitly assumed

in deriving equations 13 and 19, so that

_._]'_A 2 o —EkT
G=r7mMe

or GkT = é?x” e ~EIkT
m

: 1
ie. GKT =—MNp T

In the more general case, if the probability of a migratory displace-
ment 7; i3 given by T(r;) then A%/m is given by

AYm = §(x?)
where (x?) is the second moment of T (se¢ CHANDRASEKHAR®?),
Then GkT = $(x%)p.

We may note that GKT is:

1 Equal to the average velocity with which atoms migrate
under unit diffusional force, i.e. under unit free energy
gradient,

2 Directly proportional to the probability of migration of an
atom from its lattice position, even in the absence of a
concentration gradient. For this reason GkT is often called
the place change number (Platzwechselzahl), and
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3 Equal to the measured diffusion coefficient when the
solution may be assumed ideal.

Insertinginto equation 40 the value of p according to the assumptions
made about the crossing of the potential barrier, and the expression
for P appropriate to the particular mechanism of diffusion we are
considering, we can obtain from equation 40 most of the expressions
usually given for the ideal solution value of the diffusion coefficient,
that is for Gk T.

Atomic Interchange Mechanisms—When atoms migrate through the
lattice by exchanging their positions with atoms on neighbouring
lattice sites, the value of P will be unity, and the expression for the
ideal solution value of the diffusion coefficient becomes, on the
kinetic theory (see BARRER®3):

1 E

= D;y = IV —mm—m-o | —

GKT = Du = % ey (RT

where E is now expressed in calories per gram atom and m is taken equal
to 6. We might expect that the smallest value of s for this mechanism

would be 2, one degree of freedom per atom, when equation 41 becomes

s—1
) Ce-BRT | . (41)

— E\_ _grr
Dy = A% (RT) e

an expression given by BRADLEY.54

Equation 41, however, ignores the possibility that before an atomic
exchange mechanism can operate a synchronous outward movement
of atoms bordering on the exchanging pair might be necessary. This
has been discussed by CicHoki®® and by BARRER.%1.53 If the proba-
bility of one atom moving in the correct direction is 1/a, and if n
atoms must move simultaneously, the overall probability of the
synchronized outward movement of these n atoms is (1/a)".p and

therefore D must now be multiplied by this to give
D= (711) WA (s_lT)-(R_ET) "e-ERT .. (42)
= D, e ~ERT e ... (43)
The transition state theory value for D;;when P = 1 is given by: 1980

Dy=pnEleam, c-amrr —paetlensm. c-mar . (44)

= D, ¢ —ERRT . . (43)
335



PROGRESS IN METAL PHYSICS

All experimentally determined diffusion coefficients obey a law of
this form (equation 43) in which D, is relatively independent of T and
ranges in value for different systems from about 10-? to 104,

When the energy E is distributed over many degrees of freedom so
that there is a kind of local melting around the exchanging pair, AS in
equation 44 will be large, the term (E/RT)*-! {l1/(s — 1)!}, which
may be as high as 108 for suitable values of s and T, will predominate
in equation 42 and a high value of D, will result. With A2 ~ 10-15
and v ~ 10~ we find that D, may reach ~ 104. On the other hand,
if an essential feature of the exchange process is the synchronization of
outward movements of atoms bordering on the exchanging pair, the
(1/a)" term in equation 42 will predominate and a small value of D,
will result. Such a synchronization will mean an increase in order
in the vibrations of the atoms concerned and so will be accompanied by
a decrease in entropy. AS in equation 44 will then be small or even
negative, and again we shall have a low value of D,. For a face-centred
cubic crystal n may be about 12 with a = 6, so that (l/a)" ~ 109,
Thus the observed range of values of D, can be well accounted for on
the supposition of an exchange process.

Stearn and Eyring5® have actually calculated values of AS from
equation 44 and compared these with the value AS, to be expected
on the supposition of a simple process involving only the movements
of the exchanging pair. When the calculated value of AS is of the same
order as AS,, as for the diffusion of copper, palladium, and platinum
into gold, it is assumed that no great disturbance of the lattice is
occurring during the diffusion process, but when AS is very much
greater, as for example for self diffusing systems, or very much less
than AS,, as for the diffusion of many metals into silver, then it is
assumed respectively that a local melting is occurring, or that phase
relationships between atoms bordering on the neighbouring pair are
being satisfied.

As Barrer points out, 5! these calculations are only significant when it
is known for certain that diffusion is by a process of atomic exchange.
In other cases the calculation of § would involve a knowledge of 4’ or
A" (see below), which at present can only be estimated to an order of
magnitude.

‘Hole’ or ‘Vacancy’ Mechanisms—There exist in the lattice a very small
number of holes or unoccupied lattice sites, the Schottky defects,58
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which can move through the lattice by exchanging their positions with
adjacent atoms. Whenever a hole migrates, an atom migrates in the
opposite direction, and it is this displacement of atoms accompanying
the diffusional motion of the holes which is responsible for the observed
diffusion. Now any particular atom in the lattice can only migrate
when a hole has diffused into one of the lattice sites adjacent to it, so
that P is the probability that an atom has a hole as neighbour:
P=NIN
where N = total number of atoms and N’ = the very much smaller
number of holes.
The kinetic theory value for D is then:%3

N1 E N7 e
D_FAVN(__I)!(RT) e L. (45)

where E’ is now the activation energy which an atom must acquire
before it can move into an adjacent hole. We should not expect this
mechanism to produce much of a disturbance among the immediately
neighbouring atoms, so that we can justifiably make the simplifying
assumption that s = 1. Equation 45 then becomes:

’

D=;,7\2v%-e—5'/” ... (46)

The value of D according to the reaction rate theory is:®!
kT F* N ’ .
— e BL LN o —ERT
NETFNC

choosing that value of p from equations 37 most suitable for the present
discussion. If we assume that in the activated or transition state a

. (47)

migrating atom differs from an atom in the normal state only in that
it has one less vibrational degree of freedom, then:1950

F_I: = (1 — e —hiT)
and equation 47 becomes:
N kT .
= AL E2 (1 — ¢ ~mT) ¢ ~E'RT
N h
— P LJ\’[ ¢ ~ERT ... (46)

when T is sufficiently large for £7 to be much greater than Av. In their
simplest forms, then, the transition state theory and kinetic theory
values of D for a hole mechanism diffusion process are the same.
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Now N’/N can be calculated from thermodynamic theory (see, for
example Mot and GurNEY®? and BARRER®?) and when the expression
for it is inserted into equation 46 this becomes:

D = jAWA’ ¢ ~W' +EVRT ... . (48)
— D, e —QRT C ... (43)

where U’ is the change in energy of the lattice following the formation
of one hole and 4’ is a constant which takes into account the dependence
of U’ and E’ upon temperature, pressure, and the difference in vibration
frequencies of atoms which have and have not a hole as neighbour. We
note that the experimentally observed activation energy Q is no longer
just the activation energy required for an atom to migrate to a neigh-
bouring equilibrium position as it was for the exchange process, but is
now the sum of this and the energy of formation of a hole. Similar
remarks will apply to the observed activation energy for diffusion by
interstitial mechanisms.

The value of 4’ may vary considerably from metal to metal and so
account for the observed range of values of D,. The order of magnitude
of D, calculated using v ~ 1013, A? ~ 10-15, and Mott and Gurney’s
very rough estimate of A’ between 103 and 104, is D, between 1 and 10.
This is well within the range of values observed for Dy, and, perhaps
fortuitously on account of the very approximate value of A’, quite
close to the values of D, found from self diffusion experiments.

The mechanism we have described, assuming it does a uniform
distribution of holes and that the successive moves of any particular
atom are independent of one another, is only valid strictly for such
cases as self diffusion, where these assumptions may be expected to hold.
We shall find later after considering some of the experimental results
on diffusion in very dilute binary alloys that our model of diffusion, by
this simple hole mechanism, requires considerable modification if we
wish to retain the concept of holes as being primarily responsible for the
observed diffusion in dilute alloys. More detailed types of vacancy
mechanisms, too, will require to take into account the dependence of
the concentration of vacancies upon the alloy composition, and the rate
of formation and disappearance of vacancies at grain boundaries and
at the metal surfaces. The papers by Fisher, Holloman, and Turnbull34
and by Seitz!28 represent steps in this direction.
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Diffusion through Interstitial Space—The third mechanism by which
it is often thought diffusion in metals might occur is by the agency of
atoms in interstitial positions,58:5? and as an example of this we will
consider diffusion by Frenkel defects. An atom may vacate its normal
site in the lattice, so producing a hole, and take up an interstitial
position. The formation of this defect (hole plus interstitial atom)
will require an amount of energy U” and is only regarded as complete
when hole and interstitial atom are sufficiently far apart for there to
be no reaction between them. Diffusion then occurs by the migration
of interstitial atoms from one interstitial position to another, a process
requiring an activation energy E”, say. Although U" may be quite
high, so that only very few interstitial atoms are formed, it may be
quite easy for atoms to migrate once they have become interstitial
(i.e. E" may be low) on account of the lattice distortion which the intro-
duction of an atom into an interstitial position will produce. P, the
probability that any particular atom has a new equilibrium position
into which it may migrate, is now the fraction of time it spends in
interstitial positions or just the probability that the atom is interstitial,
and so is given by P = N”/N, where N” is the number of interstitial
atoms and N the total number of atoms. (N” << N.) The kinetic
theory and transition state theory values for D are then respectively:51, 83

E \! 1 M
= " [=— —E"RTIY_
D = {A% (RT) G l)!c .N (49)
kT F* N7
= 2t o —grT N
D = A T (50)

If we make the same simplifying assumptions as for the hole mechanism,
then these both reduce to

D=%A”v"‘%—e"‘"’” R

v” is now, of course, the vibration frequency of an interstitial atom. As
before, N”/ is readily calculable,5%57 and when the value for it is
substituted into equation 51 this becomes:

Ny .
— 1\2y” 0\ A" o —(U"+E"RT
D =AW \/(_NO)A e
= Dye ~URT ... (52)
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where N, is the total number of interstitial positions and A" has a
meaning analogous to that of 4’. (BARRER®! seems to assume that
No” = N.) Morr and GURNEYS? have estimated A"+4/(N,"/N) at
between about 10 and 104, so that the order of magnitude of D, turns
out to be from approximately 10~ to 102 cm?/sec.

The above process applies, of course, only to diffusion in substitu-
tional solid solution. With interstitial solid solution, such as of carbon
in iron where the solute atoms are already held in the interstices of the
solvent lattice, diffusion of the solute occurs merely by migration from
one interstitial position to another. In very dilute solutions there is
always another vacant site for the diffusing solute atom to move into,
so that P = 1 and the expressions for the diffusion coefficient take just
the same form as for the exchange process of diffusion. For example:

P 2

where E is now the activation energy for the passage of a solute atom
from one interstitial position to another. Assuming as the simplest
case s = 1, A2~ 10-1% and v = 1018, we find D ~ 10—3 which is of
the same order as that found experimentally for diffusion in inter-
stitial solutions. 53

We may also look upon this process as a hole mechanism, the holes
being unoccupied interstitial positions in the solvent lattice, but this is
not usual. This type of interstitial or hole mechanism is perhaps, for
geometrical reasons, the only conceivable one for the diffusion of the
solute in interstitial alloys, so that in such systems the diffusion process
is most likely of type 1. Unfortunately such systems are very few in
number compared to the substitutional alloy systems.

Other Diffusion Mechanisms—A number of other suggestions have
been made from time to time about the mechanism of diffusion through
crystal lattices. SMEKAL, for example, considers that mosaics play
a leading role in diffusion processes and has described a number of
mechanisms involving them which would lead to an observed diffusion,
but it is perhaps a little premature to go into the details of such
mechanisms when the exact nature of mosaics is still very uncertain.
Any imperfections in the lattice might conceivably play a great part
in determining diffusion processes by providing particularly favourable
paths down which a transfer of matter can take place. Smrru®!
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considers that fissure-like imperfections are produced in the lattice by
distortion due to a concentration gradient and that when one of the
alloy components has an appreciable vapour pressure (e.g. zinc in brass)
it will diffuse as a vapour down the imperfections and so give a greatly
enhanced diffusion rate for that component. He considers that this
might account for the observed Kirkendall effect in « brass2® though
it would not explain the same effect reported in aluminium-bronzes.2?
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Figure 5. Bernal’s model for diffusion

A number of authors have considered the possibility of movements
of whole sections of the lattice with respect to one another in such a
succession of ways that there results a net movement of one or more
atoms through the lattice. For example, LANGMUIR as quoted by
RosenHAIN®? suggested that diffusion occurs by the simultaneous
movement in different directions of several rows of atoms. A similar
process has been suggested more recently by BERNAL®® involving
spontaneous gliding of parts of the crystal over one another, which
when repeated in different directions leads to an exchange of places
between two atoms A and B (Figure 5). Such mechanisms as these seem
unlikely on statistical grounds, involving as they do very extensive
cooperation between large numbers of atoms.

We have now described a large number of mechanisms by which
diffusion of metals in metals is thought to occur and have derived
expressions for the mobility or ideal solution value of the diffusion
coefficient for those processes which lend themselves to quantitative
discussion, all of which are of the same form as that found for the
observed temperature dependence of the measured diffusion coefficient,
viz.

Dyys = Dy € ~URT N C %))
In view of what has been said already, we should expect not Dypg but
the quantity GkT, which as we have seen can be calculated from
Dy to follow a temperature relation of the form given in equation 43.
The fact that log- Dons when plotted against 1/7T always produces a
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straight line, whereas it is quite clear on theoretical grounds that only
log {D/(1 + 0 log y/@ log N)} should do so, is due partly to the small
temperature variation in {1 4 (@ log y/@ log N)} or to it being negli-
gibly small for measurements of D at low concentration for example,
and partly to the experimental measurements not being sufficiently
precise to bring out the departure from linearity in the former case.

In each quantitative treatment of a diffusion mechanism we have
derived two alternative expressions for D, namely the transition state
theory and the kinetic theory values corresponding to the alternative
assumptions made about the mechanism of crossing the potential
barrier. ELEy*® has shown that we may decide between these two
alternatives by measuring 0E/87, the temperature coefficient of
the activation energy for the migration process, since the transition
state theory predicts that 8E/8T will be positive and the kinetic theory
that it will be negative. However, such a test could only be applied to
measurements made on a system in which it is known for certain that
P = 1, for example an atomic exchange process, for only then is the
observed activation energy equal to E. Apart from this limitation,
the present accuracy of measurements of E hardly allow its temperature
dependence to be calculated.

We have not by any means exhausted all the possible mechanisms
for diffusion. We may have to consider other simple models and may
find also that the simple models we have described so far need con-
siderable modification before they represent faithfully the actual
mechanisms taking place during diffusion. One such modification
to the hole mechanism has already been made, and we shall discuss
this more carcfully when we have considered the experimental results
which have made it necessary.

The theoretical non-ideal value for diffusion by any process is given
merely by substituting the appropriate value for GkT into equation 13
or 19. For example, for diffusion by a hole mechanism we obtain:

kTF* ., oo v ology
— 1\ L L (E'+U")|RT
D=l ae '(1+axog.1v)"'(53)
We can see that no such simple expression as GkT = Dgyy,yp will
be expected to account for the variation with concentration of the
mobility term. Such a variation is to be looked for in the dependence
of E (or AF, ASetc), U’, A', F, F* etc and to a less extent of A2, upon
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the concentration. We also see that there is no reason for supposing
that in a type 1 mechanism the mobilities of A and B atoms should be
the same, if only from the fact that we should not expect the activation
energy for migration of an A atom to be the same as that for a B atom
migrating in the same lattice, except perhaps where the size and
outer-electron configurations of A and B are very nearly the same.

One of the main problems of the theory of diffusion is to discover
the nature of the diffusion mechanism in any particular case. Now we
have seen that phenomenological considerations may assist in deciding
whether a mechanism is of type 1 or 2, but for a knowledge of the
actual mechanism we need to examine further the mobility term for
the various processes. It would help if we could evaluate more
accurately the various terms such as 4", 4, v*, v’ etc which occur
in the theoretical expressions for D, but for the present we are faced
with the difficulty that at least over a considerable range of values of
D, any particular observed value of D, can be obtained on the supposi-
tion of any mechanism, especially if we make further assumptions about
the conditions under which the process occurs, e.g. the need to satisfy
phase relationships between vibrations of neighbouring atoms, the
value of 5, and so on.

Thus the exchange process can provide any observed value of D,
while the interstitial and hole mechanisms give values of D, between
10-* and 102, In view of the very rough estimates of 4" and 4" and the
assumption that in the latter mechanisms the process is uninfluenced
by the behaviour of neighbouring atoms, we could assume for them a
much wider range of values. But we have in Q , the energy of activation,
a quantity which is far more characteristic of the process to which it
refers, and it is by estimating theoretically values of Q for different
models and comparing them with the observed value that reliable
information on the nature of the mechanism may be derived. This
has actually been done for self diffusion in copper. HuNTINGTON and
Serrz84 have calculated, from the standpoint of the modern theory of
metals, values of Q for the three mechanisms we have described and
compared their results with the experimental value of Q obtained
by STEIGMAN, SHOCKLEY, and Nix.%® HuNTINGTON®® has also calculated
in a more detailed manner the hole mechanism value for Q. We see
from Table II that the hole mechanism is much preferred and that the
calculated and observed values of Q agree fairly well. Huntington and
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Seitz also discuss qualitatively the possible diffusion mechanisms in a
few metals near to copper in the periodic table. For the case of zinc
they find that a hole mechanism would account for the observed
anisotropy of self diffusion in that metal® but that for the alkali metals
the interstitial and hole mechanisms would be in much closer com-
petition than in copper.

Table II. Activation Energies for Self Diffusion of Copper

Q (calculated) Electron Volt

Q (observed)
Electron Volt
Direct Exchange Interstitial Hole Mechanism
2:6%8 >8 ~9 1-0%
— — <3'52°%

In performing similar calculations for Q for the interdiffusion of two
metals one would have to take into account, among other things, any
modifications to the simple models which experimental results for
these systems may demand. No such calculations have yet been made.

Qualitatively it is often argued that the interstitial mechanism
would be rather unlikely on account of the very high value of Q. In
metals and alloys where the atom sizes are approximately the same
there would be no room for the atom to take up an interstitial position
without a considerable distortion of the lattice. The exchange process
has also been criticized for similar reasons, for the interchange of
position of two atoms, involving their squeezing past each other, will
require a considerable activation energy and so be relatively unlikely.
These criticisms would seem to be borne out by the above calculations
for copper. The general opinion is that in highly coordinated alloy
structures where the atom sizes are approximately equal diffusion takes
place by a hole mechanism which involves the minimum of disturbance
to the lattice, although conclusions based on such simple conceptions
as these cannot be regarded as final. The confirmation of the Kirkendall
effect in any large number of alloys will indicate the prevalence of a
type 1 mechanism, and of these, for the reasons just mentioned, a
vacancy mechanism is preferred. There is certainly a great need for
any experiments, such as for example of the Johnson type, which will
help to settle this question.
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EXPERIMENTAL PROCEDURES AND TECHNIQUES
Procedures—We have seen that if we assume negligible changes in
molal volume over the concentration range studied diffusion pheno-
mena can be represented by an equation of the form

oo _ o (pd
= ax(D ax) . (54)

where for binary systems, and for ternary systems in which type 1
mechanism operates, D = GkT {1 + (@ log y,/@ log N,)}.D, the diffu-
sion coefficient, is a function of temperature and composition. In
the following treatment we shall restrict ourselves to binary systems.
We must be prepared to find that in the general case two diffusion
coefficients D, and Dg are required, one for each component, in order
to describe fully the diffusion process. We must then have available a
method of solving two equations of the form 54 in such a way as to
yield the two required values of D. DARKEN37 has recently described
such a method.

The usual experimental procedure for determining the diffusion
coefficient of metals in metals and their variation with concentration is
to place the two metals or alloys, usually in the form of thin flat cylinders,
into intimate contact, to heat at some fixed temperatures for a definite
time, and then to determine by some means the concentration of the
two metals at points throughout the couple. When there is a complete
series of solid solution between the two metals, the cylinders A and B
can each be of the pure metal, but in other cases A may be of pure
metal and B preferably of an alloy containing less of the second metal
than the limit of its solubility in the first. This avoids the complication
of phase boundaries in the diffusion layer. Alternatively, A and B may
each be alloys of compositions within the limits of any single phase.
Let us assume that the metal cylinders are sufficiently thick for there to
be no change in concentration at their outer ends during the time
for which diffusion is being followed and consider a set of axes with
the origin fixed in one of the end faces and the x axis parallel to the
direction along which diffusion is taking place. When the diffusion
coefficients of the two components are not equal, then at any point
along the x direction there will be, superimposed upon the separate
and oppositely directed diffusion flows of the two components relative
to some lattice point, a general mass flow which is the same for all
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lattice points and which will be related in some way to the difference
in the two diffusion coefficients, for when the coefficients are equal
there is no mass flow. Now we are only interested, from the theoretical
point of view, in the rate of diffusion of atoms past lattice points, i.e.
in the motion of atoms relative to the lattice, so that we need some
means of observing the mass flow of the lattice in order that the observed
diffusion may be referred to axes fixed in the lattice. We can never
observe a lattice point, and the best we can do is to refer the diffusion
to some large ‘atoms’ or inclusions, such as the fine molybdenum wires
used by Smigelskas and Kirkendall, which we must assume will remain
fixed relative to, and share in the motion of, the lattice while not
taking any part in the diffusion process on account of their size. Since
in solid diffusion very few (~ 10-¢) of the atoms are involved at any
one time in the diffusion process, this is a valid assumption.

Suppose that the velocity of an inclusion at any point x, relative to
our chosen axes fixed in an end face of the diffusion couple, is ». Then
the flow of atoms of A per unit time through unit area placed perpen-
dicular and fixed relative to the x axis is:

on
(Any) e = — DA'a—: + n,0

where n, is, as before, the number of atoms of 4 per unit volume. The
flow through a similar area at x 4 dx is given by:

on 0 on,
= (0.2 + 2~ (03 - )
so that the rate of accumulation of A atoms at x becomes:
Gy _ 2 (p, o _
ot ox (D‘ ox "A”) coe s 99)

Similarly for B atoms:
g _ 8 (p, o _

o _ax(u,, 7 nBv) .. (56)
Adding equations 55 and 56 and assuming that n, + n; = constant,
we obtain:

0

Fx{ Aax+Dn 0(”»."‘"5)}:0
This may be integrated with respect to x to give:

D, a"A+ -al—v(nA—}-nB) —olt) . ... (5)
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At x =0, » = 0 and 9n/0x = 0 for all ¢, so that ¢(t) = 0. Note also
that » = 0 at x = oo if #, + nz = constant, so that we can check the
validity of this assumption by measuring the relative displacement
of the two end faces of the couple.

We have now from equation 57:

1 on, 8nB _ aNA
"“nA+nB( s 32+ Dy ) (Ds— D) s . (58)

0 0 o
and gﬁ 2 (DA g — ND, aNA + N Dy 2 aNA)
{(NADB—}—NBD)&}ZA} .. (59)

where N, is the mol fraction of 4.

Now equation 59 is of just the same form as equation 2, for which a
solution has been given by Boltzmann for boundary conditions which
are satisfied by the experimental arrangement we have briefly described.
The origin is first changed from

" %j x = 0 tox = 0, where x’ = 0 is de-
& fined by the relation:
7/ N

2 f "¥AN=0 ....(60)
M
where N, and N, are the mol frac-
/ tions of one of the alloy components
/,:/I éggwﬂl X in the two alloys or metals at time
I t = 0. After diffusion has occurred
X=0 x=o

for some time ¢, the rough shape of

Figure 6. Concentration|distance curve  the concentration/distance curve is as
shown in Figure 6, so that relation 60 means that the ordinate x" = 0 is
to be chosen so that the areas I and IT are equal.

The plane x' = 0, the ‘Matano Interface’ is also that plane through
which an equal number of atoms have passed-in each direction, so that
in view of the possibility of D, and Dg not being equal we should not in
general expect it to coincide with the initial position of the plane of
contact of the two alloys or metals at £ = 0. That it does not in fact
do so has often been observed but no particular significance has been
attached to the fact until recently, least of all was it suggested that
it might be due to an inequality of D, and Dy. Ifthereisany appreciable
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variation of the partial molal volumes of the components with com-
position, then this alone will produce a shift in the original interface
during the diffusion, but the extent of this is usually calculable. We
shall return to this point later.

We now make the assumption that N, is a function of a variable A,
given by A = x’t-t. Transforming equation 59 we obtain:

— N, = a{('NADB + NeDy _6_;%}

which on integration gives

-faun= (04) (o)

where we have written
D=NADB+NBDA o o e e (61)

Taking N, as the upper limit of integration, the value of D at any
other concentration N is given by:

oA M
D= —g(éj—v)Jvade
1/ox'\ (M,
or D= —i‘t(a—fv)f,vde
so that a measurement of an area such as III in Figure 6 and of the
slope of the (N, x') curve at VN suffices to determine D at that con-
centration. The least accurate results are obtained for concentrations
near to N, and WN,, that is, near the tails of the concentration/distance
curve.

The validity of the assumption that N, = f(A) is tested usually by
plotting, for constant concentration, values of " against #. For a num-
ber of different concentrations a fairly good set of straight lines through
the origin is usually obtained.

We may mention also the calculation of [) at various concentrations
by the method of Grube and Jedele,® which though only approximate
because it employs the simple form of Fick’s equation

oN o:N

- = D%5= R )
gives results in fair agreement with the more accurate Matano-
Boltzmann method in those cases where the variation of D with
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concentration is slight. They employ the appropriate solution of

equation 3, namely:
No x
N_-—2 {1 —erf(Q\/Dt)} R (%))

where N, is the concentration of one component of the alloy at ¢ = 0
and N the concentration at the point x after time ¢. The plane x = 0
(Grube interface) is that which intersects the (N, x) curve at N = §.
Values of D are then calculated by solving the equation for corre-
sponding pairs of values of x and .

Other methods of solving equation 38 have been given by Hopxins®?
and by AwWBERY, % in which assumptions are made as to the functional
dependence of D upon concentration. The solutions obtained then
provide the constants in the assumed function. These methods,
however, do not appear to provide any particular advantages over the
one above.

Barrer®® more recently has shown how the value of D in equation
54 may be obtained by measurements upon the steady state diffusion
of the one material through the other, that is by observing the rate of
flow of A by diffusion through B, when the concentration of A and B
at each point are kept constant. While valuable for the study of systems
in which only one component undergoes a diffusional motion, such
as for example gases and liquids through solids, the method is not
applicable to the interdiffusion of two metals simply because of the
difficulty of establishing a stationary flow in such systems. It has been
applied by Harris™ to the measurement of the diffusion coefficient of
carbon through iron.

Thus from a knowledge of the concentration/distance curve after a
time ¢ we can calculate the values of D (or N, Dy + NpgD,) over a
range of concentration.

We may refer to the observed D as the interdiffusion coefficient,
and when written in full this becomes:

0
D = N.Dy + NyD, = (NCs + N, A)/crr(l + l°g}(/:) ... (63)
for a type 1 mechanism, and
_ _ 2 log y,
D = (Ny + Ny)Dpp = GABkT(l + m) ... (68)

for a type 2 mechanism, since the mobilities of A and B are equal in
such cases. It will be recalled that equation 63 was employed earlier
in discussing Johnson’s experiments.
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Now the procedure which we have outlined above is that employed
in all the so-called Matano-Boltzmann analyses of diffusion experiments,
so that, as Darken?®? points out, all previous measurements of diffusion
coefficients are correct in principle but actually only give the values of D
and its variation with concentrations. In other words, the implicit
assumption has always been made in the past that diffusion phenomena
in a binary system can be represented by a single diffusion coefficient,
or, as we can now see, that D, and Dy are always equal.

In the light of the above, the correct procedure to be followed in a
study of diffusion in a binary system and the simplifications that can
be introduced in special cases will now be outlined.

The mutual diffusion of two metals over the range of concéntration
covered by a single phase is studied by the method given above, thus
yielding a knowledge of D over this range of concentration. Experi-
ments are then carried out in the way to be described later to measure
the velocity » of inclusions or markers placed at various positions in
the diffusion zone. When the partial molal volumes of the two com-
ponents vary appreciably with composition there will be volume
changes during the diffusion which alone will produce an observable
motion of the markers. The extent of this displacement can be calcu-
lated when the density of the alloy over the relevant range of concen-
tration is known, and applied as a correction to the observed v. If
v i3 zero we can assume that D, and Djy are equal to one another and
therefore to D. In such a case we cannot say whether we are dealing
with a type 1 or a type 2 mechanism, but only know that one coefficient
is sufficient to describe the observed diffusion. When v is not zero, the
simultaneous solution of equations 58 and 61 will yield the values of
D, and Dy over the range studied, and we can assume that we are
dealing at least in part with a type 1 mechanism.

As an alternative to the above procedure for determining 0 over a
range of concentrations we may perform a series of experiments on
diffusion between alloys of only slightly differing composition and take
the value of D obtained, assuming it to be constant over this small
range of concentrations, as corresponding to the mean concentration
of the two alloys.2¢ We can in such cases employ the simpler form of
Fick’s equation:

o 2%

ot 7 oxt
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the appropriate solution for which has already been given (equation 62):

6= g{l—erf(wb)} .. (62)

That value of D would be chosen for which equation 62 could best
be fitted to the concentration/distance curve. This method though
longer has the merit of providing accurate results over the whole range
of concentration studied rather than, as in the Matano-Boltzmann
method, only over the centre portion of the concentration range.

It would be convenient to study the diffusion in a system consisting
of a series of disks of alloys of slightly differing compositions, covering
the range required, welded together in order of composition, the
thicknesses of the disks being such that no change in composition
would occur at their centres (Van Liempt’s cascade method2¢).

A special case of this method is to use a pure metal A and a very
dilute alloy of B in A. This yields a value of D", at low concentration
(if the mechanism is of type 2) or alternatively an approximate value
of D’y at zero concentration, for since D = N,D’s + NgD’s, the
observed value of D tends in the limit to the value of D’gas Nz becomes
very small and N, becomes more nearly equal to one. We note also
that since

Dy = GkT(l +2 l°g“) = GkT(I + NAa—k’g—Xﬁ)
log N, ONA
D, will, in the limiting case of zero concentration, become equal to the
mobility term G,kT. These limiting values of D at low concentrations
are of considerable theoretical importance,® so that their measurement
is of some interest.

We next require a knowledge of the activities «of one of the com-
ponents of the alloy over the range of concentration for which D has
been studied in order to calculate the value of the mobility from
equation 13 or 19:

0 log ya
Dy = GkT(l + ngA)

We shall briefly mention later the methods available for the deter-
mination of activities and activity coefficients. As we have seen,
theoretical models of the diffusion process give only the value of Gk T,
that is to say, they only give the value of the diffusion coefficient in
ideal solutions, so that the calculation of this quantity from observed
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diffusion data is of great importance. In the past, in comparing theo-
retical and observed values the comparison has always been of the
observed diffusion coefficient with the theoretically predicted value of
the mobility term GkT, which as we can now see are not the same
thing. So far, fortunately, this has not mattered because the theory
of diffusion is at present capable of predicting only very approximate
values of the diffusion coefficient. Time, of course, will take care of
this, but for the present it is most important to distinguish between the
true mobility or place change number GkT and the effective diffusion
coefficient D, especially in discussing diffusion rates and their depen-
dence upon concentration, in relation to other processes in metals
which involve atomic movements such as e.g. order-disorder trans-
formations and slip.”* Dehlinger?! seems to have been the first to
make this important distinction, and we have mentioned how he
found that Gk T and Dgps varied over the concentration range in quite
different manners. Figure 16 shows the value of D as observed and
after correction for the departure of the solution from ideality, plotted
against concentration for the diffusion of zinc in brass.

The variation of the observed diffusion coefficient with temperature
is found almost invariably to follow a law of the form:

Dops = Dy e~ URT e . (43)
where D, is practically independent of temperature. In those cases
where it does not do so, it can usually be shown that more than one
mechanism of diffusion is operative. The value of Q, the activation
energy, is found by measuring the slope of a plot of log Dops against
1/T, and is always quoted in results of experiments. Both D, and Q
depend upon the concentration, so it is important to plot for a series
of values of 1/7, values of log Dgps measured all at the same concen-
tration. Very many measurements give some mean value of Dopg over
a range of concentration so that the activation energies calculated
from these data will also be mean values over the same range.

Now theoretically calculated values of the diffusion coefficient
always show a temperature dependence of the form 43, but since such
calculations give only the ideal solution value GkT for the diffusion
coefficient it is really only the mobility term in the observed diffusion
coefficient that we should expect to depend upon temperature in the
manner of equation 43. In other words, the more accurate form of
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equation 43, when one coefficient suffices to describe the observed
diffusion, is:

Dops = D, —a/kr(l + lesgg;) . ... (65)
Now Q is of some considerable theoretical importance, and since
{1 + (0 log y/2 log N)} will in general vary with temperature even
at constant concentration, it is important to plot, not log Dgps, but
log Dons/{1 + (2 log y/@ log N)} against 1/T in order to calculate at
any given concentration an

34
accurate and physically more —
significant value of Q. This § /k:
was first pointed out by § | M
Birchenall and Mehl!® and g 0 ?
by Smoluchowski. 2 < | \TO/
Figure 7 shows values of Q 28 - :

. ) o 6 2 8 24
atdifferent concentrations for Atornic Per Cent In

the diffusion of zinc in abrass  Figure 7. Activation energy Q for the diffusion

as calculated by the two of zinc in copper. Calculated a from observed
. e diffusion coefficient and b from mobility or ideal
methods, using the diffusion solution value of diffusion coefficient

data of RuINEs and MEHL?3
as selected by Birchenall and Mehl*® for their paper on activities and
diffusion in metallic systems, and for the second method the activity
data of HARGREAVEs74assmoothed by Fisher, Holloman, and Turnbull. 34
Following Rhines and Mehl, the lines were drawn through the most
widely separated points on the temperature axis. We see that there is
quite a marked difference between the two curves. Since it is very often
the values of the activation energies for diffusion which are employed
in detecting the operation of diffusion processes in other phenomena
in metals (by comparing their activation energies with that for diffu-
sion), it is most important that the more physically significant value
of Q be used.

Equation 65 was restricted to the case where one diffusion coefficient
sufficed to describe the observed diffusion. In the more general case
when D, # Dg we shall have:

Dons = (NaDy + MaDy) (1 + 5125
91
= (.NAD()BC_QB/RT + NBDOA C—QA/RT)(I -+ %ﬁ)
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so that log Dons/{1 + (@ log y/@log N)} plotted against 1/7T will
only provide some mean value of Q 4 and Qg. The separate values of
D, and Dy must be obtained by measurement of » before the values of
Q4 and Qp can be calculated separately. The fact that relation 43 is
verified in nearly all systems investigated suggests that Q, and Qp
cannot be very unequal. It will be apparent that Q in Figure 7 is only
some mean value of Q ¢, and Q z.. A series of values of D¢, and Dz, is
not available, so to illustrate the point in question we have plotted
log Dobs and log Dops/{1 + (@ log y/@log N)} against 1/T.

In self diffusion experiments we have a particularly simple case, for
we are observing the interdiffusion of two different isotopes of the
same substance. Since G, and Gp will be nearly equal and independent
of concentration, and sincey is everywhere unity, equation 59 reduces to:

2
N _p&N ... (66)
ot ox?
and equations 63 and 64 to:
D = GkT . ... (67)

so that the observed diffusion coefficient is the true mobility term or
place change number. These equations 66 and 67 are, of course, the
usual elementary ideal solution equations in terms of which most
diffusion experiments in the past have been interpreted. We see now
that they are only strictly applicable in the general case to self diffusing
systems. However, G, and Gp will not be exactly equal because of the
slight difference in mass between the interdiffusing isotopes, and
Johnson?® by comparing the rates of diffusion of several stable isotopes
of nickel in copper has shown that the mobilities may be taken as
inversely proportional to the square root of the isotope mass. This
result can be used to correct measured self diffusion coefficients of the
radioactive atoms to give the true self diffusion coefficient of the inert
material.

Techniques—The experimental techniques required for the measure-
ment of diffusion coefficients are fairly straightforward if a little
laborious, but there are a few points which do not always receive
sufficient attention, and as a result the value of some of the published
work is difficult to assess.

Well annealed and perfectly homogeneous materials should, of
course, be used in all diffusion experiments, and the importance of
their purity has already been stressed.
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In cases where grain boundary diffusion plays a part the observed
diffusion coefficient will vary with grain size, and such a variation
must be investigated if we are to know to what extent the measured D
is due to lattice diffusion through the grains and to what extent due to
diffusion down the grain boundaries; far too many workers have
ignored this point altogether. When there is no grain boundary diffu-
sion the measured D will of course be independent of grain size. Grain
boundary diffusion can also be detected by metallographic examination
of the diffusion zone. Only when there is no preferential penetration
down grain boundaries will the lines or planes of constant composition,
as revealed by careful etching, pass straight across grain boundaries
(see e.g. Figure 6, of reference 76). Lattice diffusion can usually be made
to predominate by working at sufficiently high temperatures but it
is preferable to perform experiments on single crystals so as to observe
the lattice diffusion only and then to relate these measurements to
further ones on polycrystalline material.??

Intimate atomic contact between the two alloys or pieces of metal
between which diffusion is to take place is achieved where possible
by electroplating3:7%78 or alternatively and where electroplating is
not applicable, by welding,3%.78:82 or by rolling or drawing.141879
Mehl* has drawn attention to the importance of oxide films or other
impediments in the plane of contact where, if these are not quickly
dissolved during the diffusion anneal, the effect will be to diminish
the effective area of contact and so give a reduced value of D. A
similar result would occur if the rates of diffusion of one or both of the
components through the oxide layer were very much less than through
the bulk of the material. He also points out that the method of pro-
ducing intimate contact by rolling or drawing offers special advantages
in fragmenting and attenuating the oxide layers. The possible presence
and effects of such oxide films are not always investigated or even dis-
cussed in connection with diffusion measurements.

The difficulty could be avoided altogether if it were possible by
some means to produce a concentration gradient in an initially homo-
geneous alloy and then observe the process of rehomogenization by
diffusion, although the interpretation of the results would be more
difficult. Such a specimen might be prepared by cooling a molten alloy
by very slowly drawing it out of a furnace, when the composition of
the solidifying alloy will follow the solidus curve.
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No experiments have yet been done on the rates of interdiffusion of
two single metal crystals, but should such be carried out it might be
important to specify carefully the relative orientation of the two
crystals, for there is some evidence®® that this would determine the
observed rate of diffusion to a considerable extent.

We have seen that for a complete investigation on the dependence
of D upon concentration a knowledge of the concentration at points
throughout the diffusion zone is essential. We might add that measured
concentration/distance curves are not always interpreted in the manner
described to give D as a function of concentration, but only used to
provide an average value of the diffusion coefficient. Successive thin
layers of material parallel to the original interface may be removed
on a lathe and their composition determined by any convenient method
such as chemical,8.73:113 quantitative spectrographic,!® 7880 or x-ray
analysis.82:82  Pa1¢®® has described a method of determining the
composition by microradiography. If one of the metals or alloys
contains an added amount of a radioactive isotope of one of the com-
ponents, the composition of successive layers can be determined by
measurement of their activity, but this method is usually reserved for
self diffusion measurements. Mass spectroscopic analysis of thin layers
has been employed by Johnson?® in his measurements on the diffusion
rates of the stable isotopes of nickel into copper. Alternatively, the
composition of the new surfaces, revealed by the removal of the layers,
may be determined by taking x-ray reflection photographs. By using
very soft x-rays, or better still electrons, the composition measured is
an average value over only a very shallow layer of the surface. The
removal of extremely thin layers of material, as is necessary when the
diffusion is slight, can be effected in some cases by electrolytic etching.84
The composition of the new surface is then determined in the above
manner. BUckLE®® has developed a method of determining the
concentration of alloys which depends upon the variation with com-
position of the microhardness of solid solutions and has employed this
to obtain the concentration/depth curves for various metals diffusing
into aluminium.% A rather ingenious micrographic method, which
avoids the necessity of removing layers of material from the specimen,
has been used by Brick and Phillips!® to obtain the concentration/
penetration curves for the interdiffusion of copper and of magnesium
with aluminium,
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There are several other methods of following diffusion rates which
do not depend upon a knowledge of the concentration/depth curve
but which, since it is assumed in their interpretation that D is indepen-
dent of concentration, are strictly only applicable to measurements
on the diffusions between a metal and a very dilute alloy of that metal
with another, or between two alloys of nearly equal concentration.
These limitations are by no means always imposed but the methods
at least provide a rough measure of the magnitude of the diffusion
coefficient for the system investigated, although the actual value
obtained for D may only be a mean over some range of concentration.

Evaporation Method—The rate at which the more volatile component
of a binary alloy diffuses out of the material when itis heated is measured
as the loss in weight of the specimen after various periods of heating
in vacuo. The method, first employed by Dunn®? for studying zinc
diffusion in « brass, is very popular among Russian workers and has
been critically discussed by GERrzrickeN, FaiNcorp, ILKEvICH, and
SARHAROV.88 It has to be remembered that the rate of loss of the
volatile component is controlled not only by the rate of diffusion to
the surface but also by the rate of evaporation from the surface,
which must be measured separately. There are other complications
in all but single crystals such as the shrinkage of grains due to the loss
of the volatile component, followed by preferential diffusion along the
grain boundaries which might not exist under other conditions.* The
method has been used recently by GERzRICKEN and GOLUBENKO®®
to follow the effects of stress and plastic strain upon the diffusion
of zinc out of brass and by GErRzRICKEN and DEGHTYAR*® to study
the influence of magnesium and antimony on the diffusion of mercury
out of mercury-lead alloys. VAN LiEMPT?? has also used the method
to measure the diffusion of iron in very dilute solution in tungsten.

Any surface property of a metal which depends upon the concen-
tration at the surface may be used to follow the diffusion of material
from the interior of a specimen to the surface. Thus the diffusion
coefficient of thorium through crystals, along grain boundaries and over
the surface of tungsten, has been measured by observing the con-
comitant changes in ionic emission from the surface thorium.??.91.92
The photoemission properties of sodium were employed by BosworTH?3
to study the diffusion of sodium through and over the surface of
tungsten. CoLEMAN and YEAGLEY® evaporated a thin film first of one
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metal and then another on to a glass plate and followed the inter-
diffusion of the two metals by observations on the changes in reflec-
tivity of one surface. This method is very sensitive and makes possible
an observation of diffusion in some cases at temperatures as low as
50°C and in times as short as 5 minutes, but the results need careful
interpretation before they can be compared with measurements made
on material in bulk® because of the effects of preferred orientation
in the deposited metal layers and because the physical properties of
thin films are not necessarily the same as those of the material in
bulk. Dumonp and Yourz? and Burr, CoLEMAN, and DAVEY®? have
followed, by x-ray diffraction methods, diffusion in similarly prepared
specimens of metal films deposited on glass.

Finally there are methods available which consist in following some
bulk property of the diffusing system, which in these cases often consists
of specimens of many layers formed either by electroplating first one
metal and then the other, and so on, or by rolling a stack of metal foils.
Thus for example TANAKA and MATANO?®® studied the interdiffusion
of copper and gold by measurements of the change in electrical
resistance of such specimens, and MaTaNo,®® by following changes in
the x-ray diffraction pattern, measured the diffusion coefficient of nickel
in copper. CHEVENARD and WAcHE!0101 and CHEVENARD and
PorTEVIN1?? have described a thermomagnetic method applicable
only to ferromagnetic solid solutions, in which the concentration
changes are followed as changes in the Curie point. Such methods
as these are convenient in that they allow the diffusion to be followed
without destruction of the specimen so that many observations may be
taken on the same specimen.

These methods all give values of D (or a mean value of D over some
range of concentration). In the general case, in order to calculate
from D the separate values of D, and D, when these are not equal,
we need to know the velocity of and the concentration gradient at the
position of markers placed at various positions along the direction of
diffusion so as to be able to solve simultaneously equations 58 and 61.
The only reported measurements of v are by Darken3? from the data
of Smigelskas and Kirkendall,2® whose experimental procedure we
have already briefly described. The distance between the markers is
plotted as a function of time, and from the slope of this curve is
calculated the velocity of the markers at the concentration obtaining in
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their immediate vicinity. Smigelskas and Kirkendall’s experiments
give only the value of » at one concentration, namely that at the brass/
copper interface, but the method could clearly be extended to give
values of v at other concentrations simply by embedding the molyb-
denum wires at other positions away from the interface. When this is
impracticable, as for example when the metals cannot be conveniently
electroplated, it will be necessary to measure the velocity of markers
at the interfaces between a series of diffusion couples made up of pairs
of alloys whose compositions differ only slightly and whose mean
compositions cover the range for which v values are required.

If we can assume that the composition in the neighbourhood of a
marker remains constant during the interdiffusion, then » may be
calculated from the relation » = (shift of marker after time ¢)/2¢.37

The assumption is readily shown to be valid when the displacement
plotted against ¢ produces a straight line through the origin.3®
Observed values of v are of course to be corrected for any volume
changes accompanying diffusion.

Self Diffusion—The general procedure in the measurement of self
diffusion coefficients has been to cover the surface of a flat disk or
plate of the metal being investigated with a radioactive isotope of the
same material and then to follow the extent of the diffusion after heating
by one of two methods. A concentration/distance curve is obtained,
as before, by turning off in a lathe successive layers of material parallel
to the original interface and measuring their content of radioactive
material by means of its activity. From this D is readily calculated.
See, for example, the measurements on zinc,® copper,103.111 sjlver,107
and gold.1®¢ The second method is to follow the rate of decrease of
activity of the coated surface due to the disappearance of the radio-
active atoms inwards by diffusion. From this, and a knowledge of the
absorption coefficient of the material for the radiations emitted, D can
be calculated. This method has been used in measurements on lead, 108
copper,®%130 and gold,%® but is generally considered to be the less
accurate of the two because of the need to know these absorption coeffi-
cients. A new method involving neither the machining of numerous
layers of material from the test piece nor a knowledge of any absorption
coefficients has recently been described.1%® It is illustrated in Figure 8.
The side surface of the specimen parallel to the direction of diffusion
is deeply etched electrolytically to remove those layers where the
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concentration of radioactive material may have been increased by
surface migration, and the specimen is then placed in a lead box with
the etched surface uppermost. Part of the surface is covered with
a lead slide and the activity /; of the remaining exposed portion of the
surface, of length x,, is measured. The slide is then moved to another
position, shown dotted, so that the measured activity I, of the now
exposed portion of surface is equal to 7;. From x,, x,, and ¢, the time
of the diffusion heating, D can be readily calculated.

The radioactive isotope is usually
prepared beforehand and then elec-
troplated or evaporated upon the

)
Activated y&" specimen, or collected as a radio-
A

o 2,— Slide

Surface—__| . . .

N _ Specimen  disintegration product from a gas.
Alternatively, a disk or foil of the
Figure 8. Apparatus for self diffusion  metal, containing a proportion of

measurements the radioactive isotope, may be
rolled or welded on to an inactive disk.1°%111 The method of
bombarding the specimen of the metal in which diffusion is to be
followed with the appropriate radiation so as to produce the radioactive
isotope in situ has also been employed.1%3:19¢  This has the advantage
of avoiding possible effects due to surface contamination which may
arise in the first method, but the disadvantage that recoil from y or
particle emission during the production of the isotope will destroy the
regularity of the lattice in its immediate vicinity, and so possibly affect
the observed diffusion rates.1%¢ Also, the initial distribution of radio-
active isotope is never known with the same certainty as when it is
plated as a uniform thin layer upon the surface of the specimen.
Although so far only radioactive isotopes have been used in the
measurement of self diffusion coefficients, there is nothing to prevent
the use of stable isotopes instead, the process of diffusion being followed
by mass-spectrographic analysis of successive thin layers of material.
This would be particularly useful for studying the self diffusion of
magnesium for which no radioactive isotope of a sufficiently long life
for a conventional self diffusion measurement is at present available.
Activity Measurements—We have seen that for a calculation of the
mobility or true place change number from observed diffusion coeffi-
cients we require a knowledge of the activities of the components of the
solid solution in which the diffusion is measured. WAGNER?? has
given an excellent account of the methods available for measuring
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activities and activity coefficients in metallic solid solutions, and the
following is a brief summary of these.

a The vapour pressure method requires a measurement of the
partial vapour pressure p, of one component A in the vapour phase
over the solid solution with which it is in equilibrium. If p,° is the
vapour pressure over the pure metal A at the same temperature, and
if we assume the vapour in each case to behave as an ideal gas, the
activity of A is given by ay = p,/pA° if we take the activity of the pure
metal to be unity. As an example of this method we may quote
Hargreaves’s measurements of the activity of zinc in « brass. 74

b The E.M.F. method involves a measurement of the E.M.F. of a

cell of the type
Pure metal Ionic conductor of ions Alloy of metal B
A of metal A with Valency ¢ with A

in which A must be the more electropositive metal. If we transfer one

gm/atom of A from right to left in the cell, the decrease in free energy is
Ha — MA® = RT log as/a,° (ap®° = activity of pure metal)

and is equal to the electrical work done = zFE.

RT o
S E = TZ—F log aA/aA

If we take the pure metal A as the standard state of unity activity, the
activity of A in the alloy with B becomes
a5 = e FERT
There are a number of precautions to be taken, particularly in the
choice of the electrolyte and the avoidance of secondary reactions at
the electrodes, all of which are discussed by Wagner. Wagner and
Engelhardt®® employed this method to measure the activity of gold
in alloys of gold and silver and their results were used in the interpreta-
tion of Johnson’s experiments3® on diffusion in the 50 per cent alloy.
¢ The chemical reaction methods consist essentially in comparing
the equilibrium concentrations in a chemical reaction involving one
component of the alloy with those for the same reaction in which
the pure component is used. As an example we may take SMmiTH’s
experiments,!1° from the results of which may be calculated the activity
of carbon in iron. Smith measured the equilibrium partial pressures
pcn, and py, in the reactions:
2H, + C (dissolved in Fe)——CH,
2H, +- C (graphite) ——CH,
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The equilibrium constant for the reaction is given by:

* = () = (75)

Pnac/y 2%,/ 2
so that ac, the activity of carbon in iron with respect to graphite, is
readily calculated. A further study of the reaction of CO, with C
dissolved in iron and with pure carbon (graphite) provided an indepen-
dent set of values of ac. These experiments have been used in the
discussion of measurements of the diffusion coefficient of carbon in
iron.18.3¢

EXPERIMENTAL RESULTS

The majority of experiments have provided, at best, a measure of
the observed interdiffusion coefficient Dgps at one or several values of
the concentration, or at worst, a mean value of this Dgps over some
range of concentration. The difficulties in making use of many of these
experimental results in any theoretical treatments of the subject are
twofold. First very few of the results have been corrected for the
departure of the actual solid solution from ideal behaviour, and
secondly, with one exception,?® 37 no measurements have been made of
v (equation 57), so that we do not know whether we are dealing with a
single diffusion coefficient, that is, with a system in which the observed
diffusion can be described by a single coefficient, or with a system in
which two separate coefficients, one for each component, are required,
so that the observed diffusion coefficient is composite (D = N,Dg +
NpD,). However, in the two cases of measurements of self diffusion
coefficients and measurements of D made with a low concentration of
one component, i.e. low compared to the maximum solid solubility of
that component, the results are of immediate significance, for the
observed value of D actually measures the diffusion rate of one atomic
species in a lattice of the same (self diffusion) or of a different species.
Also, the self diffusion coefficient is the mobility or true place change
number. The corrections for departure from ideality in measurements
of D in very dilute solution are usually small enough to be neglected
so that again our measurements give the mobility directly.

No attempt will be made to list or even survey all the measurements
of diffusion coefficients that have been made, for that has already been
done on several occasions, as for example in the monographs by
BARRER? or better by SErTH,!2 but a number of them will be quoted
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by way of illustrating the general conclusions that have been drawn
about diffusion coefficients and about the factors which are thought
to influence the rates of diffusion in metals.

All measured values of D (or of ﬁ)
for metals diffusing into metals,
whether immediately interpretable
as mobilities or whether composite in
that they have not been corrected Surface
for departure from ideality or may /
contain two separate diffusion co- 8
efficients as type 1 mechanisms, are /
found to follow a temperature law of
the form:

Temperature °C

/500
1750
F2000

-6

Grain Boundary

D =D, e ~URT a (
where D, varies for different systems g
from about 10-° to 104 and Q varies }
from about 10 to 115 kcal per gram  “ / /Volume

atom.

The regularity with which this /
law is obeyed is no doubt due inlarge -«
part to the experiments not being
sufficiently accurate to bring out the
departures from it, which the /
phenomenological theory we have 7 s y 5/0‘ 4 3
dc.scribcd indicates should generally Figure 9. Diffusion qf’t horium i ungsten'™
exist for measurements made on any
but self diffusing or dilute solution systems.

D, is relatively independent of temperature and is greatest for self
diffusion or for diffusion between chemically and physically similar
metals which may often give a continuous series of solid solution.

For the few systems that have been investigated it is found that the
measured activation energy Q for lattice or volume diffusion is greater
than that for grain boundary diffusion, which in turn is greater than
that for surface diffusion. Figure g9 shows log D plotted against 1/7 for
volume, grain boundary and surface diffusion of thorium in tungsten.
Grain boundary diffusion is generally more important the harder the
solvent, Z.e. for such metals as tungsten or bismuth. In these cases the
effect of reducing the grain size by mechanical working is to increase
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considerably the observed diffusion rate, whereas for a soft metal such as
lead no amount of mechanical working will affect the rates of diffusion
in it

Diffusion data have in the past often been interpreted through the
semi-empirical Dushman-Langmuir equation?!!4

D=%;%e“‘1’” ... (68)
2
so that Do=d7v% ... (69)

where 4 is Planck’s constant, N is Avogadro’s number, and d the average
interatomic spacing. Values of Q calculated from equation 68 using a
single D and 7 value are often in very good agreement with those
values obtained by plotting log D against corresponding values of
1/T,%2¢ which is at first sight rather surprising in view of the semi-
empirical derivation and simplicity of equation 68. Van Liempt®
has, however, explained why this agreement is no proof of the validity
of equation 68 and shows that the term outside the exponential in
equation 68 may be changed by a factor as great as 10 without seriously
affecting the value of Q calculated from it.

Less attention seems to have been given to equation 69, but
Gerzricken and Deghtyar!1s have recently discussed the Dushman-
Langmuir equation from this point of view and find that values of d
calculated from equation 69 using observed values of D, and Q vary
within wide limits and can be both greater and less than the lattice
constant.

These results should probably not be taken as too final on account
of the difficulty in computing accurate values of D, from experimental
data, but it is extremely doubtful whether the still extensive use of
equation 68 is really justified.

D is always found to vary with concentration. Measurements over
the whole concentration range of continuous solid solutions have been
made on the nickel-copper system by Grube and Jedele!#13 and by
Johnson,? and for the alloys of gold with palladium, platinum, and
nickel by Jedele.14.116 Measurements over the « solid solution range
of concentration have been made for several alloys of copper by
Rhines and Mehl?® and of aluminium by Mehl, Rhines, and Steinen1®
and by Biickle.®® Wells and Mehl*!® have measured the diffusion
rate of carbon in iron over the austenite range of concentration. Some
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Figure 11. Diffusion coefficient Dasa

JSunction of concentration for the systems

gold-platinum, gold-palladium, and gold-
of these results are shown plotted nickel 11¢

in Figures 10 to 14. These represent

the most completestudies of diffusion constantsover a range of concentra-
tion. Bugakov and SIrROTKIN!17 have shown that for zinc and cadmium
diffusing in silver the diffusion coefficient is fairly constant up to
about five per cent cadmium and up to ten per cent zinc but that
at higher concentrations D increases considerably. The dependence
upon concentration of the diffusion rates of magnesium into lead
has been demonstrated by SeitH and HErMANN.118 They also found
that the diffusion of thallium into lead was almost independent of
concentration. Measurements of the rates of diffusion in B solid
solution are almost non-existent, but PETRENKO and RusBINsTEIN11?
have found that for the systems silver-zinc, silver-cadmium, and
copper-zinc Q is much less and diffusion much faster in the p than in
the o phase region, which is as might be expected in view of the more
open P structure.

When it was found that the values of D at very low concentrations for
various metals diffusing in copper were approximately the same it
was suggested?? that this constant value, characteristic of the solvent
copper rather than of the solutes, actually represented the self diffusion
coefficient of copper. Subsequent measurement of the self diffusion of
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copper appeared to vitiate this viewpoint, but Van Liempt®® has
recently reasserted that the observed diffusion coefficient of A in very
dilute substitutional solid solution in B is equal to the self diffusion
coefficient of B, and that this indicates a convenient means of measuring
self diffusion coefficients. His arguments in support of this are not
entirely convincing (see also reference 127), and most of the usual
models for diffusion processes provide no reasons why it should be
true. Although the experimental evidence would also seem to be
against it,%118 this, as Van Liempt points out, is not altogether con-
clusive on account of the very large discrepancy between measure-
ments by different observers for any one metal of its self diffusion
coefficient, and of the low accuracy in the evaluation, by the Matano
method, of the diffusion coefficients at low concentrations. Van Liempt
also doubts whether in all systems studied for this purpose the solutions

60 T T have been truly substitu-
D ot 800°C . .
‘ tional. There is clearly a need
Al +CU e vvee 1 +CU caaaa .

o | Betcu 2 snvcu 2270 here as in the whole field of

S 40f Cd+Cu — Zn+Cu . . .
% / diffusion in metals for more
9; / accurateand careful measure-
3 ' ments of diffusion coefficients.
L/ Rhines and Mehl?® used
their data to calculate the

o 6 2 8 24 variation of Q with concen-

Atomic Per Cent t ti . . 11 £
s ) . ration 1in various alloys o
Figure 12. Selected average diffusion coefficient Y

D, interpolated to 800°C for systems copper- ~ COPPET. However, in view of
aluminium, copper-beryllium, coppercadmium,  the fact that their measure-
copper-silicon, copper-tin, and copper-zinc'* ments of D were uncorrected
in any way and that their calculation of Q involves a rather arbitrary
selection of data necessitated by the considerable spread of results from
specimen to specimen, the particular shapes of their curves, Figure 15,
are not to be taken as too significant. The curve for zinc-copper in
Figure 15 is quite different from that of Figure 7 on page 353, which was
drawn from calculations made on a differently selected set of data. We
have already pointed out the possibly composite nature of Q in these
calculations.
Biickle®® has calculated Q at two values of the concentration for
dilute solutions of copper, manganese, magnesium, and silicon in
aluminium. In each case Q increases with increasing concentration.
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3

Thereisonly onereported measure-
ment of » (equation 58), namely that
of Smigelskas and Kirkendall?® for
the diffusion of zinc into copper at

785°C. Darken has calculated from

/ their results the value of » at the con-

&5 3 - 5 centration 22-5 per cent zinc and used

Atorme Per Cent C this to compute the separate values of

Figure 14. Diffusion of carbon in iron at Dz, and Dg,. The figures Smigelskas

1150°C as a function of concentration * 54 Kirkendall obtained were
v = 124 X 10-? cm/sec and dNV/dx = 0-43 cm~1,

Rhines and Mehl obtained for D at 785°C a value of 45 x 10-°
cm?/sec, and therefrom Darken obtained Dz, = 5-1 X 10-? cm?/sec and
D¢, = 2:2 X 10-? cm?/sec. Smigelskas and Kirkendall used only
one set of markers, so that .,

X

Dx10” em?/sec
N

7 e
only one value of » and so N Dl e
also only one set of values of v P
40000 b2 —]
Dz, and Dg, can be calcula- 3 N _|l-7 ™~
ted. At very low concentra- o ——
tions of zinc, however, the  “°°% AL+CU - S #CU .
. . . Be+CU e SN+ CU —omm
measured diffusion coefficient / Cd+Cu — Zn+Cu
i 1 alue of Dz,. | |
is equal to the value Zn o < = 7

Rhines and Mehl give this
value as 0-3 x 10~® cm?/sec,

Atomuc Per Cent

Figure 15. Relation between Q and concentration
so that Dz, increases seven- for the systems copper-aluminium, copper-beryl-

teenfold between 0 and 225 lium, copper-cadmium, copper-silicon, copper-
) tin, and copper-zinc
per cent zinc.3?
Comparatively few measurements have been made on the activities
of the components of binary metallic solid solution so that it is not
possible in very many cases to correct observed values of the diffusion
coefficient for departure of the solutions from ideality so as to give the
mobility. The diffusion data for nickel-copper213 have been very
roughly corrected by Dehlinger.2! Wells and Mehl’s!!3 measure-
ments on the diffusion of carbon in iron can be corrected by employing
the activity data of Smith,11® and Hargreaves’s’¢ activity measure-
ments of zinc in « brass can be used to correct Rhines and Mehl’s?3
measurements of diffusion in that system. The necessary calculations
have already been performed in part by Birchenall and Mehl!® and
Fisher, Holloman, and Turnbull,3¢ but as we have seen these authors
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made further assumptions <o
about the mobility and their

results do not provide the
mobility immediately. Figure I

16 shows the observed and
/ /

corrected values of D for
=

Dx10"
3

the system zinc-copper.
Hargreaves’s data have been 1 //
smoothed by Fisher ef al. and - —T
their figures have been em-
ployed in the above calcula-

tions for abrass. Theseparate . L o

values of Do and Do, cal HEee 1 Difin i fr i n
culated above may also be 11 values corrected for departure of solid solution
corrected to give the indivi-  7om the ideal state = (NuGs + NyGo)kT
dual mobility values Gg kT

and Gzpk T for the zinc-copper system at a temperature of 785°C and a
concentration of 22-5 per cent zinc. These are Gz,AT = 2:57 X 10-°
cm?fsec and G, kF = 1-11 > 10-? cm?/sec.

These calculations on the zinc-copper system represent probably
the most complete analysis of diffusion data in concentrated solid
solution that have yet been made for any system. Much work remains
to be done in extending along these lines the measurements that have
already been made on many systems and in performing further such

(o] 6 2 8 o4
Atomic Per Cent In

measurements on many other systems.

By studying the rates of diffusion of different metals in the same
solvent attempts have been made to find correlations between the
properties of the components of the diffusing system and the rates of
diffusion therein.

The measurements on the diffusion of several elements in silver by
Serre and PEReTTL?® in lead by HEVESEY and co-workers,? in copper
by Ruines and MEHL,?® and in gold by JEDELE! and by JosT!2° have
been very useful in this respect, although it has not been possible to
draw much more than very general conclusions from these results.
Many more measurements of greater precision and more carefully
interpreted than heretofore will probably be necessary before any very
great progress is made towards a quantitative relationship between rates
of diffusion and the properties of the components of a diffusing system.
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Generally speaking, the more dissimilar the two components the
faster is the rate of diffusion in any series of alloys with one metal. This
dissimilarity is usually discussed in terms of degree of solid solubility,
of relative position in the periodic table, and of relative size of the
solute and solvent atoms, and all of these are of course linked, in some
way not at all completely understood, with the differences in the
electronic configurations of solute and solvent atoms and their inter-
actions, leading to lattice distortion and polarization effects, when
present together in an alloy.

Thus diffusion is usually, but not always, fastest in those systems
which show the least solid solubility and accordingly slowest for self
diffusion or for systems which exhibit continuous solid solubility. This
is well illustrated in Tables III and IV, showing the diffusion data for
lead and silver.

Table I1I. Diffusion of Metals in Lead™®

Metal Au Ag Cd Bi Tl Sn Pb
D cm3/sec? 46X 1078 9 1 X 1078 2X 1070 |4°4 X 1071031 X 1071916 X 10~19| 7 X 10~
(285°C)
Q (kcal) .. 13 15°2 18 18-6 21°0 24°0 28-0
Crystal structure Sec.c. Secc. c.p.h. rh. S tet. Secc.
of solute
Max. solid sol. 0°05 012 17 35 79 29 100
(atomic %)
At. rad. (Golds.) 1°44 144 1'52 1-82 171 1°58 174
M.P. of solute 1,062 g6o 321 271 303 232 327
(°C)

These two tables demonstrate the fact that roughly speaking the more
removed the solute atom is from the common solvent atom in the
Periodic Table, the faster is the rate of diffusion.

An increase in size of the solute atom is accompanied by an increasing
rate of diffusion in alloys of silver and of copper but a decreasing rate
of diffusion in lead alloys and in gold alloys (see Table V) but we also
notice in each case that the nearer the radii of solvent and solute atoms
become equal the smaller is the diffusion coefficient, although this
behaviour is not quite regular.

Another interesting relationship has been observed by Sen.!2! In a
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pair of metals A and B, the diffusion of A into B (at low concen-
tration of A) is more rapid than that of B into A (at low concentration
of B) when the minimum distance of approach of atoms in A is less than
the same distance in B. This is illustrated by the data collected in
Table VII, taken from Barrer?4 with additions.

Table IV. Diffusion of Metals in Silver™®

Metal Sb Sn In Cd Au Pd Agro?
D cm3/sec 1°4X 10~°%2:3X 10~ %12 X 10°|9°5X 10-1%(3:6 X 1071924 X 1019/ 1-6 X 10~1°
(760°C)
Q (kcal) . 217 21°4 24°4 22°35 26-6 20°2 459
Crystal structure rh. tet. Sc.tet. c.p.h. See.c. Sfee. Sec.c.
of solute
Max. solid sol. 5 12 19 42 100 100 100

(atomic %)
At. rad. (Golds.) | 1-614 1-582 1:569 1°521 1°44 1°372 1°44
M.P. of solute 630 232 155 321 1,063 1,555 g6o

G

Whatever the process of diffusion, the migration of an atom will
require first the loosening of that atom from its position of equilibrium
in the lattice. Itis then natural to attempt to relate diffusion rates and
activation energies to the melting points or sublimation energies of the
solute and solvent, for these quantities are measures of the work required
to loosen atoms from their lattice positions.

Table V. Diffusion of Metals in Gold?®

Metal Ni Pd Pt Au
D at 9oo°C X 1010 . 6-0 2:3 061 —
Q (keal) .. .. .. — 374 39 51
At. rad. (Golds.) .. . 124 1°37 1'39 1°44
M.P. (°C) .. .. . 1,452 1,555 1,755 1,063

With alloys it is found that an increase in the concentration of one
component is attended by an increase in the diffusion coefficient of that
component if it leads also to a decrease in the melting point of the alloy,
and to a decrease in the diffusion coefficient if it leads to an increase
in the melting point, although again other factors operate which pre-
vent a complete correlation.
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There is no direct connection between the diffusion rate and the
melting point of the solute except that a high diffusion rate is more
likely the more the melting points of solute and solvent differ. However,

Table VI. Diffusion of Metals in Copper™®

Metal Zn Al Si Sn | Cu®ss 103, 130
D at 750°C X 10% .. .. e 1°4 1'6 2-0 2°1 ¢ 013
Q (keal) . .. .. 38 38 40 45 ¢ 50
Max. solid sol. (atomic %) .. .. 32 16 11 75 100
At. rad. (Golds.) .. .. .. 137 140 1°1 158 128
M.P. of solute .. .. .. 419 660 1,420 232 1,083

it has sometimes been stated that the activation energy is proportional
to the melting point of the solute. Thus Jost33 shows this to be true
for a few elements diffusing in gold. As demonstrated in Table VIII.

Table VII. The Direction of Fastest Diffusion in Various Alloys

Min. Distance of Approach Direction of
ystem in A Fastest Diffusion®

Cu-Pt .. .. .. Cu 2°'54 Pt 2-78 Cu into Pt
Cu-Zn .. .. Cu 2°54 Zn 267 and 2-92 Cu into Zn
Fe-Ag .. .. .. Fe 2:54 Ag 2-88 Fe into Ag
Au-Pb .. .. .. Au 2-88 Pb 348 Au into Pb
Fe-C .. .. .. Fe 2:54 Crs C into Fe

Pt-Au .. .. .. Pt 2+78 Au 2-88 Pt into Au
Ni-Cu .. .. .. Ni 248 Cu 2'54 Ni into Cu
Ni-Au .. .. .. Ni 248 Au 2-88 Ni into Au
Cu-Al .. .. .. Cu 2-'54 Al 2-86 Cu into Al

® In column 3 the first mentioned metal is of course present in dilute solution

The constancy of Q /T, in these cases is very interesting, but is by no
means universal, as can be seen by examination of the data for lead
and silver (Tables III and IV). Q actually decreases with increase in
T,, for the alloys of lead.

There is a more regular correlation between rates of diffusion and
the melting point of the solvent, for usually the diffusion rate for any
given solute atom is smaller the greater the melting point of the solvent
in which it is diffusing, although this is not invariably so. In some
cases there is a close proportionality between Q and T, with the ratio
Q /T, equal to about 21.
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This is very nearly equal to the ratio Q /T,, (solute) obtained in
Table VIII for the activation energies of different solutes diffusing in

the same solvent. This

Table VIII equality is rather re-
The Solute Values of Q [T, for Diffusion in Gold markable. Seithl1®

states that Q /T, (sol-

Solute MP(T,)°K | QTn  yent) =~ 21 is only

Cu diffusing in Au .. 1,356 202 true for transition

Pd diffusing in Au.. o 1,826 20°5 metals and metals of
Pt diffusing in Au .. . 2,047 1g-o

the copper group, but

the rule is more res-
tricted even than that for it requires that the activation energies for a
series of elements diffusing in the same element be equal, and this is not
true for copper, palla-

dium, and platinum Table IX
diffusing in gold, for  The Solvent Values of Q /T, for Various Systems
example.

On the basis Of S_y:tem M.P. ofSolumt (Tm) °K Q/Tm
Lindemann’s theoryof c imaun.. .. 1,335 20°5
melting,!?? Braune!?® CuinNi .. .. 1,728 206
and Van Liempti24 MoinW.. .. 3,743 21'3

. . AuinAg .. .. 1,233 21°§
have derived arelation
between the activation

energy and the melting point of the diffusing system
Q = 3b62RT,, . ... (70)

where R is the gas constant and 52 a constant which varies from metal
to metal but is usually ~ 2. Equation 70 gives values of Q which,
while of the correct order of magnitude, are usually much lower than
the observed values.

At any one temperature the rate of self diffusion in a metal is generally
smaller the higher its melting point. Johnson!°? has pointed out that
the activation energy for self diffusion is fairly closely proportional to
the melting point temperature 7T,, and to the sublimation energy E,
and Table X shows the extent to which these proportionalities hold.

Q[T ., is fairly close to the mean value of 38 and Q/E to the mean
value of 0-64 for all the cubic metals considered (except y iron) and for
one of the two Q values (corresponding to the two crystallographic
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directions) for the non-cubic metals Zn and Bi. Itis, however, impossible
to tell, as Johnson and also Steigman, Shockley and Nix® concluded,
to which of the two quantities, T, or E, Q is the more closely related.
It would help, of course, if there were better agreement between the
values of Q measured for the same metal by different observers.

Table X. Johnson’s1%7 and Additional Figures showing the Proportionality of
Activation Energy to Melting Point and Sublimation Energy

Metal Q (keal) T,,°K E Q/T, Q|E | Reference
Cu .. 57°2 42 070 65
614 1.256 812 45 076 103
Polycryst. .. .. 451 35 33 0'56 } -
Single cryst. .. . 490 36 060
Au .. .. . 510 38 055 106
629 1,336 92°0 47 068 104
530 40 058 132
Pb .. .. .. 28-05 600 475 47 0°'59 —
Ag .. .. .. 459 1,234 68-0 37 0-68 107
Fea .. .. .. 77°2 418 — 131
Yy .. .. 480 } 1,800 - { 26-0 — —
Bi perp. to ¢ axis .. 310 57 0°65
par. to ¢ axis .. 140 } 544 478 { 257 2'92 } 8
Zn perp. to ¢ axis .. 31°0 45 113
par. toc axis .. 20°4 } 693 274 { 29 0°74 } 9
Mean value (cubic metals) .. . — — 38 064 —

Finally, a most interesting observation, well illustrated in the above
tables of data for diffusion in lead, gold, silver, copper, is that the
activation energy for diffusion of any metal A in dilute solution in
another metal B is always less than the activation energy for self
diffusion in B, and usually the more so the more dissimilar the two
metals A and B.

Johnson!2% has pointed out that this observation is at variance
with the predictions of the simple hole mechanism that we have
described above. The diffusion coefficient for such a process we found
to be:

D = Ce~EatURT — ¢ e —QuRT e (1)
where C is a constant and Q the activation energy is the sum of E,,
the activation energy required for a solute atom A4 to move into a hole
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and U, the energy of formation of the hole in the lattice. For self
diffusion E = E, and

Dy = Ce~®+UWIRT — C e ~QRT  (79)

Johnson explains that this process leading to equations 71 and 72 is
really only valid for self diffusing systems or for systems in which £, > E,,
for only then are the successive migrations of any particular solute atom
independent of one another. But this requires that Q , > Q, which is
a result not found experimentally. The case £, > E, is then of no
practical importance. When E, < E, an A atom will be more likely
than a B atom to move into an adjacent hole, so that an A atom will
interchange position with an adjacent hole a number of times before
the hole moves away again by exchanging with the B atom. The
successive moves of A atoms will not now be independent as assumed in
deriving equation 71, so that the latter is no longer valid. Furthermore
the rate of diffusion of A atoms is limited by the rate at which holes
diffuse to them through the solvent lattice of B atoms. This is a rate
which is proportional to the number of holes and to their diffusion
coefficient and is therefore controlled by the activation energy Q , so
that the activation energy for the diffusion of A atoms can never be
less than Q, even when E, = 0.

We must then either postulate another mechanism as responsible for
the observed diffusions, or if we wish to retain the concept of holes as
responsible for diffusion, modify considerably the simple mechanism
we have described.

In pursuance of this second alternative Johnson suggests that in
certain circumstances a hole and a solute atom might form a relatively
stable hole-atom ‘molecule’ and that the predominant mechanism of
diffusion is now the random migration of these ‘molecules’ through
the lattice by the rotation of the hole about the solute atom in the
manner of Figure 17 with the solute atom no longer having to wait
for a hole to diffuse to it from the body of the solvent lattice. He
derives an approximate relation for the coefficient of diffusion by
such a mechanism, which is of the form:

D=Ce —(W+S8)/RT __ Ce —Q®/RT

where W is the energy required to form a hole adjacent to a solute
atom and S is the activation energy to move a solvent atom into an
adjacent hole when this is adjacent also to a solute atom. Since W and
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Figure 17. Fohnson’s diffusion model

$ are no longer directly related to E,, E,, or U, there is no limitation
placed on the value of Q* and it is quite reasonable to have a value of
Q* less than Q,. This process has also been discussed in more detail
by WyLLIE, 128
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metallic diffusion in 329
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eutectoid composition 240
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Cobalt in steel, effect on austenite range 239
diffusion of carbon 329
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structure 135
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structure of 33
equilibrium diagram 57, 16
metallic diffusion in 366, 368, 372
Copper-aluminium-nickel alloys 60
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boundary precipitation in 160
metallic diffusion in 366, 368
Copper-iron alloys 184, 212
Copper-nickel alloys, metallic diffusion in 365, 372
recrystallization textures 204
Copper-nickel-tin alloys 61
Copper-phosphorus alloys, ageing 184
Copper-silicon alloys, metallic diffusion in 366, 368
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Copper-silver alloys, ageing 210
Copper-tin alloys, equilibrium diagram 57
metallic diffusion in 366, 368
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Copper-zinc alloys (see also Brass), equilibrium diagram 57

metallic diffusion in 366, 368, 372

Corrosion. See Intercrystalline corrosion
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quenching 237, 267, 277
welding 267
Creep, fracture in 141
importance of crystal boundaries 141
intercrystalline fissures in 142
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torsional, under constant stress 144, 145
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diffusion at 157
energy of 127, 136, 155, 157
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fatigue, effect of 134
fracture at 141, 150
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movement (migration) 154 et seq.
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thermal fluctuations, effect of 149, 160
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Crystals, boundaries of. See Crystal boundaries
columnar, formation 128, 129
equiaxial, formation 128, 129
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nuclei for 124
stimulated 114
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plastic strain 106, 107
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single, yield strength of 138
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interpretation 321 et seq.
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‘hole’ or ‘vacancy’ 336 et seg.
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in cold-rolled copper and brass strip 290, 291
drawn copper wire 291
hot worked or extruded aluminium 292
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on slip planes 87, 91
strain energy of 85, 87
strength 8o, 83
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assemblies 92 et seq., 106, 107, 110
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compound 8o
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density 82
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cold worked state 104, 105, 110
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dissolution 110, 112, 113
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effect of thermal fluctuations 107, 108, 119, 123
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relation to ageing and annealing 110 ef seq., 195
interaction 85 et seq.
energy 85, 86, 94
forces 111
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origin 123, 124
positive and negative 79, 85, 103
properties 80 et seq.
mobility (movement) 80 et seq., 90, 102, 112
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screw 79, 8o, 83, 93, 100, 101, 136
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self energies 85, 86
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compound 8o
edge 77, 79, 80, 82, 85, 93, 95, 96, 100
positive and negative 79, 85, 103
screw 79, 8o, 83, 93, 100, 101, 136
width go, 91
Drawing, preferred orientation after 285, 286
Ductility of annealed strip, directional values for 302
effect of ageing on 187
Duralumin, ageing of. See Ageing and Age hardening
preferred orientation after drawing 285

Dynamic rigidity 144-147

EvLasTIC anisotropy in body-centred cubic structures 30
Electrical resistance, effect of ageing 170, 171, 176, 180, 187, 193 et seq., 199,
201 et seq., 224, 226
Electrochemical character and electron compound formation 17
solid solution formation 3, 4
effect on solubility in magnesium 10
factor in solid solutions (high valency solvent) 12
Electron absorption in alloys of the transition metals 49, 53
Electron/atom ratio, effect on solubility of zinc and silver in aluminium 12
in aluminium and transition metal compounds 49, 51
copper-aluminium-nickel alloys 19
nickel-aluminium alloys 18
saturated solutions in copper and silver 5, 10
magnesium 11, 12
relationship to homogeneity 16
phase structure 15 et seq.
fluorspar type 43
Laves phase type 36, 37
nickel-arsenide type 40
zinc blende type 44
wurtzite type 44 et seq.
significance in solid solution formation 4 ef seq., 9 et seq.
Electron band theory 45
in alloys of transition and high valency metals 53
Electron compounds, definition 13
in system silver-zinc-antimony 58
types, electron/atom ratio 3 : 2 13
7:14 21,15
21:13 15,19
beta brass (B.C.C.) 15
eta brass (F.C.C.) 21, 22
gamma brass 21
Electron concentration and axial ratio for magnesium alloys 69, 70
Electron distribution in transition metals 46 et seq.
Electron kinetics 23
Electronic theory of alloys 1, 23 et seq.
Electronic structure of transition metals 45
Electrostatic forces and shear resistance in lattices 67
Elongation, effect of ageing on. See Ductility
Equicohesive temperature 133
Eutectoid temperature, effect of size factor in ternary systems 57
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Face-centred cubic structure, dependence on atomic size 32
development of rolling texture in 287 et seq.
of aluminium 71
recrystallization texture in 294
Fatigue, changes on slip planes during 133
cracking in steel forgings 236
Ferrite 235, 240, 241, 247
Fissures, intercrystalline 142, 143, 150
Fluorspar structure 42
Fractional time theory for transformations in steels 260
Fracture, intercrystalline 132, 141
transcrystalline 131, 132, 141
Free energy curves for ternary alloys 59, 60
determination of equilibrium 59
principles of alloy formation 3, 4
Full zone compounds 44

GamMA loop 239
Gayler theory of ageing 223 et seq.
wave mechanical interpretation 194

Glide. See Slip
Gold, metallic diffusion in 369, 371-374

recrystallization texture in 293

self-diffusion in 359
Gold-copper alloys, metallic diffusion in 336, 358, 373
Gold-nickel alloys, metallic diffusion in 308, 315, 364, 365, 371, 372
Gold-palladium alloys, metallic diffusion in 308, 315, 336, 364, 365, 371, 373
Gold-platinum alloys, metallic diffusion in 308, 315, 336, 364, 365, 371-373
Grain boundaries. See Crystal boundaries
Grain growth. See Crystals
Grains, See Crystals
Guinier-Preston zones of ageing theory 204 et seq., 211 et s2q., 230, 231

HARDENABILITY, bainitic 275, 276
bands 248
critical diameter, a measure of 242, 244
effect of alloying elements 268 et seq.
grain size 268, 275
segregation 253
ideal critical diameter, a measure of 246, 249, 268-270
Jominy end quench test for measuring 247 et seq.
measurement of, critical diameter, a basis for 242, 244
early methods 245, 246
ideal critical diameter, a basis for 246, 249,
268-270
in deep hardening steels 257 et seq.
in shallow hardening steels 256 et seq.
Jominy end quench test for 247 et seq.
Shepherd test for 256, 257
transformation data, a basis for 257 et seq.
pearlitic 276
Shepherd test for measuring 256, 257
systematizing of, data for 267 et seq.
transformation data, a basis for measuring 257 et seq.
variations of in bars and billets 251 ef seg.
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SUBJECT INDEX

Hardening, age. Sec Age hardening
of steels 235 et seq.
critical cooling rate 242
of hyper-eutectoid composition 235
mechanical properties after 262 et seq.
precipitation. See Precipitation hardening
strain. See Strain hardening
thermal 111
Heteropolarity of nickel-arsenide structure 39, 41
Homogeneity, effect on phase structure of electron compounds 17
range for aluminium-magnesium-copper system 51
-nickel system 51
-zinc system 51
nickel-arsenide type structure 39
silver alloys, relationship to size factor in 58

IDEAL critical diameter 240, 249, 268-270
Indium, effect on diffusion of silver into thallium 331
Interatomic distance, measure of atomic size 2
Intercrystalline attack 158, 160
of beta-brass by mercury 158
corrosion 157
on ageing 201
cracks (fissures) 142, 150
fracture 132, 141
-penetration 158
stress corrosion of silver-gold alloys 158
Intermediate transformations in steels 236, 237, 248, 258, 259, 263-265, 267,
Intermetallic compounds, CuAl, structure type 33 [273-275
Cu,lIn, structure of 41
fluorspar structure type 43
Laves phase types 34 et seq.
Ni;In, structure of 41
ternary alloys, formation in 54
Interpenetrating lattice, formation of on ageing 179
Internal friction 111, 131, 144, 145, 147
Internal stresses and the theory of dislocations 82, 102
Interstitial metal/non-metal compounds 32
Ionic crystals, diffusion in 315
interaction in alloy formation g
size and solid solution formation 3, g
Iron, blue-brittleness of g7
deformation at elevated temperatures 132
diffusion of carbon in 309-311, 322, 323, 349, 364, 368, 374
» effect of other metals on 328-330
effect on ageing of aluminium-copper alloys 181
lattice structure 238
solubility of added elements in 239
strain ageing 98, 110, 111
thermal etching 152
yield point 98
Iron-nickel alloys, recrystallization textures in 300
Iron-nickel-copper alloys, recrystallization textures in 294
Iron-tungsten alloys, age-hardening 210
Isomorphy of intermetallic compounds 38, 39, 49
Isothermal transformations in steels 237, 257—261, 267, 275
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SUBJECT INDEX

JEFFRIES-ARCHER slip interference theory of ageing 169, 179
Jominy end quench test for measuring hardenability 247 et seq.

KEvING action on slip planes in ageing 169
Kirkendall effect 315
Knot theory of ageing 178 et seq., 187, 189, 195, 196, 201

LATTICE alteration theory of ageing (Rohner) 226 et seq.
changes on ageing 168 et seq., 173, 174, 176 et.seq., 181, 184, 186, 190,
dislocations. See Dislocations [195, 201, 203, 213, 224, 230, 231
distortion, effect of solute valency 62, 63, 65, 66, 69, 71
volume 64, 65
factor in solid solution formation 5
in aluminium alloys 71 ef seq.
copper, silver and gold alloys 62 et seq.
magnesium alloys 67 et seq., 73
ternary alloys 55
Vegard’s additivity law 61, 62, 73
elastic strains in 136
parameter, effect of ageing on 184, 185, 187, 201, 202, 224
in ternary alloys 355
rotation in cold working 105
spacings of alloys 61 et seq.
, calculation of 61, 62
aluminium alloys 71 ef seq.
copper, silver and gold alloys 61 et seq.
magnesium alloys 67 et seq.
transitional. See Crystal boundaries, theories of
Laves phases (AB;) 34 et seq.
factors controlling structure of 36
Lead creep, rotation of crystals 142
crystal boundaries of 129
metallic diffusion in 306, 365, 370, 372, 374
self-diffusion in 359
Lead-antimony alloys, crystal boundaries 134

MaAcnNEstuM, alloys, lattice distortion 67 et seq.
Brillouin zones of 27, 67 et seq.
close-packed hexagonal structure 27
effect on ageing rate of aluminium-copper alloys 181
solid solutions in 10
Magnesium-copper compound MgCu,. See Laves phases
Magnesium-nickel compound MgNi,. Se¢ Laves phases
Magnesium-silicide, effect on ageing 167, 168, 171, 172, 175, 182
Magnesium-zinc compound MgZn,. See Laves phases
Manganese in iron, effect on carbon diffusion 329
steel, effect on austenite range 338
bainite formation 275, 276
eutectoid composition 240
hardenability 268-271, 274, 276
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SUBJECT INDEX

Manganese-molybdenum steels, properties of, 263-266
Martempering 267
Martensite, formation 236, 237
structure 238, 239
Mechanical properties, directionality in annealed strip 301, 303, 304
Mercury-lead alloys, diffusion in 330, 357
Microstructural investigation of ageing 166, 167, 204 et seq., 216 et seq., 225
Mobilities of components in diffusing systems 314, 316, 321, 322, 325, 330-335
Molybdenum in iron, effect on carbon diffusion 329
steel, effect on austenite range 239
bainite formation 275
eutectoid composition 240
hardenability 271
Mosaic blocks (structure) and metallic diffusion 330, 340
theory of dislocations 92, 106, 136

NICKEL in iron, effect on carbon diffusion 329
steel, effect on austenite range 239
bainite formation 275, 276
eutectoid composition 240
hardenability 268, 270, 271, 276
recrystallization texture in 294
Nickel-aluminium alloys, electron/atom ratio importance 18, 19
Nickel-arsenide structure, (type AB)
relationship to other types 41
Nickel-chromium steels, fatigue strength 241, 264, 273, 276
hardenability 276
maximum transformation velocity 272, 273
Nickel-chromium-molybdenum steels, fatigue strength 264
hardenability 276
isothermal transformations 259, 260
Nickel-chromium-molybdenum-vanadium steels, intermediate transformations
Nickel-copper alloys, metallic diffusion in 308, 329, 358, 364, 365, 368, 373
Nickel-gold alloys, metallic diffusion in 321
Nickel-indium compound, structure of 41
Nickel-iron alloys, recrystallization texture in 294
Nickel-molybdenum steels, fatigue strength 264
Nitrogen in steel, effect on austenite range 239
Nucleation theory (Volmer and Weber) 208, 209
Nuclei, crystal growth around 124, 127
recrystallization centres, effect as 113 et seq.
solidification around 127

ORIENTATION—see Preferred orientation
Overageing 114, 118

PAuLING’s theory of the transition metals 46
Pearlite 236, 244, 258, 259, 273

Pearlitic hardenability 275, 276

Phosphorus in steel, effect on austenite range 239
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SUBJECT INDEX

Planck’s constant 23
Plastic deformation and the theory of dislocations 77 et seq.
effect on ageing 181, 188, 196 et segq.
preferred orientation after 284
Platinum, metallic diffusion in 373
Polishing, surface flow on 130
Polygonization 94, 111
Precipitation ageing theory 166, 167, 172 ef seq., 185, 187
at crystal boundaries 158, 160
hardening and the dislocation theory 114 et seq.
mechanism in ageing 168, 208 et seq. :
Preferred orientation in non-ferrous metals 281 et seq.
annealed material 292 ef seq.
copper-base alloy, cold rolled strip 285 et seq.
castings 283
drawn wire 284, 285
electrodeposits 283
anisotropy after 289, 292
causes 281
occurrence 283
plastic deformation after 284
progressive development of 288, 289
Xx-ray investigation of 281 ef seq.

QUuUENCHING cracking 237, 267, 277
effect on ageing 163, 164, 196 et seq.
intensity 243
stages 244

RECOVERY after annealing 110

Recrystallization 111, 113, 114, 129, 133
development 204 et seq.
in annealed wire and strip 293
textures 292 ef seq.

Relative valency effect 12

Relaxation. See Stress relaxation

Resoftening 114, 118

Retrogression effects on ageing 177, 193, 220, 226

Rigidity. See Dynamic rigidity

Rohner’s theory of ageing 226 et seq.

Rolling texture, theory 288 et seq.

ScaLing 314
Schottky lattice defects 337 et seq.
S-curves, and hardenability 258, 259
determination 257
effect of carbide formers on 275
for nickel-chromium-molybdenum steel (Eni1o) 259
Season cracking 132
Segregate zone theory of ageing 182
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SUBJECT INDEX

Segregation, effect on hardenability 253
Shepherd hardenability test 256, 257
Silicon in steel, effects on austenite range 239
bainite formation 275
hardenability 268
Silicon-iron, recrystallization texture 300
Silver, metallic diffusion in 365, 369, 371-374
self-diffusion 359
thermal etching 152, 154
Silver alloys, metallic diffusion in 315, 326, 327, 365, 371-373
Silver-cadmium-antimony system 61
Silver-copper alloys, ageing 196
Silver-gold alloys, intercrystalline stress corrosion 158
metallic diffusion in 371, 373
Silver-thallium antifriction alloys, metallic diffusion in 330
Silver-zinc alloys, metallic diffusion in 315
Silver-zinc-antimony alloys, ageing 57, 58, 61
Single crystals, yield strength 138
Size factor, effect on eutectoid temperature in ternary systems 57
phase structure of electron compounds 15
solid solubility 2, 5, 6, 9
in high valency metals 12
in magnesium 10
Slip (glide), activation energy for nucleating 109
bands, formation of and the theory of dislocations g8 et seq., 107, 124
near crystal boundaries 132
changes in strain energy in crystals, due to 108, 109
crystal boundary 143, 147, 148, 150
dislocations, in relation to 77 et seq.
interference theory of ageing (Jeffries and Archer) 169, 179
internal friction opposing 131
planes, changes on in fatigue 133
keying action on ageing 169, 178
precipitation on 97
resistance on ageing 178
Sodium-thallium structure 32
Solid solubility, low value for gold, explanation 8, g
of copper in aluminium and age-hardening 165, 166
relationship to valency 4 et seq., 10 et seq.
Solid solutions, formation of in relation to electrochemical character 3, 4
electron/atom ration 4
ionic size 3,9
valency 4 ef seq., 10 et seq.
in aluminium 8, 12
cadmium 12
copper, gold, and silver 2 ef seq.
magnesium 10
zinc 7, 12
Solute valency, effect on phase structure of electron compounds 17
solid solubility 6, 7
Steel, austempering 237, 267
austenite 235, 238-241
bainite 275, 276
bainitic hardenability 275, 276
cracking in, fatigue 236
quench 237, 267, 277
weld 267
effects of aluminium 239, 272
chromium 239; 240, 264, 268, 269, 271-276
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SUBJECT INDEX

Steel, effects of cobalt 239, 268, 271, 272, 330
copper 239, 275, 331
manganese 239, 240, 268-272, 274-276
molybdenum 239, 240, 271, 272, 275
nickel 239—241, 259, 260, 264, 268, 270-276
nitrogen 239
phosphorus 239
silicon 239, 268, 275
sulphur 271
titanium 239, 249, 270
tungsten 239, 240
vanadium 271, 272
ferrite 235, 240, 241, 247
hardenability. See Hardenability
hardening. Se¢e Hardening
hyper-eutectoid 235
martempering 267
martensite 236—239
mechanical properties after incomplete hardening 262 et seq.
pearlite 244, 258, 259, 273
pearlitic hardenability 275, 276
quenching 237, 242 et seq., 247 et seq., 267, 277
strain ageing g8
tempering 237, 262 et seq.
transformations. See Transformations
welding, cracking 267
vield point g8
Strain ageing g8, 110
Strain hardening during ageing 195
exhaustion 102, 103
structural 102 et seq., 123
Stress relaxation 144, 146, 147
Stress-strain curves for cubic structure metals 106
Strip manufacture, importance of anisotropy 301
Structural strain hardening and the theory of dislocations 102 et seq., 123
Substitutional intermetallic compounds 32
Sub-zero ageing 166
Sulphur in steel, effect on hardenability 271
Supercooling, effect on crystallization 128
Surface effects in relation to crystal boundaries 152 ef seq.
Surface migration of atoms 154
Surface tension forces and ageing 168
Swaging, preferred orientation after 284

TARNISHING 315
Tempering of steel, effect on mechanical properties 237, 262 et seq.
Tensile strength, effect of ageing 164, 182, 184
Ternary alloys, effect of compound formation 54

electron/atom ratio, influence of 56

cutectoid temperature and size factor relationship 57

lattice distortion 55

metallic diffusion in 326 et seq.

equilibrium 54
Tetrahedral structures in Laves phases
zinc blende and wurtzite 44

Thermal etching of metals 152 et seq.
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SUBJECT INDEX

Thermal hardening in cadmium and zinc 111
Thermal softening, and the theory of dislocations 111 e seq.
Theta phase in aluminium-copper alloys 185 et seg.
Three stage theory of ageing 201 et seq.
Tin, creep, micro- g7
rotation of crystals in 142
crystal boundaries, angles between 154, 155
formation of 129
melting of 150, 151
shear of 147
Titanium in iron, effect on diffusion of carbon 331
steel, effect on austenite range 239
hardenability 249, 270
Torsional creep 144, 145
Torsion, anelastic eflfects in 144
Transcrystalline fractures 131, 132, 141
Transformations in steel, continuous cooling, on 259 et seq.
fractional time theory of 260
intermediate 236, 237, 248, 258, 259, 263-267%, 273-275
isothermal 237, 257-261, 267, 275
velocity of 258, 259, 272-274
Transitional lattice theory of crystal boundaries 134, 137, 141, 151, 155-157, 160
Transition metals, alloys with high valency metals 53
behaviour in aluminium alloys 45
electron distribution 48
Nickel-arsenide structure with electronegative elements 39, 45
Tungsten in iron, effect on diffusion of carbon 329
steel, effect on austenite range 239
eutectoid composition 240
metallic diffusion in 357, 363, 373
thermal etching 153
Twin crystals, boundaries of 151, 160
Two stage theory of ageing 189, 190

VALENCY, definition 1

effects in copper, gold and silver alloys 62

solid solubility, relationship to 4 et seq., 10 et seq.
Vanadium in steel, effect on hardenability 271, 272
Vegard’s additivity law 61, 73

WAVE mechanical interpretation of Gayler ageing theory 194, 195
Welding, cold 306
cracking in 267
Widmanstatten mechanisms 199
Wire drawing, preferred orientation after 284, 285
Wurtzite structure 44

YIiELD point of iron g8
Yield strength, effect of ageing 187, 195
crystal boundaries 138
in relation to dislocation theory 102, 105, 111, 118
precipitation hardening 114, 118
Young’s modulus, directionality in annealed strip 302
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SUBJECT INDEX

Z1ING, anelastic effects 111
creep 121
crystal boundaries 129
crystallite transition surfaces g5
metallic diffusion 307, 372, 374
self-diffusion 344, 359
solid solutions 7, 12
thermal etching 152
thermal hardening 159

Zinc blende structure 44

Zinc-copper alloys, compositions of crystal boundaries in 159
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